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ABSTRACT

IN 738, like other precipitation strengthened niekated superalloys that contain astahtial
amount of Al and Tj is very difficult to weld by fusion welding technigsiedue to itshigh
susceptibility tofusion zone andheat affected zone (HAZ) intergranular liquation cracking. In
order to improve the weldability of these superalloysawss reducng the HAZ cracking,
proper welding process and/or microstructural modification of the material is very important.
The microstructural modification can @hieved through the use of preld thermal treatment

processing.

A new preweld heat treatment dgsated as EasibleUniversity of Manitoba heat treatment
(FUMT) was developed recently for IN 738 superahl@yich involves isothermally heating at
112@C for 16 hrs followed by furnace cooling (FC).Has been reported to have about 70%
reduction in theHAZ intergranular cracking compared to existing-preld heat treatments. The
weldability of the alloyin FUMT condition previouslywas evaluated using lasarc hybrid
welding (LAHW), which is a relativgl new welding proces$iowever, manyndustries ag still

using the common laser welding technology for repair of failed components which has been
proven, tested and confirmed. Therefore, the research described sn thma st er Gos t hes
study the laser weldability improvement of the alloy which hadengone the FUM®&Nd the
results were compared to existing{veld heat treatments such as solution heat treatment (SHT)
and University of Manitoba heat treatment (UMTR) addition to study the laser weldability of

the alloythe thermomechanical fatig&MF) behavior of the welded alloy was investigated

understand the mechanical response of the alloy welded in FUMT condition

The result obtained showed that there is significant reduction of about 70%, in the HAZ

intergranular cracking in the materimeated with FUMT compared to existing peeld heat
ii



treatment both in the aselded and after post weld heat treatment conditionscddting hot
ductility test performed using Gleeble 15Ddhermomechanical simulation system revealed that
FUMT materiat had better ductility and ductility recovery when cooled from elevated
temperature This performance was related to the higher onset of liquation temperature of
FUMT material compared to existing heat treatmesta result of the absent of borides, whic

is known as a major contributor to liquation in the alloy. Contrary to what has been reported in
the literdure, thecracking of the alloy welded in FUMT is reduced with increasing welding
speed. It was also found that the performance of FUMT matesialstidependent on size. This

is especially important in the heat treating of industrial aerospace components that are large in

size without compromising their performance.

The results from the TMF tests showed that at higher mechanical strain rangasntier of

TMF cycles of the samples of the alloy welded in FUMT condition is comparable to samples
without weld, while welded samples of the alloy in FUMT condition has a higher TMF life than
those without weld at lower strain ranges. This shows that ¢liding of IN 738 superalloy with

the FUMT does not degrade the TMF performance of the allagystematic experimentas

used to investigate the role of grdioundaries during #phase TMF, keeping chemistry and
microstructurefixed and varying grain stricture. It was foundthat the presence of grain

boundaries is aiding damage mechanisms duriphase TMF.
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CHAPTER 1. INTRODUCTION

1.1 Background Information

IN 738 is a nickebased superalloy primarily used in the production of hot section components

in aerospace and land based gas turbine components because of its excellent high temperature
strength and corrosion resste. This strength is derived from the precipitation of an ordered
intermetallic Ni(Al, Ti) phase that contains high concentrations of aluminum (Al) and titanium
(Ti). This strengthening phase, generally cal
of gamma ) matri x. Thi s superall oy has t hr
polycrystalline, single crystal and directionally solidified (DS). The development of this special

class of alloys is motivated by the need to improve the efficiency, life and safety of gas turbines.
Gas turbine components are often subjected to transient dptdinresults from a large number

of startup, shutdown and load changes induced by the daily demand of operations in a hostile

environmental condition. Hence, superior thermal and mechanical resistance is required.

With the requirements for higher efiénicy in aeroengines and power generating plants, the
component made of IN 738 subjected to increasingly more severe stress and hostile conditions,
thus leading to more rapid damage and degradation of components in service. This can then lead
to eithercomplete replacement or repair of the damaged components. The cost incurred in
replacing damaged components with new ones is high; hence, economic considerations always
favor repair. Industries often employ welding during the repair of these aerospaceneotsp

Laser welding is one such method of welding which has several advantages over other
conventional welding processes used in joining nickel based superalloys. Some of these

advantages include the use of higher welding speed, lower installation ramidgrcost, high



depth to width ratioof the weld flexibility and capacity to weld complex geometries, thus
leading to process automation. In addition, laser welding is a low heat input welding process,

hence producing smaller heat affected zone (HAZpreg

Despite the numerous advantages of laser welding over conventional welding of precipitate
hardened nickel based superalloys, like IN 738, one of the major drawbacks is the susceptibility
of the welded component to HAZ liquation cracking during wejdirhis may consequently lead

to several postveld micro cracks on the repaired component, which may lead to poor
performance in service. In order to mitigate this occurrence, severalefteheat treatments

have been developed. The most common of thefieei standard solution heat treatment (SHT)
which involves isothermally heating the sample at 2@2fbr 2 hrs followed by air cooling

(AC). This, however, does not reduce the quantity and size of thevpltbtracks observed on

the components. Recently,new preweld treatment tagged the Feasible University of Manitoba
heat treatment (FUMT) which involves isothermally heating at %136r 16 hrs followed by
furnace cooling (FC) was developed in our research group which has been reported to
significantly reduce postveld cracks. The weldability of IN 738 through the use of the newly
developed praveld heat treatment, FUMT, has been studied by using-d&aserybrid welding
(LAHW), an emerging welding technology. By welding the alloy through the use BViLAvith

the FUMT, as much as 70% in the reduction of HAZ cracking has been reported, compared to

the commonly used preeld heat treatment of SHI].

From a thermodynamic point of view, irrespective of the type, the efficiency of heat engines is
directly proportional to temperature of operatidnspower generation turbines, reduction in fuel
consumption, lower operating cost and pollution are as a result of increases in operating
temperatures. Greater ranges of operations are also possible in the aeroengine turbines by

2



increasing the operatingerhperature, which will produce improved performance inclydin
greater speed and combinatioh heavier payloads. As is the case for the power generation
turbines, reduced fuel consumption, pollution and costs are important results. On the other hand,
highe operating temperatures may lead to some additional problems. Moving parts of all engines
are constantly experiencing cyclic loading during operation. At elevated temperatures in the
power generation and aeroengine turbines, not only is there cycliadpéuit also based on the

strain rates and hold times, tirdependent damage phenomenon such as creep, environmental
attack and cyclic fatigue become importf2jt Therefore, a gabunderstanding of how welded
aeroengine components respond to the simultaneous application of mechanical and thermal
strains with the presence of varying stresses is crucial in averting subsequent damage and

failures.

1.2 The Problem and the Research Object®

1.2.1 The Problem

It has been stated in the previous section that welding IN 738 by using LAHW with the newly
developed praveld heat treatment, FUMT results in extensive reduction in the HAZ
intergranular cracking. However, LAHW is an emerging welding tedgythat has not been

fully integrated into production, manufacturing, fabrication and repair lines of many industries.
Many industries are still using the common laser welding technology for repair of failed
components which has been proven, tested amfirc®d. Therefore, studies on the laser
weldability improvement of IN 738 by using the new jareld heat treatment, FUMT, are
deemed necessary to understand the microstructure development and carry out successful

industrial applications.



In addition, thehermomechanical fatigue (TMF) behavior of IN 738 repaired components in the
new preweld heat treatment condition, FUMT, has not been previously reported. TMF refers to
the process of fatigue damage under simultaneous changes in temperature and rhechanica
strains. Fatigue damage at high temperatures develops as a result of inelastic deformation where
the strains are nonrecoverable. It is therefore imperative to perform TMF testing on IN 738
welded in the new preveld heat treatment condition, FUMT, in erdto determine whether a

reduction in the weld cracking can translate into better TMF performance.

1.2.2 Research Objective

The present research was performed to achieve the following objective.

To study the laser weldability improvement of IN 738 nielk@sedsuperalloy with a new pre
weld heat treatment and the effect of the new heat treatment on the TMF performance of the

alloy

1.3 Research Methodology

The following research methods have been employed to actualize the stated objective.

1. The microstructure of vasus materials used in this research was studied bngut
representative specimeusing electredischarge machining. The samples, before and
after TMF failure were prepared by using standard metallographic procedures.

2. The microstructure of the materiadfiore welding was modified by applying different
preweld heat treatments and examined through the use of established metallurgical
approaches.

3. Work pieces were laser welded (beadplate) by using the welding facility at

Standard Aero Limited, Winnipe@,anada.



4. Metallographic and fractographic characterizations were carried out by using optical
microscope (OM), scanning electron microscope (SEM), etc., to study the response of
the alloy to laser welding and to study the TMF failure mechanisms.

5. TMF testingof the welded alloy in the new preeld heat treatment as well as
unwelded alloy in the solution and aged conditions was done using a Gleeble
thermomechanical simulation system.

6. Microstructural simulation of the HAZ thermal cycle was carried out by uaing

Gleeble thermomechanical simulation system.

1.4 Summary of Major Findings

The laser weldability of IN 738 usinthe new preweld heat treatment (FUMT) condition was
studied. The process produced a high quality weld profileagisdich, resulted in about &%
reduction in weld cracking compared to already existingweidel heat treatments. This is
consistent with the results previously reported when the weldability of the alloy in the new pre

weld heat treatment (FUMT) was studied by using lasethybrid velding [1].

A contradiction in the behavian comparisonto what has been reported in the literature was
observed in terms of the relationship between crack susceptibility and laser welding speed (effect
of instability). Contrary to the reported literatuon the effect of welding speed (instability),
increase in the welding speed produces a weld of reduced cracking. For better and optimum laser
welding of the alloy in the newly developed preld heat treatment, FUMT, and to reduce the
effect of weld insbility, the laser welding must be carried out at higher welding speed. It has
been observed that higher the laser welding spessdilts alloy treated by using FUMT having

lower susceptibility to cracking.



Another important finding in this research wasttihe performance of IN 738 treated in the
FUMT condition does not depend on the size of the component. This result can be extremely
useful in heat treating industrial aerospace components that are larger in size, without

compromising their performance.

The welding of the alloy in the FUMT condition did not degrade its TMF performance, and at
higher mechanical strain ranges, the welded samples that had undergone FUMT had a
comparable performance to samples without weld. Also, at lower mechanical strgés,ran

welded samples that had undergone FUMT performed better than the unwelded samples.

1.5 Thesis Organization

This thesis consists of six chapters that are arranged as follows.

x Chapter 1 contains background information about the research, the research,proble
objective and methodology, and summary of the major findings.

x Chapter 2 is the literature review. It contains a review of the history and description of
superalloys, and microstructure of nickelsed superalloys. Welding and various types
of welding tehniques, weld defect, liquation cracking as well as some of the heat
treatments are discussed. Also, a general description and types of TMF tests as well
various damage mechanisms of TMF are discussed. The latter part of this chapter
contains the scope tiis research.

x Chapter 3 gives a detailed description of the experimental methods and equipment used
during this research. It also provides specifications for all processes and equipment.

x Chapter 4 is the result and discussion section. It is dividedsutisections. Section 4.1

provides a discussion on the microstructure of IN 738 in theasis condition. The



microstructure after undergoing various 4weld heat treatments is presented in Section
4.2. The welded material microstructure, including theedaveldability as well as the
effect of welding parameter is discussed in section 4.3. In section 4.4, the focus is mainly
on the effect of the new p#eeld heat treatment on the TMF behavior of the alloy.

x Chapter 5 provides an elaborated summary of thpmfindings and conclusions. The
main findings are arranged in a logical manner as presented in the subsections in Chapter
4,

x Chapter 6 contains some suggestions for future work.

References are provided at the end of the thesis.



CHAPTER 2. LITERATURE REV IEW

2.1 Review of the History and Description of Superalloys

In the human race, needs have been satisfied by developing equipment. It became apparent some
hundreds of years ago that, in order to do useful work, equipment efficiency is related to high
temperatees, and started with the power of the rising of warm air. This then led to
thermodynamic considerations, such as the Brayton cycle, a basic physical tenet which holds that
higher temperatures used (accompanied by lower heat rejection temperaturesmoneate
efficient operations. Then, the discovery of a material that could withstand high temperature

operations became the focal point.

The advancements in technology in the area of aerodynamic applications in the 1900s caused
mechanical designers to viewhat new materials were needed for higher temperature
applications. Since then, there has been a growth in related engineering technology which has
immense advantages with progress in jet propulsion and industrial turbine engines. The progress
has continuedvithout possibility of stopping to grasp of the capability of high temperature

alloys. This has led to the development of superalloys.

Sims[3] reported that in 1929, Bedford, Pilling, and Merica added small amounts of Ti and Al to

the already welk n o wn A 8 0 Aclerdmium alloyc khis Isuperalloy was later knows a
Nimonic 75. Superalloys were up and virtually synchronous with the jet engine paradigm due to
their creep strengthening properties. Despite this discovery, it was not until nearly 1940 that
Bradley and Taylor envisioned the existence of the tiny cohgrdna s e ( 2 o) in the

matrix that really provided the breakthrou@h.



Superalloys are metallic alloys which can be used at high temperatures, often in excess of 70%
of the absolute melting temperature. Creep and oxidation resistance are the prime design criteria.
The term "superalloy” was first used aftee gecond world war to describe a group of alkbnzd

were developed for turbo superchargers and aircraft turbine engines which required high
efficiency at elevated temperatures. The use of superalloys has broadened into many other areas
of application whth includes chemical and petroleum plants, aircraft and-basdd gas
turbines and rocket engines. These alloys retain most of their strength even after extended
exposure times above 650°C (1200°F), this is why they are suitable for these applicagans. Th
adaptability is derived from the fact that they combine this high strength with good surface
stability, and excellent Ilostemperature ductilifd)]. They are based onGroup

VIIIB elementsand usually consist of various combinations of chromium (Cr), nickel (Ni),
cobalt (Co), and iron (Fe) as well as lesser amounts of tungsten (W), molybdenum (Mo),
tantalum (Ta), niobium (Nb), Ti, and Al. The three major classes ofallpes are Ni, Fe, and
Co-based alloys. The high creep resistance exhibited by superalloys was thought to be due to
precipitation hardening (for a certain group of superalloy). This was later established by Taylor
and Floyd (195%) based on their workn phase diagrams [time of quantitative revolution in
metallurgy]: age hardening was due to an ordered intermetallic phasleaNd NiTi (or rather

Nigl Al , Ti) (2a)) dispersed in a more abundant

In order to compare the properties and rank the performance of an alloy, material scientists and
design engineers who work with heat resistant materials must determine thecaflok

processing methods and microstructural changes on high temperature bahaviors, high
temperature oxidation and corrosion to prevent various high temperature corrosion problems.

Special tests that assess for instance, thermal and thermomechanioa¢, fatigvated



temperature crack growth, cretgiigue interaction, creepupture data and designs for elevated
temperature applications and prevention of unrestrained oxidation are of great importance in this
aspect. The development of superalloys were Witk view to raise both reliability and
performance in service in gas turbine environmgsits

In this work, emphasis will be placed only on the nidi@ed superalloys which have found
extensive pplications and uses in various high temperature equipment where highly efficient
performance is required. Nickbhsed superalloys have found applications in turbine blades,
turbine discs, and turbocharger components in the aerospace industry. Thentgmui@s in
nicketbased superalloys are Al and/or Ti, with a cominencentration that is typically less

than 10 atomic percent. This produces a-plase equilibrium microstructure, which consists of
gamma ( 9) -parnidmeg a(mma) . Tstaree of thenaboy tb erdep deformation is
the presence of o', whi ch -tengperdtuserstgergthyfthe allsyp o n s i

[6] The temperature and chemical composition d

2.2 Solidification Classification of Nickel-based Superalloys

Nickel-based superalloys, like other forms of superalloys can be classified into three forms in
accordance with their solidification processing: equiaxed polycrystalline, single crystal and
directionally solidified (DS)yolycrystalline. Figure 2.gjives the schematic illustrations of these

three most prevalent classes of superalloys. The polycrystalline can either contain equiaxed or
columnar grains (in the case of DS processing). These classes of superalloys contaial chem
segregations. They are made by either powder metallurgy or investment casting. The presence of
2/ 9 grain boundaries in this class of alloy
temperatures due to damage caused by creep. Siygkalcsuperalloys, on the other hand, are
formed as a single crystal by using a modified version of DS processing, so there are no grain
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boundari es. The absence of 2/ 2 grain bounda
properties of single crystauperalloys. Each of these classes of superalloyspbedpto a

different part ofaeroengines, depending on the level of severity and hostility of the environment

to which the component is placed. Lower number of grain boundaries means better material

performance, especially at elevated temperatures where oxidation is almost certain to occur.

Processes that involve diffusion are greatly affected by decreasing the number of grains, and
therefore, the number of grain boundaries in turbine materials. Goamdaries are known to
promote diffusion processes especially those of oxygen at higher rates than the bulk of the
material. The differences that exist in the grain boundary diffusion lead to increases in creep rate
as well as processes, such as shortitidiffusion of oxygen leading to ngparabolic oxidation
kinetics[7]. Each of these classes of superalloys has found application in different sections of the
turbine due to their varying material properties delx@n on the temperature in the region of
interest in the turbine as well as turbine end e . The materi alshave cr yst
effectson the creep strength, thermal fatigue and corrosion resistance of superalloys

Polycrystalline superalloys arpredominantly used as rotor material because: (i) the rotor
experiences the lowest temperatures of all components in each turbine section, (ii) the centripetal
acceleration experienced at the rotor has far less magnitude than that experienced by the blades
(i) they have better high cycle fatigue properties, and (iv) they are less expensive to
manufacture.

DS superalloys are used as vane and blade materials where the temperatures experienced are far
higher than those at the disk. The DS alloys are useleise regions of the turbine due to the

decrease in the number of grain boundaries and their preferred alignment. Decrease in grain
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boundaries reduces diffusiwalated processes which in turn allow them to withstand higher
temperatures and centripetatalerations than polycrystalline.

The expensive nature of the casting of single crystal superalloys means that they are typically
used as vanes and blades in the hot sections of aero turbines where the turbomachinery is pushed
to extremes of the materiptopertied8], [9]. Single crystal superalloys are gradually being used

in several sectimss of turbine engine because of the elimination of grain boundaries. The
elimination of grain boundaries in the single crystals improves creep resistance and avoids

diffusion related processes which typically go through the grain boundaries.

2.3 Microstructure of Nickel-based Superalloys

The ascast base material is a mytthase alloy that contains several second phase particles
produced due to various casting variables. Also, complexities can arise as a result of the
processing route and the presence of tralegnents. The presence of the phases of these
constituents including gammaipme ( 2 ) , presents both benefici
performance of superalloys. IN 738, a widely used nickel based superalloy, contains in addition

to o2 phases other constituepty phdeesantiske bo
other terminal solidification microconstituents. Some of these constituent phases are discussed

next.
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Figure2-1: Solidification Classification of superalloys
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231Gamma (929) phase

The ontinuous matrix (called gamma) isfeeecentereecubic(fcc) nicketbased austenitic

phase that usually contains a high percentage of-solidion elements, such as Co, Cr, Mo, Al,

Ti and WI8]. Other constituents are dispersed in this phase. Due to its similar lattice parameters
with otherphases in the material, the matrix is often coherent with them if they are precipitated

in smaller sizes. This gamma phase has the ability to withstand severe temperatures because of
the high susceptibility of nickel for alloying without phase instabligcause its third electron

shell is almost filled10]. Basedon the quantity of Cr, it develops ¥, a protective scale

which reduces the diffusion rate of metallic elements outwards, and the inward movement of

elements such as oxygen, sulphur, nitrogen etc.
232Gamma prime (o2a) phase

Nickel-based superalloys rely on a synthesis of solid solution strengthening as well as
precipitation hardening mechanisms to contribute téghperature mechanical properties. Large

volume fractions of intermetallic phases, suchdse gamma (2qg) phase are
precipitation strengthening in nickbhsed superalloysThe gamma prime phase gNAI, Ti)]

present in these alloys forms a coherent barrier to dislocation movement and is a strengthening
precipitate of thelal oy . Chemi cal additions such as Al a
The morphol ogy of the o2a precipitates in thi
plates, short plates, doublets of short plates, octets of cubes, large platestadfts], [12].

The contribution to strength and creeptohe o2 phase is as result of
the dislocations movements, through different mechanisms. These are principally the formation

of stress fields which arise from coherency strains andpaase boundary energy associated

with the novement of dislocations through the precipitdied. The oa phase can ¢
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out of the 9 matri x, ei ther through aging af

castings through a temperature range of about®BA83C . Formation of the ¢
in the solid state asthesupers ur at ed sol i d solution of 9o phas
temperatur e. It wi | | initially nucl eat e I n ot
crystallographic orientation i {lélnTherefose| thet o t h

precipitation and the growth kinetics of the
the alloy is cooled through the solvus temperature. A typically fast cooling rate will precipitate a

uni modal di st r i bedof 3800 orh. Slbwemnceoling tatesiend th pramiote

the formation of bmo d a | di st r i bui5j Buring adlutiom treatrpehtathese
precipitates normally go into the solution at about the solvus temperature and upon cooling,
precipitate i n t[@a6 flonr na dodfi tsieocnon daarrygeaxra 2a ph.
on grain boundaries during cooling, aging or annealing processes.

The o2 phase size can be precisely controlled
Many superalloys undergo a two ppas heat tr eat ment which <create
particles known as the primary phase with a

between these, known as secondary gamma prime.

2.3.3 Carbides

The inclusion of carbon in amounts from 0.05 ta%09.2nd carbide producing elemestsch as

niobium andtantalumenables the precipitation of mainly,js, MC and MC type carbides in
superalloys. These carbide phases are unstable. They may experience transformations that
changes their size, morphology,datype under the influence of service temperature and time,
which influence the behavior of the alloy at elevated temperafdi§s The carbide phase

precipitates primarily affect the mechanical propertiesuperalloys. Like in most nickel based
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alloys, MC carbide precipitates are predominantly on the grain boundaries, although a few
carbides are formed within the grains. The precipitation of the carbide phase at the grain
boundaries can inhibit the slidingf the grain boundaries and improve the strength and creep
resistance of the superalloy at elevated temperatures. Some elements that could enhance phase
imbalance may be tied up by carbides during the stable phases during the treatment of the alloy
[18]. The properties of nickddased superalloys are significantly affected by the shapes of these
carbides. The shape change of;0% carbides along the grain boundaries from blocky to fine
globular particles leads to increase of temporamgeg resistance and improvement of the
plasticity of nickelbased superalloys by hindering grain boundary[4lf). In IN738, MC type
carbides are the most common type of carbide formed, which are heterogjgnaistributed
through the matrix. These types of carbides are known to decompose into other forms of carbides

as mentioned earlier according to the reaction given bglojv

06 100 6 [ 666666 (2.1)

Cr rich alloys like IN 738 may have MCs precipitating out of solid solution during heat
treatment or service exposure around *Z50These types of carbides have a globular
morphology when the alloy iaged at 95%C-1025'C, but sometimes develop into continuous
cellular grain boundary patrticles if the carbon supersaturation ig18yhAnother phase closely
related to the WECs carbides in terms of crystal structure is the sigma pfZi§eAs a result of
their close resemblance, it is theoretically possible for the sigma phase to nucleatef&ym M
The formation of the sigma phase from3¥% has been reported in Udimé20Li and RR1000.

The formation of sigma phases in superalloys is detrimental to the mechanical and chemical
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properties of the alloy as its hard brittle nature tends to lower the ductility of the alloy and also

its formation depletes the matrix of Cr ana Mvhich are useful for solid solution strengthening.
2.3.4 Borides

Boron is added to alloys in low quantities to supply some grain boundary strengthening by
blocking the onset of grain boundary sliding and provide strengthening under creep rupture
loading [10]. This elemental boron reacts to form boride particles durirsincaand heat
treatment. Some types of borides, includingBMand MB3, have been reported to form in
superalloys as well as steels. Despite the advantages of borides in superalloys, they are the main
cause of liquation cracking in precipitation hardesegeralloys. They act as a melting point
depressant which allows liquid to persist in very low temperatures where thermal stresses would

develop, thus leading to microfissuring.

2.4 Welding

Fusion welding is the process of joining metals by melting the jgrteeat supplied from
chemical or electrical sources, with or without a filler to form a joint. Some of the energy
sources that can be used are gas flame, electric arc, laser, ultrasound, etc. When the components
break down during service, there are ficahlosses due to inevitable downtime. The company
either replaces or repairs the components. Due to the high cost of replacement, repair is often a
more economical choice. In many cases, the microstructure of the base alloy is altered during
service, whth prompts the use of repair methods that are different from the original fabrication

of the base metal. Only a very few superalloys can be reasonably welded. This is a very critical
issue when it comes to the repairing and joining of precipitate haraédogsl as superalloys that

contain Al and Ti like IN 738 which are very difficult to weld by fusion welding methods due to
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their high susceptibility to HAZ intergranular liquation cracking, which is usually caused by a
combination of metallurgical and meatfical factors. In using the fusion welding technique, the
base metals to be welded and the filler metal must have close chemical compositions that are
mechanically and environmentally compatible with the chemistry of the parts being \jEfgled

In joining most nickel based superalloys, several welding techniques and methods have been
applied. Some of these welding methods are explored in the next sections, including: gas metal
arc welding (GMAW), gas tungst arc welding (GTAW), shielded metal arc welding (SMAW),
submerged arc welding (SAW), electron beam welding (EBW), laser welding (LW), resistant

welding (RW) and lasearc hybrid welding (LAHW).

2.4.1 Gas Metal Arc Welding (GMAW)

GMAW is defined as an arc wefd) procedure that joins metals by heating, using an arc
between an uninterruptedly supplied filler metal electrode and the workpieces. Shielding is
incorporated into the process, which is supplied by an external gas to preserve the molten weld
pool. It isa joining process where a conduit and welding gun are the passage for the electrode
wire which is constantly fed through an automated wire feeder, to the base metal. The process
can either be serautomatic or fully automatic. The process is samtomatt if the welding
operator is regulating the direction of travel and travel speed. On the other hand, it is fully
automatic if the direction of travel and travel speed are controlled by the machine, such as in the
case of robotics. GMAW is a common weldipgpcess used in conditions where the air current

iS not too severe to be a detriment to the external shielding gas used to protect the weld pool.
External shielding gases vary in composition, thus allowing the electrode wire to change mode
conversions, pnded that proper voltage and amperage parameters are used. The shielding gas

composition also affects bead appearance and fusion. Common shielding gases used are helium,
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argon, carbon dioxide and other mixtures of gases. Incorporated into the elesetidarié the
deoxidizers to prevent the pool of molten weld from oxidation. Spraying, short circuit or globular
are methods by which the molten weld pool is transmitted tavild regions. Advantages of
thesetechniqus include: competence of joining aide range of material types and sizes,
availability and affordability of equipment components, capability to welgaaltion, excellent

weld bead appearance and lower heat input when compared to other welding processes. Major
drawbacks with the use ofightechnique include: lower rate of filler deposition, difficulty in
welding intricate geometries and higher maintenance and equipment cost. A schematic

representation of hGMAW is provided in Figure 2.2
2.4.2 Shielded Metal Arc Welding (SMAW)

SMAW is a joinng procedure which utilizes a flux covered metal electrode to transfer an
electrical current. The transferred current profiles an arc that jumps a gap from the end of the
electrode to the work. Enough heat is generated by the electricragdttooth thebase metal(s)

and the electrode. It is an arc welding process where combination of metals is produced by heat
from an electric arc which is sustained between the tip of a consumable covered electrode and
the surface of the base metal in the welded joirdltéh metal from the electrode travels across

the arc to the molten pool of the base metal where they mix together. As the arc moves away, the
mixture of molten metal solidifies and becomes one piece. The molten pool of metal is
enveloped and protected byfume cloud and a covering of slag generated as vapors from the
burnt electrode coatingdt is a widely used process, particularly for short welds in production,

maintenance and repair work, and for field construction.
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Figure2-2: Schematic of a typical GMAYZ1]

Sourceil S. Kuo, Welding Mallurgy, 2nd ed., John & Wiley & Sons Inc.,
Hoboken, 2003. Reprinted with permission from Copyright clearance center (27
June, 2014)
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For proper functioning of the SMAW, sufficient electric current to melt both the electrode and a
proper amount of bagaetal must be ensured. Also, correct gap between the tip of the electrode
and the base metal or the molten weld poo must be maintained. These requirements are necessary
to set the stage for coalescence. Advantages of this technique include: cheap équipmen
versatile, simple and portable, and welds any position. Disadvantages include: smoke is injurious
to health,type of electrode is essential suchhgslroscopic electrodes, and need to instantly

remove slag. A tyigal SMAW is shown in Figure 2.3
2.4.3 Electron Beam Welding (EBW)

EBW, is a fusion welding process which uses a beam of high velocity electrons to the work
pieces being welded. The kinetic energy of the electron is converted to heat when it encounters
the work pieces, thereby melting the work piecE&W is carried out in an evacuated
compartment which houses an electron beam generating and focusing device along with the
work piece. There is an improvement of about 15 to 25 percent in the strength of an EBW
welded joint compared to other arc weldimggesses. Lighteweight products are produced as a
result of narrow headffected zone (HAZ) that is generated. When employed as a finishing
operation, parts welded by EBW are highly stable geometrically. It removes oxide and tungsten
inclusions and elinmates impurities. The weld metal has a fine crystalline structure. In
comparing EBW with conventional welding, EBW is applicable for a wide range of intricate
applications, such as welding components where the reverse side of the butt is inaccessible,
welding of thin metal, and welding in various contiguous positions. Its disadvantages include:
high cost of equipment, constraints in the work compartment, time delay when welding in
vacuum and fast solidification rates which can cause cracking in some featdyiypical set

up of he EBW is provided in Figure 2.4
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2.4.4 Laser Beam Welding (LBW)

LBW, is a stateof-the-art welding procedure; it is a high energy beam process that increasingly
continues to develop into industrial applicas because of its many advantages over traditional
welding processes. In LBW, the laser is focused on the work piece; a large concentration of light
energy is converted into thermal energy. Hence, the surface of thenbtseand/or filler wire

starts © melt and laser progresses across it by surface conductance. The metal surface collected
the beam energy, transferred into the metal by conduction and a hemispherical weld bead is
produced, which is comparable to traditional welding processes. The gudraser absorbed
increases with temperature. A power density betw®dm 1 W/cn? anduéyp 1T W/en? is
sufficient to generate vaporization, and create a vapor cavity known as keyhole. The keyhole has
a layer of molten material, which is supported by equilibrium with vapor pressure, surface
tension and hydrostatic press. Due to the movement of the metal with respect to the beam, the
material at the leading edge is melted, flows around the keyhole and solidifies to produce a
narrow weld bead22]i[24]. The LBW process is a low heat input energy system which is
described by short reaction time with intense energy per square of area of the laser beam and
results in a narrow HAZ. A very essential attribute of laser welding is the injection of filler
metds in form of continuous wire, before or in the course of processing. This is in a bid to
minimize physical and chemical incompatibilities in the base material.

There are many types of lasers but the common industrial types a@n@QId:YAG. The CQ

lase uses a mixture of gasses, also,,@®the active medium, and generates light with 16 p
wavelength usually used for the production of continuous wave lasers. Nd:YAG lasers use

humanmade crystals as the active madiand produce light with 1064 nwvavelength.
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They are commonly used for both continuous wave and pulsed mode lasers. A schematic
diagram of the LBW in the two availabheodes is provided in Figure 2.5

For successful application of laser welding in metal joining, proper consaterseeds to be

given to the process parameters, which includes welding speed, beam energy and laser focus
point. In the case of pulsed lasers, the pulse frequencies and time antbpullse duration are

some of the parameters that must be carefulctsd for effective and efficient application.
2.4.5 Laser-Arc Hybrid Welding (LAHW)

LAHW is a relatively new welding technology that synthesizes the characteristics of laser
welding and conventional arc welding processesdmplimentthe advantages not found

either of the processes alof#b]. The development of LAHW which dates as far back as the
1970s, was aimed to overcome problems such as porosity, and crackingitle phase
formation which are developed during both laser and arc wej@ig Despite its early success
reported by Steen as well as Ebo ef2¥], [28], who first performed experiments that combined

CO, laser beam with tungsten inert gas, it was not until the 1980s &t b@fore the method
received industrial acceptance. In this method of material repair, both laser and arc concurrently
act on the welding zone with each affecting and complimenting the other. LAHW can have
several combinations of heat sources and proocessgurations. The combined effect of laser
beam and arc can lead to a number of advantages, such as: higher productivity, better cost
efficiency and reduced manufacturing and production times. Despite its advantages as its
combines the best charactadstof laser and arc welding, LAHW still suffers some setbacks
which include its cost of acquisition, and requirement by the industries to increase thpir fit

tolerances over what is used for conventional arc welding. In general, LAHW is competing with
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other welding techniques such as LBW in order to fully integrate withsimiél applications.

Figure 2.6shows a typical LAHW.

2.5 Weld defects

A defect or flaw is any imperfection that renders a part or component of a structure unfit to meet
least applicableaccepted quality or specifications and has to be rejected. It is any defect which
tradeoff the effectiveness and functionality of a weld joibefects arexcessiveonditions,

outside the acceptance limits of deviations, which risk to compromise thd#itystar the
functionality of the welded structure. Some defects have some acceptable limits within which the
component welded can still perform its design functions. Flaws in weldments can emanate from
different sources. Hence, it is essential to exptbee source of periodical flaws, in a bid to
amend the cause of the defects. Possible sources of defects in weldements are incorrect
preparation, deficient design, poor working conditions, wrong welding process, faulty base
material, inexperience personnleiw-quality consumables etc. However, some of the defects are
deleterious to the functionality of a component and cannot be accepted if detected in a weldment.
American Society of Mechanical Engineers (ASME), reported that, welding defect causes can be
categorized and as follows: 45% substandard process conditions, 32% personnel error, 12%
improper technique, 10% leguality consumables, and 5% poor weld groo\28§. The main
problem encountered in the welding of superalloys is cracking and fissuring. Other problems

include porosity, inclusion and process indigbi
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2.5.1 Porosity

Porosity is a condition in welding caused by gases that remain entrapped in a melt. They are
limited spaces devoid of metal where gases are entrapped during solidification. Lack of proper
shielding, wrong amperage, immoderate arc leragth moisture are sometimes the causes of
porosities. Some porosities are the result of inadequate deoxidation, especially when welding
rimmed steel. The oxygen in the steel can cause CO porosity if the proper deoxidizing elements
are not present. Sevetgpes of porosities found in welded materials are as follows.

Scattered porosity This occurs where several pores of different sizes are irregularly distributed
across the volume of a weld metal. They are caused by faulty welding technique, improper
cleaning of the metal or incorrect shielding gas.

Piping porosity: This is described as pores with a length more than the width caused by sudden
or rapid solidification. This is generally found at a right angle to the weld face.

Cluster porosity: The pores areotally arranged or grouped with irregular distribution. This
type of porosity originates from faulty start or stop of the welding arc.

Linear porosity: The pores are more or less aligned along a line, at certain locations within a
weld interface or boundgr

It has been reported30], [31] that nickelbased alloys have a high acceptance for hydrogen

entrapment without necessarily forming porosities but have lower tolerance for nitrogen.
2.5.2 Cracks and Fissures

When metals are welded, cracks or fissures can occur after solidificativawéld pool.
Cracks can be observed in the FZ as well as the HAZ along the grain boundaries or interdendritic
regions. The types of cracks can be generalized into the following da®]ps

(a) transverse cracks in the base metal perpendicular to the weld,
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(b) longitudinal cracks in the base metal parallel to the weld,

(c) microcracks and macrocracks iretiveld material,

(d) centerline longitudinal weldhetal defect,

(e) crater cracks, and

(f) start cracks or bridging cracks.
Transverse cracks are usually caused by external impurity or a base metal with poor weldability.
Longitudinal cracking parallel to the weld igrmgerated through the assembly of a strong weld
metal and a weak, low ductility base metal. Metals with lower weldability can generate weld
microfissuring by the presence of impurities. Concave or narrow weld beads can generate
centerline longitudinal craakg. Crater cracking occurs due to the putting off of the arc over a
relatively large weld pool. The concave crater that is formed in the process is susceptible to
shrinkage cracking. Bridging cracks occur in joints that experience high stresses withdut go
penetration at the initiation point of the arc. Hence, they are cslieticracks
Cracks of any type or size usually cannot be tolerated. However, for materials that are crack
sensitive, basenetal cracking can be reduced by reducing the heat wipich can be achieved

by increasing the welding speed. This will result in lowered residual stresses.

2.5.3 Inclusions

Inclusions are usually slag, oxides or other-nwetallic solids that are enmeshed in the weld
metal between adjacent beads or the weld andnpanetals. Excessive weld pool stirring,
downhill welding, and undercutting can lead to slag entrapment. A slag is formed from the use of
welding process that uses flux, like flegred arc welding and shielded metal arc welding.

Inclusion is usually obseed in welding process that needs multiple passes where there is

29



presence or wrong overlap between the welds. This wrong overlap prevents the slag from the

preceding weld to melt out and rise to the top of the incoming weld bead.
2.5.4 Incomplete fusion

Incompkte fusion is a two dimensional defect that is generated when the heat taken by the
underlying material is not enough, thus leading to incomplete melting at the joint between the
weld and the base material after multiple passes. It is described by distedi that are
extended in the welding direction with either sharp or rounded edges, depending on the nature of

formation.
2.5.5 Lack of penetration

Lack of penetration occurs when a molten metal is unable to sufficiently penetrate the base metal
or when jointpenetration is less than specified. In other words, lack of penetration is the degree
to which the base metal is melted anesoéidified. It is the result of an incorrect welding
current, excessive welding speed and surface contaminants such as oxlderetwent the base

metal from completely meltinf82]. Another cause of lack of penetration is wrong root gap that

takes placevhen the weld material has not penetrated into the bottom of the weld joint.
2.5.6 Process Instability

In the laser welding of Al alloys, &pical form of porosity which is not similar to gas
entrapment in welds has been reported by several researchers.fébigsdthe result of plasma
generatedby metal vapor which obstructs the incoming laser beam from the work piece or
through the inherent process instability peculiar to the keyhole welding process. The instability
of the keyhole formed during laser weldi has been reported to lead to its collapse, thus
resulting in weld defectf33]i [36]. Unstable keyholes increases entrapment of shielding gas,
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thus leading to the formation of a characteristic porosity. As a re$uthese varying
mechanisms, the flaw has been referred to as process instability, weld instability or porosity. As
the process is detrimental to the proper functioning of the welded metal, several proposed
methods have been suggested to reduce or elimpnatess instability. Some of the proposed
methods are: controlling of pulse modulation, selecting of choice of shielding gas, use of beam

focus point and the use of dual laser beam.

2.6 Liquation Cracking

In the process of fusion welding, liquid can be formedhe grain boundaries in the HAZ of the
material being welded, spreading along them to develop an uninterrupted film. When the
formation of this liquid is followed by adequate tensile thermal stress, cracks can form along the
grain boundaries. This formf crack formation is known as liquation, or liquation cracking. As
long as the weld deposit remains liquid, there is compressive stress generated, and this closes up
the cracks. However, the tensile stresses in the HAZ have a cetieigron the compssive
stress as the melt solidifies and hence opens up the cracks which are already3@nt¢dZ
liquation and the consequent cracking have been related to shrinkage stress which results from
therapidpeci pi tation of the [B8. Gminbosirgarydiguatiomwipichwe | d
could also be the result of the liquation of some of the mdorstituents can be from both
subsolidus and supersolidus liquationcteans. It has been reported that subsolidus melting is
more harmful because it has the capability to increases the temperature range over which a
weldment remains liquid and thus increases the susceptibility of the material to HAZ cracking
[39]. HAZ liquation cracking can occur by the following mechanisms:

1. constitutional liquation, and

2. segregation of melting pointippressing elements on the grain boundaries.
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2.6.1 Constitutional Liquation

The concept of constitutional liquation of second phase particles was first suggested by Pepe and
Savagd40] in 1967 while working on 18li maraging steels where they observed the liquation

of titanium sulphide particles. Subsequently, other researchers have confirmed the validity of the
propogd phenomenon in various other alloy systems. Knorovsky et al. observed constitutional
liquation of NbC precipitates in wrought and cast IN 74&]. Owczarski et al. observed
liquation of MC carbides and 3, borides in Udimef700 and Waspalloy42]. Weiss et al.
reported the liquation of @23 and Ti(CN) in Inconel 60(43]. Other reported liquation in alloys
include: TiC in austenitic alloy A28f4], MC carbide and MNP phosphides in Incoloy 903
[45], oI 738 by Ojo et al[38] and MC carbides in Allvac 718PIly46]. Constitutional
liquation is a esultant of the departure from equilibrium metallurgical reactions during fast
heating of an alloy. It is an eutectigpe reaction between a second phase particle and the
surrounding matrix and occurs below equilibrium solidus temperature of an allogler Un
equilibrium heating, intermetallic precipitates disintegrate in the matrix at the solvus temperature
during the heating cycle. However, the metallurgical changes observed during welding are
consequences of the very rapid heating and cooling rates.

Pepeand Savagg40] used a hypothetical binary alloy $gs as illustrated in Figure 2in
understanding the coapt of constitutional liquation. The effect of heating of an alloy of
nominal composition E£was studied by heating it progressively fromtd T, at various rates.

The binary alloy system at temperaturewith composition @ contains a high melting secd

phase intermetallic compoundByi n t he U solid solution.

Under equilibrium condition which implies an infinitely slow heating rate, as the temperature

increases, the solubility of B in the matrix. When the temperature reaghi® Tast portion of
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AxBy would disappear thus leaving the alloy as a homogeneous single phase solid solution of
composition @. No further changes would occur as the alloy is heated froto jlst below F.

There would be melting thus leading to the formation the first teBimal liquid with
composition c at ; the solidus temperature of the alloy.

Therefore, during equilibrium condition that corresponds to an infinitely slow heating rate, a two
phase alloy is gradually converted into a single phase alloy until the #shgioccurs at the
equilibrium solidus temperature.

There is significant deviation from the equilibrium condition during the dissolution,Bf A
under a norequilibrium condition that corresponds to an extremely rapid heating rate. The
dissolution of thesecond phase ,8y requires two steps: (i) dissociation of the intermetallic
compound ABy and (ii) accommodation of the excess B atoms into the surrounding matrix.
Based on the fact that both processes that lead to the dissolutiQB,@iré activated he rate of

the dissolution of By will be governed at a finite rate which may be affected by either or both
processes. A critical heating rate would be reached as the rate of heating is increased, beyond
which, the dissolution of M, will be incompletebecause the time required to reach the
equilibrium solidus will be insufficient. Despite the possible occurrence of the incomplete
dissolution of the alloy, at a heating rate and above the critical rate, dissociation and diffusion
will occur at finite rate. It should be noted that the equilibrium structure of an alloy with this
composition as a function of temperature is represented by the vertical line from compasition C

as shown in Figure 2.6
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Figure2-6: Schematic Diagram of a portion of a Hypothetical
Constitutional diagram for an alloy exhibiting the behavior necessary for

Constitutional Liquation[40]

Sourcel J.J. Pepe and W.F. Savage, Weld J., Vol 46 (No. 9), 1967. Reprinted with
permission from the American Welding Society (25 August, 2014)
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In considering that the intermetallic precipitategBAare spherical, if they are heated to
temperatures 3I Te and T, this would lead to specific changes in the mode of dissolution of the
compound. The modifications expected in the locality of the precipitate durirgquolrium
heating to these tem@gures are shown in Figures Zafc). When heated to temperaturg the
precipitates will begin to dissociate because they are not stable relative to the single phase solid
solution of composition & This will make the precipitates shrink somewhat from thwetral
size, as showiby a dashed line in Figure 2,7to a reduced size, as showy a solid line in
Figure 2.4. As a result, solute atom B will be released which will disperse into the neighboring
matrix. The intermetallic particle 8, must be incomtct wi th the matrix of
the two phases are to coexist for an equilibrium condition. Therefore, maximum concentration
gradient of the U phase around -rakrieintgfaceand pi t at
decrease to the orignl matrix composition (represented
Also, the section in double hatches must be the same as that in single hatches to maintain
material balance. With this condition, the slope of the concentration gradient will depéehne
following:

1. the heating rate: faster heating rate, means a steeper concentration gradient, and

2. solute diffusivity: faster diffusivity of the solute means a shallower concentration

gradient. This facilitates the accommodation of the solute atoms diy facessive
single phase region in the diffusion couple.

Further changes can take place during heating from temperattoe¢hE eutectic temperature T
as shown in Figure 207 The solute distribution at temperaturgid represented by dashed lines
while the solid lines represent the solute distribution at temperaturgd@itional heating will
make the precipitates decrease in size and continue to dissociate from temperaiufe as

shown in Figure 2f3. The location of the particle interfaceTatis represented by dashed circle
35
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while the solid circle shows the location of the particle interface.aiWhen the material is
heated to temperature, T t he composition that <corresponds
of single phase liquid at thaterface of the intermetallic compound. Hence, the undissociated
portion of AB, at temperatureclwi | | be enveloped by a Iliquid p
is in turn enveloped by the U matrix. The ¢
temperature dis shown in Figure 21¥.

Additional dissociation and reduction in size occur upon hgdtie precipitates to temperature

T, which results in the distributiorf golute as shown in Figure 2.7The equilibrium solubility

of the B atoms upon heating to temperature abqQue the matrix reduces down the solidus line

6akl 6. T h e engpéraiureegpes abeve, Thé enceéntration of the combination of the

sol id solution and t he l'iquid film should |

redistribution in composition would generate an inverted section in the concentration gradient as

showninFigure2@. The presence of excess solute in t
U liquid interface to epitaxially be driven
thus forming a | iquid of asotdmetalcantot be supedhdaied f r o

above an infinitesimal amount.

Upon reaching temperatures, Teach particle of the intermetallic compoundBA that is

undi ssol ved wil |l be enveloped by a Iiquid fil
atthepr eci pitate interface and 6d6 at the interf
be feasible with fast heating rates at temperatures below the equilibrium solidlise Toncept

described above which takes place at temperatures belovguiidr@um temperature Jwhen

an intermetallic compound and the surrounding matrix interact to form a low melting liquid

phase during fast heating is referred to as constitutional liquation.
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In summary, the modification in solute distribution which maigeain a material showing
constitutional liquation if rapidly the temperature is rapidly increased &nd isotherm#y held

are shown in Figure 2.8. Shown in Figurea2i8 the solute distribution when the material is

held at T, for time & which is pst sufficient to complete the dissolution of the remaining portion

of A,By.

Continuous holding at sTwill allow homogenization of the material. During this period, the
solute would have enough time to diffuse into the matrix, thereby reducing the wittle of

liquid phase to that shown in Figure B.8Eventually, total dissolution of the liquid phase will

take place at nearly complete homogenization of the alloy. Very close to complete disappearance
of the liquid phase, the composition gradient of the®mts i n the U phase wc
maxi mum composition that corresponds to the
original centerline of the precipitate and decrease toward a composition that corresponds to point
606 at t he i nt e Atitemperataré 7 an Hndinite timep woald produce a
homogeneous structure of composition i@ theory. Therefore, using this concept, the liquid

film developed through constitutional liquation would experience stepwise changes in

composition and ultimakg disappear completely provided that it is allowed to be sufficiently

held isothermally at a temperature below the solidus.
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Figure2-7: Schematic representation of the concentration gradient at

varioustemperatures during constitutional liquatid®]

Sourcei J.J. Pepe and W.F. Savage, Weld J., Vol 46 (NA997. Reprinted with
permission from the American Welding Society (25 August, 2014)
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permission fromie American Welding Society (25 August, 2014)

39



2.6.2 Grain Boundary Segregation

Grain boundary segregation is another mechanism of grain boundary liquation. The mechanism
takes place by the segregation of elements that suppresses melting point on the grairy,oound
which lowers the melting point of the grain boundary of material relative to the surrounding
matrix, thus leading to sudolidus liquation of the segregate during welding. It is arpggiisite
requirement for grain boundary liquation to occur. Tlsatgrain boundary segregation must
occur first for grain boundary liquation to occur. Upon cooling from the welding temperature, the
segregated elements assist in HAZ cracking by allowing liquids to survive to lower temperatures
where tensile stresses adeveloped. Foreign atoms of active elements may congregate at
interfaces like the grain boundaries during high temperature processes, as a result of unsatisfied
atomic bonding. These atoms are accumulated on these interfaces in order to reduce the free
enggy at such interfaces by satisfying the atomic bonf4iigp Apart from the grain boundaries

which have metallurgical importance, segregation aiso occurs at other interfaces such as
particle/matrix interfaces and stacking faults.

The occurrence of grain boundary segregation can be either by equilibrium-eguibbrium

means.

2.7 Heat Treatment

The microstructure of materials produced by cassngoit uniform throughout a material, hence

the need for heat treatment. Cast materials are subjected to heat treatments, a systematic thermal
process procedure in order to induce certain mechanical properties at high temperatures through
the alteration otheir microstructure. It is known that the microstructure controls the properties

of a material. Therefore, in order to induce a particular property in a material, systematic thermal

cycle procedures are used. In the as cast condition, the microstruutizireed is a result of slow
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cooling of the melt ingot and has the dendritic characteristic of solidified melt. Due to this
dendritic solidification, there is segregation that leads to an elemental concentration gradient
throughout the alloy. This gradientakes the microstructure produced upon solidification to be
heterogeneous. The choice of a thermal process type has to conform to required properties, such
as hardness, resistance to fracture corrosion, etc. For nickel based superalloys, these properties
ae from the influence of two phases namely, t
an FCC solid solution in which the o2 particl
primary strengthening phase in nickel based superalloyseTis a strong link between the alloy

mi crostructure such as volume fraction and sh
[48]. The principal methods of altering the microstructure of cast alloys are by controlling their
cooling rates and compositional modifications. There are different types of these heat treatments

which are employed to change the microstructure of materials.

There are two stages in the modification of the microstructure of cast superalloys. Theéhast is

solution treatment and the second is the aging treatment. The fsrozeried out by heating the

all oy to a temperature that i s above the solu
also used to solutionize or homogenize as many precipitates as possible to produce a single phase
solid solution. The solutiizing temperature is selected such that upon aging from a lower
temperatur e, | arger vol umes of 20 particl e:
homogeni zation ther mal process is applied to
which will serne as a foundation for the subsequent intermediate thermal process at lower
temperatures. Multiple intermediate heat treatments could be applied to matrerials in order to
obtain the desired microstructure and to ensure the best propé#jeshe SHT temperature

does not only det eérmhmitneag stsloé veewsantbiutty adfsooa't he
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of the grains becomes coarser I f there iIs con
effect of the precipit at®byndarie§o]. Adingtseatmemt,odnh e mo
the other hand is used to grow and coarsen already precipitated particles (during cooling from the
solution treatment temperature) at a lower temperature. It is primarily used on precipitation
strengthened alloys where the coarsenindnefgarticles is of great effect on their performances

at elevated temperatures. Also, aging treatment has an effect on the volume fraction of the
precipitated particles which in effect influences the mechanical properties as well as the grain
size[50].

IN 738 is developed throughasting, and as a result, produces atomic segregation and a
heterogeneous microstructure. Therefore, the alloy is subjected to heat treatment to homogenize
the microstructure and remove deleterious phases that were present during casting. The standard
hed treatment procedure that has been applied to the alloy consists of solution treatment at
1120C/2 hrs/AC and then aged at 8@%4 hrs/AC. IN 738 is subjected to this particular
standard thermal treatment prior to welding processes and after weldiegtnesdy. This heat
treatment is however faulted in that it produces HAZ cracking upon cooling of the weld pool.
HAZ cracking has been related to the constitutional liquation of second intermetallic particles,
such as borides. Therefore, several otherwmlel heat treatments have been developed both
within the University of Manitoba and other research institutes to mitigate the liquation
occurrence. Other pneeld heat treatment that has been developed within the University of
Manitoba include: the Univeity of Manitoba heat treatment (UMT; 11%2hrs/AC +
1028C/16 hrs/WQ)[51], and the revig® heat treatment (RHT; 11%0/2 hrs/AC + 1208C/2

hrs/AC) [52]. All of these heat treatments were observed to still produce HAZ microfissuring
upon cooling of the weld pool. Another pneeld heattreatment designated as the new

University of Manitoba heat treatment (NUMT; 12202hrs/AC + 1126C/24hrs/FC)[53] was
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then developed. This heat treatment was reported to prevent intergranular borides which increase
susceptibility to HAZ cracking. However, a better preld heattreatment has been developed

which in addition to reducing weld cracks, it is industrially applicable.

2.8 Thermomechanical Fatigue

2.8.1 General Description

Thermomechanical fatigue (TMF) is a special type of fatigue in which a material is subjected to
concurren fluctuating loads and temperatures. It is a form of loading that comprises
independently of alternating temperature and mechanical cyclic strain, which leads to failure
through complex interactions of fatigue, creep and oxidation. Generally, it isefatigunage that

is developed as a result of inelastic deformation where the strains are irrecoverable. Therefore,
TMF damage is complex, as it may accumulate over a range of temperatures and strains under
both steadystate and/or transient conditiofit]. If a sample is éld by some kind of constraints

and subjected to thermal fluctuations, there is generation of thermal stresses when it undergoes
an external compressive strain due to expansion, this is known as im&chanical fatigue

[55].

Many parts of gas turbines experience complex thermal and mechanical loading during a normal
cycle of operatiorwhich consists of statip, steady state operation and stioivn. Under these
operating conditions thermal fatigue is one of the primary life limiting factors of some of the
components, like the turbine blades. For example, during straight and leved, fagictaft jet
engines have essentially constant temperatures and imposed loads, wherstateadgep (and

the environment) is the primary damage mechanism. During takeoff and landing of the aircratft,

however, more power output is demanded as a re$ukmperature changes which impose
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fatigue damage on the component material during these processes. Therefore, there are strong
thermal gradient and independently applied loads, which may occur during flight at times when
the operating conditions changg4], [56]. Continuous thermomechanical loading of such
components like blades in turbine engines lead to crack initiation, propagation and eventual

failure of the components.

However, consideration of the phenomenon has been restricted by the lack of reliable mechanical
test data and tendency for designers to extrapolate isothermal test data to predict TMF behavior.
The reason for the limited information about this phenomenan bea related to its time
consuming nature and complex damage mechanisms which are simultaneously active and have
to be isolated in order to predict the remaining life of components under such loading conditions.
The requirement for increased operating terafures means that the complex nature of TMF
loadings requires better consideration. The increasing of the maximum operating temperature not
only leads to a larger temperature range which often leads to more significant TMF effects, but
also pushes matats to regimes where additional damage mechanisms can contribute to life
reduction. The separating of the effects of each of these damage mechanisms can prove to be
more challenging to research¢s§]. There are several parameters, such as material properties,
mechanical strain range, temperature, and the phasing between temperatonechadical

strain, which contribute to the damage suffered by these components which makes life prediction

and fatigue resistance of materials subjected to such loading to be very demanding.

Isothermal low cycle fatigue (LCF) and sometinoesep tests havbeen used fdo assess the
cyclic deformation and service life of materials used in teghperature operating equipment.
This kind of testing is relatively simple as deformation models such as Raf@bgopd and

SmithhWatsonTopper, can be used to assehe componen68]i[60]. Unfortunately, these
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types of tests are not true representations of the complex damages that occur due to temperature
dependent material properties, such as the modulus of elasticity, yield stresstaityl. d\iso,

the interaction between fatigue damage and time dependent mechanisms such as creep or
oxidation can be stronger under thermal transient situations than isothermal fatigue loading.
Therefore, isothermal LCF data do not and cannot providecigmif information on the effects

of varying temperatures and their impact on material deformation and the expected service life as
it has been erroneously applied in the past. This is evident in several $6idi¢63] which

have contrasted the fatigue resistance in TMF and that of isothermalefgtiguin that the

fatigue life in TMF is shorter. It has been evidently shown that in nickel based superalloys, the
crack growth rates during TMF are higher than IF from tests performed at the peak temperature
[64], [65]. In the work of Shi et al[66], it was reported that the-phase TMF tests cycled
between 358 and 508C produced shorter lives when compared to IF at botAcG3&ad 506C.

This also corroborates the fact that TMF is a more damaging phenomenparedrto IF cycled

at the maximum temperature of the TMF. Certain improvements by using life prediction models
have suggested that, within certain limits, there is a correlation betweefftghase TMF and

IF life at maximum test temperatures provided ti@ comparisons are made at similar strain
rates. However, intuitively, these cycles cannot be considered to be the same. This is because the
constitutive response and microstructural deformation mechanisms are different for these two

loading condition$67].

In the assessment of components subjected to TMF, the fatigue life of materials uske tioema
components depends on numerous factors which have to be takeansideration. Figure 2.9
shows an overview of the factors which have impacts on TMF loading and lifetime. These

factors form the building blocks for the formulation of TMF life potidn models. Variations in
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these factors affect the manner with which damage mechanisms will affect the performance of

the material under testing.

2.8.2 Types of TMF Testing

There are two traditional types of TMF testing that are used to simulate the logdlag c
experienced at elevated temperatures by components in service. These types of loading are
basically variations of mechanical strains with temperature as a function of time. Figire 2.1
shows the schematic representations of these testing types. t€bsg types are discussed

next.

2.8.2.1 In-Phase TMF Test

In-phase (IP) TMF is the test performed when the maximum mechanical strain coincides with the
maximum temperature. In this situation, the direction of the imposed mechanical strain and the
temperature dnge are the same i.e. the temperature increases with increasing mechanical strain.
The mode of crack propagation during this loading condition can be either intergranular and/or
transgranular. There has been an inconclusive argument about the failureuriade RTMF

tests. Yedra et al. and Liu et 8], [69] reported that the mode of failure during TRIF is
transgranular.Other researcher$70]i[74] concluded that the mode of failure isoth
intergranular and transgranular. Also, it was expressly stated by some other faithos5]

that when materials are subjected toTRF, the mode of failure can only be entirely
intergranular. Hence, a systematic approach to understanding the mode of failure during this type
of loading will be needed in order to ascertain if the failure is in anyway associated with the

presence of graindundaries.
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2.8.2.2 Out-of-phase TMF

Outof-phase (OP) TMF is a type of test performed on material when there i§ pH&@ shift
between the mechanical strain and temperature. During OP TMF, the maximum mechanical
strain coincides with theninimum temperature i.e. increasing the mechanical strain corresponds
to decreasing the temperature. The mode of crack propagation and failure mode during OP TMF
has been characterized as transgran{if&j, [76]. OP TMF is generally believed to be more
damaging than IP TMF when compared at the same cycling condition. This is because

environmental factors, such as oxidation, tend to be proree to samples cycled in OP.

When compared to OP, IP has shorter lives at higher mechanical strain ranges, while IP lives are
longer than OP at lower mechanical strain ranges. Some materials includingbaiskdl
superalloys exhibit crossover of thedRd OP mechanical strain curves. This crossover has been
observed in 2024 aluminufi7], AlSI 1010 stee]78], 1070 stee]79], and MarM200[71]. The

same crossover has been observed in I8 diing the TMF studyf the alloy carried out by

Fleury [80]. He found that the crossover occurs at a mechanical strain range of approximately
0.006. Typical crossovers for IN 738 aNthr-M247 are shown in Figures 2.11 and 2.The
crossover observed in the TMF life curves of these two loading conditions has been attributed to
the correlative contributions of creep, oxidation and fatigue damages. It has been reported that
fatigue and widation are the controlling failure mechanisms that occur during OP TMF testing
and that fatigue and creep are foremost during IP TMF cycling. At high strain range IP
conditions, creep damage is essential and causes shorter lives while at low strai®@Pange
conditions, oxidation is the dominant damage while creep is secondary. Oxidation damage is

greater for OP cases because oxide is in tension at the minimum temperature and readily
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ruptures. Therefore, as the strain range is increased, a crossovefrMFIBnd OP TMF lives

occurs[67], [81].

Other forms of TMF testing are: (i) torsional-phase (Tors IP), (ii) neproporional axiat

torsional OP tests (also known as the diamond path), and (iifpnoportional axiatorsional.

2.8.3 Effects of Phase Change on TMF Tests

TMF tests involve the simultaneous application of mechanical and thermal strains. These two
strains are app@d at certain phase angles to each other. Phase changes have effects on the life of
a material subjected to TMF. As elaborated in Section 2.6.2, IP and OP which have differing
phase angles can influence the TMF resistance of a material. Hence, anychatiges or shifts

in the phase angle away from both IP and OP between thermal and mechanical strains would
have significant effects on the TMF life. It can as well vary the dominant damage mechanisms

during TMF tests.

The extent of damage and hence TME bf materials, not only depends on test variables but
also the mechanical loading history as well as the material microstry8jreHowever, in

terms of the effect of phase change, littls bh&@en published in the scholarly literatures. Phase
shifts can be introduced into TMF tests by incorporating a constant time gain into the
temperature profile with the strain kept constaihe Time intervaht which elevated temperature

and high mechanaly induced tensile stresses are simultaneoogbratingis akey aspect for
failure evolution The effects of phase shifts by using IP as a reference were examined in the
work by Egly et al[83]. It was shown that with a phase shift6° between mechanical loading

and temperature, there was an increase in the TMF life of about a factor of eight.
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Also, Pahlavanyali et al[84] reported that by using OP as a reference test, an increase in the
phase shift bp @ tp mreduces the TMF life. However, by an increase in the phase shift in the
OP top Y 1t¢ mleads to increases in tA@MF life of the material. They further concluded that
specimens with a 180 + 2phase shift exhibit higher plasticity and those with a 180 phase

shift exhibit lower plasticity compared toetleference OP test. Figure 2d®ws the plot of the

TMF life against phase deviation by using OP as a reference test.

Shift in the phase angle and temperature departure are closely related in TMF. Their synergy
dictates the extent to which the proposed cycle is obtained in reality. To change the temperature
atwhich the maximum stress will be obtained is the main idea behind phase shifts. In doing this,

a measure of plasticity effect is induced since both the modulus of elasticity and the yield stress
are related to temperatuf®4]. The plasticity takes place when the cycle develops a hysteresis
between stress and strain such that the included phase shifts causes the hysteresis loop to deviate.

The effect of phase shifts in the hysteresis loop aidiic 90 isgiven in Figure 2.14

2.8.4 Damage Mechanisms during TMF

TMF is a complex fatigue damage, this in turn, will induce multiple damage mechanisms at
different times during the cycle, as well as couple the damage mechanisms present. Failure
during TMF testing has been attributed to cracdkiation, propagation and eventual failure.
Similar to IF, a major part of the life of a material is spent during crack initiation. Therefore, the
dominant damage mechanism(s) is/are basically acting to initiate cracks. Once a crack is
initiated, propagatin may be influenced by another mechanism. Crack initiation during a fatigue
related test occurs at the surface of the material due to intrusions and extrusions created by the
egress of dislocations driven by plastidify, [85]. Also, crack initiation can occur elsewhere in

the material. For example, Egly et @3] reported that cracks initiated at the interdendritic pores
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of CMSX-4 specimens. The damage mechanisms present during TMF testing depend on the test
parameters as well as test conditions. Due topttaetical importance of TMF in real life
engineering applications, such as turbine blades, several scientific research have been devoted to
failure mechanisms related to high temperature applications. Primarily, there are four damage
mechanisms that arexgerienced by nickdbased superalloys when subjected to TMF. These
damage mechanisms are: (a) creep, (b) fatigue, (c) oxidation, and (d) d e. e extentomin

TMF resistance of any material depends on the dominant damage mechanism during testing. Th
damage mechanisms will be discussed in the next section.

2.8.4.1 Creep

Creep may be defined as a thiependent deformation at elevated temperatures and under a
constant state of stress. It is usually characterized by the slow flow of material under constant
tersile loading with a corresponding decrease in the cross sectional area. The material finally
fails when an increase in stress due to a small area that bears the same load exceeds the ultimate
tensile stress. Its effects in a strain controlled fatigueréssilts in reducing the stress at which

the high temperature hold is applied, thus leading to a decrease in the mean stress in the case of
tensile holds and an increase in mean stress for compressive[8®|d§87]. Creep can be
introduced in IP TMF tests as well as OP TMF tests. In IP TMF tests, creep can result as a
function of the temperatwilead profiles, without the intduction of a high temperature hold

time. OP TMF tests, on the other hand, typically only experience creep when high temperature
hold times are present. Both IP and OP TMF testing can be used to determine the resistance of
materials to creefatigue. Creegleformation can take place by any of the following mechanisms

T grain boundary sliding, diffusion creep, dislocation glide or dislocation creep.
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2.8.4.2 Fatigue

Fatigue is a type of damage that occurs when a component fails at stresses well below the tensile
strength when a material is subjected to alternating loads. This damage mechanism has been
recognized asesponsible for the majority of structural failures. When a material is subjected to
simultaneous mechanical and thermal strains as in the case of TMF, the fatigue damage
experienced by the material will be aggravated. Moreover, since the loading =alcyitie
damage is cumulative and thus leads to premature failure. Fatigue damage is characterized by the
initiation of cracks that are approximately perpendicular to the direction of stress application on
the sample surface. Cracks due to fatigue araied at regions of discontinuity and defect in

the material. These cracks are primarily located in parts of the material where the strength is
lower compared to the bulk of the material. They propagate through the material either
transgranularly (passin@cross the grains) or intergranularly (passing through the grain
boundaries). Irrespective of the mode of propagation of a fatigue crack, the cumulative damage
due to its cyclical nature would cause a material to fail even though the stress applie@ onto th
material is far below its yield strength. Today, fatigue failure accounts for 90% of all service

failures of metallic material@8]i [90].

Both IP and OP TMF tests suffer from fatigue as a damage mechanism. Therefore, these types of
TMF tests can be used to assess the resistance of a material to fatigue failure when subjected to

TMF loadings when it is isolated from other damage mechanisms.

2.8.4.3 Oxidation
Nickel-based superalloys are typically dominated by alloying elements, in descending order of
wt %, Co, Cr, Al, and Ta; with the remainder being made up of Ni. The presence of Al is

promising for oxidation kinetics, as one would hope that géeptiwve alumina scale would form,
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thereby decreasing oxidation kinetics. However, the addition of many other alloying elements, as
well as the dynamics between kinetics and thermodynamics, however, create oxidation scenarios

in superalloys that are far meocomplicated.

Environmentally assisted fatigue failure mechanisms in metals and superalloys involve the
interaction of a cyclic stress and an oxidizing environment. Such fatigue interaction with the
environment is dependent on the relationship amongrigaénvironmental, and metallurgical
factors. It is generally reported that, for a given material, the fatigue strength generally decreases
in the presence of an aggressive environrf@&tjt The environment in which material is put to

use affects the propensity of fatigue crack initiation and propagation during TMF.

Generally, the oxidation behavior of nickese superalloys is complicated by the inclusion of a
large number of alloying elements. Hence, as Akhtaralet put it: A é a (coupl e
thermodynamieinetic) model of oxidation capable of taking into account the ten or more
alloying elements in the single crystal superalloys and including the partitioning of the elements
into its two phaseofo )omicrostructures yet to be develop@d92]. Therefore, in the study of

the oxidation behavior and kinetics of superalloys, the oxidation behaviors of the dominant
alloying elements (Al, Cr, Ti) have to be usddhis approach was incorporated by Giggins and
Pettit [93] in their study of the isothermal oxidatiaf Ni-Cr-Al alloys between 100 and
1200C. Twentyone alloys with varying Cr and Al contents were examined. It was found that all
of the alloys initially underwent a period of transition before stable state conditions were
established. The transient rmel was not more than one hour and characterized by rapid
conversion of thin surface layers of the alloys to oxides with the subsequent formation of one of
the following oxides: NiO, GOs or Al,0Os. Once the oxide stabilized, the alloys studied fell into

one of the 3 following categories (referdchematic shown in Figure 2)15
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Group | alloys

=

They typically obey parabolic rate law.

Parabolic rate constant always about an order of magnitude greater than that of pure
nickel oxidized under the same conditio

Dense external scale of NiO with subscale composed,QiCAl,03 and Ni(Cr)AI2Q,.

Oxidation rate is controlled by the transport of oxygen through the NiO scale.

Group Il alloys

T

Oxidation kinetics follows the parabolic rate law. However, there areatil@vs with
some scale cracking during isothermal oxidation and healing of the cracks during
subsequent oxidation.

There is dense outer scale op@g with the subscale exclusively containing®4.

The rate of oxidation is controlled by diffusion througk Al-doped CsOs;scales.

Oxygen pick up is reduced due to the formation of semicontinuo(s #dales.

Group Il alloys

1 Oxidation kinetics obey parabolic rate law from the beginning, however, it is less than the

previous groups.
Dense external scalesathconsist of AlIOs; with small amount of Cr.
Oxidation rate is controlled by diffusion through externglscales.

There is selective oxidation of Al.
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Figure2-15: Schemati®iagram of Oxides formed on Mir-Al Ternary Alloys.
(@) Group I, (b Group Il and (c) Group 193]

Sourcel C.S. Giggins and F.S. Pettit, J. Electrochem. Soc. Vol 118 (No. 11), 1971.
Reprinted with permission The Electrochemical Society (14 July, 2014)
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Transition alloys

1 Oxidation kinetics do not follow simple parabolic rate law because the sulf@senot
oxidize uniformly.

1 The structure of the oxide scales changes with time.

1 They exhibit Groups I, Il, Il and combinations of these groups.

1 Al,O3scales have been found to coarsen beneath extent@. Glowever, A}O; scales

have been observed toogy later.

Giggins and Petif93] concluded that the oxidation mechanism of nidi@$ed alloys is
determined by the combined volume fractions of@yrand ALO; precipitated within the alloy.
Also, Cr allows a continuous, external layer ot@d to be formed on the alloy at lower Al
concentrations than would be necessary if Cr was not present. Als@yA8lgkimilar role in the

formation of CsOa.

284420 depletion zone

As mentioned in the previous section, the oxidation of superalloys leads to the formation of Al
oxi des. However, beneath these oxide | ayers
strengthening phase of most nickelsed supaitloys. Hence, the depletion of these particles

would make the material more susceptible to failure. This phenomenon has been reported for
nearly all studied superalloys, especially when exposed to high temperature appli€jons

[95]. o0 a depletion can occur through one of two
alloy to create an Afich surface oxide, or oxygen diffuses into the alloy, thus creating
subsurface alumina particles. Further exposure at teigiperature aids diffusion in the latter

case, which enables internal alumina particles to gi@®y, [96]. S nce the o2qQg pr e

strengthen material with Al as a major component of the precipitate, the oxidation of Al through
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a diffusion process would affect the performance of these materials at elevated temperatures.
Needful to say is that, the extent oétprecipitate depletion would have impacts on the gthren

of the material. Figure.26s hows t he fl ow stress of the 9 anct
is clear from the figure that at a temperature increase of abol150t he oo pdiyase i s
stronger than the o phase. This weakened mic
notches at higher temperaturf@], [97]. The dependence of mat er i
depletion was studied by Zhao et @4]. They carried out finite element analysis of a single
crystal to model the effect of 20 depletion
loadngs. Asdepicted in Figure 2./, t he amount of -onlyreidrostouture c st r e
isabout 3 i mes more than that for a microstruct u
concluded that oxidation assisted 2qa depl et ec
inelastic strains near t he epetedcrégions smanaterialHe nc e
exposed to elevated temperatures, and the selective crack initiation on these regions would make

the TMF life of such material to depend to some extent on this phenomenon.
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CHAPTER 3. MATERIALS AND METHOD

3.1 Materials and Processing

Cast IN 738 plates that measure 150 mm x 50 mm x 11 mm supplied by PCC Airfoils, Ohio,
USA, were used in this study. The chemical composition of the alloy in trecaised form is

shown in Table 3.1. Aseceived plates we sectioned into three sets of coupons by using a
Hansvedt model D travelling wire electralischarge machine (EDM) and heat treated. The
first set of plates had dimensions of 150 mm x 50 mm x 3mm. The second set was machined into
dimensions of 72 mm 20 mm x 6 mm and the third set 72 mm x 20 mm x 3 mm and heat
treated. The coupons were given heat treatments shown in Table 3.2. The heat treated samples
were surface ground to remove surface oxides that formed during heat treatment by using 120
grit size SiC papers. The heat treatments were given different designations for ease of
identification. The heat treatment designated as SHT is solution heat treatment. This is the
general preveld heat treatment for IN 738 superalloys. Full Heat Treatment (FHRgibeat
treatment that comprises of SHT and aging followed by air cooling (AC). The UMT is the heat
treatment that comprises SHT and aging plus water quenching. Feasible University of Manitoba
Heat Treatment (FUMT) is a recently developedwedd heat teatment by the research group

of Chaturvedi and Ojo which has been reported to minimize welding crack in the IN 738
superalloy. All welding of coupons were autogenously done with a 4.0 kW maximum power CO

laser beam. The welding parameters used are list€able 3.3.

The laser welded coupons were transversely sectioned to the welding direction by using the
EDM, into 10 sections that were 2.3 mm thickness. These sections were then prepared by using a

standard metallographic technique and electrolyticatityed in 12 mL PO, + 40 mL HNG +

65



48 mL HSO, solution at 6 volts for 7 seconds for both microstructural analysis and crack

measurements.

3.2 Laser Welding

Laser welding which was used on the coupons as well as the samples for TMF testing, was
carried outin the CQ laser welding facility at Standard Aero Limited, Winnipeg, Canada. The

parameters used for the welding are listed in Table 3.3.

3.3 Thermomechanical Fatigue Test

The set of plates with dimensions of 150 mm x 50 mm x 3 mm was later divided into two
groups. The first group was treated by using FHT and the second set was treated by using FUMT
and then welded at the centre by using beaglate laser welding. Tensile test coupons used for

the TMF tests were profiled to ASTM E8 from these groups of lateshown in Figure 3.1.

TMF testing for the two sets of conditions was carried out by using a Gleeble simulation system.

IP-TMF experiments were conducted in air by using a Gleeble-D500m DSI, Poestenkill,

NY New York, USA, which is a thermomechaal simulation system. All of the tests were
conducted by using the strain control mode of operation. The samples were held in tension in the
machine as depicted in Figure 3.2. The specimens were subjected to simultaneous thermal and
mechanical load cyclg synchronized by using a PC computer. A triangular wave form with
maximum a temperature of 88D and minimum temperature of #80was used. No forced
cooling was used to prevent thermal gradients along the specimen gauge length. The temperature

was monitoed by using thermocouples which were attached to the gauge section of the specimen
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Table3-1: Chemical composition of IN 738

Elements wt%
Carbon 0.16
Chromium 16.09
Cobalt 8.44
Molybdenum 1.74
Tantalum 1.82
Titanium 3.36
Aluminum 3.50
Tungsten 2.64
Silicon 0.04
Niobium 0.79
Iron 0.07
Boron 0.01
Manganese 0.01
Sulphur 0.001
Zirconium 0.055
Nickel Bal




Table3-2: List of heat treatments used

Heat Treatments

112¢C / 2hrs | AC (SHT)

1120FC / 2hrs | AC + 84%C | 24hrs | AC (FHT, PWHT)
112¢C / 2hrs / AC + 180°C / 16hrs / WQ (UMT)
112¢C / 16hrs / FC (FUMT)

AC = air cooled

FC = furnace cooled

SHT = solution heat treatment

FHT = full heat treatment

PWHT = post weld heat treatment

FUMT = feasible university of Manitoba heat treatment
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Table3-3: Laser welding process parameter

Batch welding
Speed
(m/min)

1 0.5

2 15

3 2.0

4 2.0

5 25

Power

(kw)

4.0
4.0
*3.0
4.0

4.0

Focus
point

(mm)

Heliumwelding

gas (litres/min)

20.0
20.0
20.0
20.0

20.0

Argon Trailing

gas (litres/min)

20.0

20.0

20.0

20.0

20.0

*3.07 3mm thick sample with full penetration laser welding
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Figure3-2

: TMF test sample in Gleeble Simulation System
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to provide feedback to the temperature control unit. Heating of the samples was carried out by
resistance heating. This methoflheating as opposed to the usual induction heating, allows the
attachment of an extensometer and does not impede visualization of the specimen in the
machine. The extensometer which has two ceramic probes was attached to the specimen by
means of spiral@ings to ensure a firm grip. It was used to measure corresponding changes in

the gauge length. The IP tests were such thattagstr due to ther maly expan:
was in phase withpyt.heThnee cthoatna)lwasshenssoréthe sumaofi( gle (|
the thermal and mechanical strain ranges as given in Equation 3.1. It should be noted that, for
each test, théotal strain was a constant input parameter. The value of the total strain changes

with different mechanical strain applied according to Equation 3.1. The mechanical strain ranges
used in this work range from 0-165%. Before starting the TMF tests, theachine was put

under load control and one of the specimens was subjected to thermal cycling under no
mechani cal strain | oading. forithe matesiad whicbwas bt ai n
then added to the mechanical strain ranges used. Aftainoly the thermal strain, the machine

was then switched to strain control mode for the TMF testing to start.

em+ £ — ¢ 66666 (3.1)

Each test was stopped by using two failure criteria: (i) complete separation of specimen as a
result of failure, and (ii) orset of crack initiationthis was used for samples that would not

fracture after 10,000 cycles.
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3.4 Microstructural Examination

All of the samples used for microstructural analyses were prepared by using standard
metallographic techniges and electrolytically etched in 12 milgRO, + 40 mL HNG + 48 mL

H,SOy solution at 6 volts for 7 seconds. The preliminary microstructures of thevgide
welded, postveld and Gleeble simulated specimens as well as fractured TMF samples were
analyzed byusing a ZEISS Axiovert 25 inverted reflected light optical microscope (OM) which

is equipped with a CLEMEX vision 3.0 image analyzer (Clemex Technologies Inc., Longueuil,
Canada). Scanning electron microscope (SEM) examinations were carried out on aSMOL
5900LV which is capable of operating in both the secondary and backscatter emission modes
equipped with an Oxford (Oxford Instruments, Oxford, United Kingdom) ultrathin window

energydispersive spectrometer (EDS) with INCA analyzing software.

3.5 Crack Length Measurement

The quantification of the extent of HAZ cracking of the samples subjected to different heat
treatments and welding parameters (welding speeds), and the total crack length (TCL) were
determined by using backscatter emission mode on the SHdvamagnification. For each
condition considered and analyzed, the TCL in the ten sections transversely machined from the

coupon was determined as a measure of susceptibility of the material to HAZ cracking.

3.6 Gleeble Simulation

Gleeble simulation for owooling hot ductility tests in the HAZ during welding in samples
treated with different heat treatments were carried out by using the GleebleD1500
thermomechanical simulation system, a high speed hot tensile tester instrument. The Gleeble was

used so thahbeating and cooling of the specimen can be accurately programmed and controlled
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to produce the rapid thermal changes that occur during welding. The simulation was performed
by rapidly heating the specimens at a rate o @&0to peak temperature of 1200where they
experience zero ductility. This was followed by AC to temperatures that range froffC1@00
900°C before the specimens were pulled to failure in order to evaluate “t@oting behavior.

The parameters for the test are given in Table 3.4

3.7 Hardness Measurement

The hardness of the fusion zone (FZ) of the weldments as well as the base metal was measured
by using both a Buehler microhardness tester with a load of 300 g and a standard Vickers
hardness tester by usireg10 kg load. The samples weapeepared by using a metallographic
technique prior to the hardness measurements. For each sample tested, averages of ten hardness

measurements were taken.
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Table3-4: Hot Ductility Test Panaeters

Test Parameters

Peak Temperature,dy - 1200C
Heating Raté 150°C/s

Holding Timei 0.03s

Cooling ratei 19°C/s

Stroke Raté 25.4mm

Test Temperature ;i 1000, 950 and 908C
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CHAPTER 4. RESULTS AND DISCUSSION

4.1 Microstructural Analysis of Pre-weld Material
4.1.1 As-cast Microstructure

The microstructural analysis of the-east IN 738 by using the OM showed that the average
grain size of the ssizais quitd laage and lager tirad e gnains of moist
other superalloys. The use of the SEM revealed that IN 738 is a cored dendritic alloy with
interdendritic regions enriched with solute elements due to micro segregation during
solidification of the cat. As with most commercial cast and wrought nidkated superalloys,

IN 738 derives its creep resistance and mechanical strength98pm

@solid solution strengthening of the diso
the addition of elements such as Cr, Mo, Al, Co and W,

(b) the presence of coherent precipitatds ot he o2a phase which he
structure, L3, based on the R{Al, Ti) composition; and

(c) grain boundary strengthening by metallic carbides and borides.

At higher magnifications on the SEM, several second phase particles were observed. These
seconp hase particles were i nrdo heeu tfgocFtim, cadf B.MECO @ )y p
borides and other terminal solidification pro
matrix. These second phase particles which were observed in -testamaterial will be

discussed in detail in the next ssdbctions.
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4.1.1.1 2- 2 BEutectics

Al ternating | amell ae structure typ-eastalloyasnge me
shown in Fig. 4.1. These pockets of alternating lamellae structures miosthy formed in the
interdendritic region during solidification are similar to those of eutectics which are known to be
formed by solidification of terminal l'iquid d

as Al and Ti, are rejected into iegs between growing dendrites. This will cause the terminal

' i quid during solidification to be supersatur
dendrites. The rejection of these el ements th
the solidification temperature of the cast to
20 eutectioc. Tohge efuarencatiicosn hoafs odbeen reported

temperatures between 1280 118FC [99], [100]. The morphology, size and distribution of the
200 =eutectics observed i n this study ar e CO
temperatures. The size of this structure has been shown to vary with temperature with those

developedt elevated temperatures appearing finer than those developed at lower temperatures.

4.1.1.2 Carbides

Second phase particles that are casbiom and have varying morphologies and sizes such as
Chinesescript and blocky, were observed in thecast alloy. The pécles were mostly
observed on the grain boundaries with some sparsely distributed within the grains. Ojo and
Chaturvedi[101] used electron diffraction in the analysis of these particles and confirmed that
they are MC carbides with an fcc crystal structure that has a lattice parameter of 4.37 A. Also, in
the work of Steven and Flew([tt02], they used Xay analysis of extracted residues and reported
that these particles have a mean lattice parameter of 0.432 nm (4.32 A). Although these MC

carbides were mostly observed on the grain batied (Fig. 4.2), some were also found to be
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associ atedgwetthedthiec (Fi g. 4. 3) . Tohge epurtoexcitmic
suggests that they might have formed from the terminal liquid during solidification of the ingot.

It has been aported that MC carbides precipitates at a temperature aroundC1329).

However, the association of these carbide& Wie eutectics and terminal solidification products

(TSPs) suggests that they might have been formed at a lower temperature comparable to those of
the TPSs. Hence, it can be said that the formation of carbides, as observed in the present alloy,
formed ove a range of temperatures. Someraformed at very high temperatures while some

others formed at lower temperatures that correspond to the eutectic temperatures.

4113 2a Precipitates

Theascast I N 738 was observed t o eaedbytle SEMgGr ge v
see Fig 4.4. The morphology of the o2a particl
dendrite core have an ogdoadically diced cube (eight cubic particles seen HO8uwhile

those in the interdendritic region have irregular shaped particles. Also, there weren@amw
shaped oa particl es iesrFigsdobmEhe wafiation m ¢he marphdlogy b o u n
of the precipitated 2a particles suggests tha

from the cast temperature.

It has been reported that the particle morphology changed according to theniplgeneral

pattern: rounded cuboids, cuboids with some initial protrusion formation, cuboids with
preferential growth, ogdoadically diced cubes and complex clusters that comprise cubic and
platelike particle§100]. The changes in the morphol ogy of
been reported to have effects on the solvus temperatures of different regiomtast mstedl.

The solvus temperature reflects the effects of the segregation of the alloy elements.
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Figure4-2: Grain Boundary Carbide
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Figure4-3: MC carbidesoasseoatieated witt
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Figure4-4: Microstructure of the asast alloy
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The preferenti al segregation of Al and Ti (9
solidification is known to be responsiblerfthe higher solvus temperature in this region. As
contained in the work of Rosenthal and W@&$I0], the solvus temperaturé o o parti cl es

dendrite core and interdendritic regions are 11280°C and 11761180C respectively.

4.1.1.4 Terminal Solidification Products

Another interesting finding in the @sist alloy was the presence of intermetallic compounds that
are very clos¢ o tolne et ectics as shown in Figure 4. 6.
products of terminal solidification reaction during the casting of the alloy. These intermetallic
compounds were first observed and reported in IN 738 byXD@. Subsequently, confirmation

of these micreconstituents in the alloy has bessported by other authors. Energy dispersed
spectroscopy analyses of these terminal solidification products (TSPs) in the present work
showed that they are rich in ®to and NiZr particles as depicted in Figures 4.7 and 4.8.
Another terminal solidificatin product, NiTi rich particles has been observed by other authors
[53], [104]. The morphology of the solidified TSPs are strongly believed to be by the terminal
liquid by ternary or quaternary reactiofd®5]. In the works of Zheng et dlL06] and Op et al.

[105], it was reported that based on the composition of these particles,-BreaNd NiTi rich

particles are based onddr and NgTi respectively.
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Figure4-7: SEM image and EDS spectrum of-Ril rich intermetallic phase
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Figure4-8: SEM image and EDS spectrum ofKlp rich intermetallic phase
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The solidification evolution of IN 738 and some other nidk@$ed superalloys is largely
governed by the partition coefficients of various elememtthe alloy. The first solid to form

from the pool of liquid was the gamma dendrites. As the dendrites grow, solute elements
partition into the liquid at the solid/liquid interface or into the dendrite core. The direction of the
partition depends on theagition coefficients of the elements. Elements with partition
coefficients less than unity (k<1) are partitioned into the liquid while those with k>1 are
partitioned into the dendrite core. The partitioning of various elements which has been stated
earlie in Section 4.1.3 as the major factor in determining the solvus temperature of the alloy
could also be said to play a major role in the formation of the TSPs observed in the present work.
Elements such as Zr, Nb, Mo, Ti, Ta, which have partition coeffigief less than unity would

be expected to partition into the interdendrtic liquid during solidification of the ifi§&],

[106]. Further cooling of the liqdi which is supersaturated with these solutes due to continual
enrichment during cooling will lead to the formation of secondary phases, such as MC carbides,
M,SC sul phocaxcgpi deseacatnidcsa in the intereandrit
eutectcs during solidification of the alloy has been reported to occur at the later stage of
solidification and also over a range of temperat{it@8]. Also, elements such as Cr, Mo, Co,

W, zirconium (Zr) and boron (B), that have be
phases, will also be expected to be partitioned into the residual pool of liquid during the eutectic
reaction[107], [108] Cr and Mo have been reported to have high affinity for B, and with their
partition coefficient less thamity, they would be segregated into the remaining liquid ahead of
thego eutectics as the terminal l T quid solidif
where the liquid phase could no longer exists, the remaining liquid will solidify byteute
transformation into various constituents, which in the present work, appear to beMueaGd

Ni-Zr phases.
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4.2 Microstructure of Various Heat Treated Material

In this section, different heat treatments studied in the present research will be disthesed
various evolutionary differences and microstructural changes that occurred during the thermal
cycle procedures will be explained. In the present work, the following heat treatments are

studied:

0] Solution HeatTreatment (SHT)
(i) University ofManitobaTreatment (UMT) and

(i)  FeasibleUniversity ofManitobaTreatment (FUMT)

4.2.1 Solution Heat Treatment

SHT is the recommended standard heat treatment foasdsIN 738 superalloy. It involves

heating the alloy at 113G for 2 hours followed by AC. An SEM image thfe microstructure of

a material that had undergone SHT is shown in Figure 4.9, and reveals that it contains a bimodal
spread of the strengthening phase, 0aq. I't con
with sizes that range from04to® em (across the diagonal ) an

precipitates with sizes of about 0.1 em in di

The SHT homogenizes the cast microstructure. This thermal process results in the partial

di ssolution of thecastgmtperrdcailpi tAatleas gfer gpmrtth eo fa
dendritic core go into the solution while | it
regions are taken into the solution. The sel e

to the partitioning behavior of the 2a forming
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Figure4-9: SEM micrograph of SHT material
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the cast i ngot . Dur i ng s o laie &nownite @attitio into theA | an
interdendritic regions which leaves the dendritic core lean of these elements during cast
solidification. Therefore, due to the presence of a higher percentage of Al+Ti in the interdendritic
region than the dendrite coreeth di ssol uti on of o2 IS more pron
in the interdendritic regions. Also, because of this preferential rejection of these elements, the
sol vus t e mmé&e iatérdemdstic redion is kigher than that in the dendrite. ¢this

can explain for the dissolution of the 2a in
interdendritic regions went into the solution
treatment are suspected to have beepreepitated during the AC, producing a higher
popul ation of the fine precbhpi ratestic Bhd d&

Cr-Mo borides and NZr, were also observed to persist from theast condition.

4.2.2 University of Manitoba Treatment

The microstructure of the materi al treated wi
in the SHT condition, thus producing unimodal spherical precipita#gs SEM micrograph of

the microstructure of the sample that had undergone UMT is peesienFigure 4.10. As can be

seen, it contains mai nly primary 2a precipi:!
precipitates have coarsened with a size of ab
due to the use of water quenchinganstep stepwise procedure in the heat treatment which
suppresses any formation of secondary precipitates during cooling. Somecamstibuents that

were present in the @ast material were observed to persist in the material that had undergone

UMT.ANSEM mi cr ogr a pha tehuatte csthhocwss aond s ome TSPs i s
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Figure4-10: SEM micrograph of UMT treated material
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The CrMo rich phase which is known to be detrimental to the weldability of the alloy was
observed to be present in the sample that had undergone UMT. This coul poenheed for a

more viable thermal treatment procedure.

4.2.3 FeasibleUniversity of Manitoba Treatment

All of the previously discussed preeld heat treatments have been reported to reduce welding
cracks during the cooling cycle of the weld pool only to rage extent in the welded joints of
component operations. Therefore, there is the need to develop a rewigteeat treatment that

would significantly reduce the welding cracks and also be industrially friendly and applicable.

This thermal processinglesignated as FUMT, is a recently developedwekl heat treatment

by Ola[1] on the premise of reducing weld cracking that is caused by intergranular liquation
which is often observed during the welding of precipitate strengthened superalloys, such as IN
738. FUMT involves heating the alloy at20°C for 16 hrs followed by FC. It was observed that
FUMT samples have irregul ar s beaopdartyp op rp anratriyc loeqs
observed at higher magnification in the SEM (Figure 4.12). Also, secondary-coitstituents,

such as MCcar bi-des ,eubect i ¢z, whkich dvereTdbgervedl in the -aast
microstructure, were observed to persist during the heat treatment. The most significant
observation made was the absence of borides in the samples that had undergone FUMT. The
presence of borides in the previously developedvpedl heat treatments has been responsible

for the extensive cracks observed in samples treated by these thermal processes. The hardness

value is 360HV, which is significantly lower than that in the SHT sampl

Antony and Radaviclj109] reported that the presence of boron in a nickel based superalloy

could lead to an increase in the effective solidification temperature range of the alloy. The
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segregtion of solute atoms is an intrinsic feature of alloys, which takes place during elevated
temperature processing such as casting, hot forming and heat treatment and allows for rapid
thermal transport. Interfaces such as grain boundaries possess higimerge which is a
measure of unbalanced atomic bonding in a relatively disordered structure of the interface.
Hence, the atoms of the surface elements have the tendency to congregate at these interfaces in
order to satisfy the atomic bonding imbalancesrduhigh temperature processes, thus reducing

the free energy at such interfa¢dg]. The segregation of atoms can occur by either one of two
mechaisms - equilibrium segregatiorj110]Ji [112] and norequilibrium segregatiorf113]i

[115]. Equilibrium gregation occurs when an alloy is held at a sufficiently high temperature
which allows diffusion of surface active atoms to interfaces to lower interfacial energy. Increase
in equilibrium segregation is caused by decrease in temperature and increadetan so
concentration in the matrix. Negquilibrium segregation of solute atoms takes place during
cooling from high temperatures. It decreases with decreases in temperature. This type of solute
atom segregation is dependent on the rate of cooling from teigiperatures. Hence, the
segregation of boron atoms and subsequent formation of borides at the grain boundaries and
other interfaces may have been caused by either or both of the mechanisms of segregation
discussed above. In the recent work of Rla it was found that the decomposition of segted

borides leads to extensive intergranular liquation in IN 738, thus resulting in extensive cracking.
Therefore, borides have a role to play in the high degree of crack susceptibility observed in

welded samples treated with previously developedimie heat treatments, the SHT and UMT.
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Figure4-12: SEM micrograph of microstructure of FUMT treated material
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The works of Owczarski et al. and Karlson and Nor{42|, [116] showed that the nen
equilibrium segregation of solute atoms at the grain boundaries could be reduced by using fast
cooling (water quenching) and slow cooling (FC) respectively. Even though they both met their
objectives, water quenching is not a feasible step in thermal processitigg aerospace
industries. Therefore, the FC of an alloy from high temperatures was considered both effective
and industrially applicable. It was found that heating the alloy at’C180d then FC are suitable

for reducing the segregation of boron atamsl inhibiting the formation of borid¢S3]. Hence,

the microstructure of the sample that had undergone the nemepeeat treatment, FUMT has

no borides which leads to reduced HAZ liquation and eventually drastically reduced welding
cracks. This new thermal process procedure,addition to reducing welding cracks, is
industrially applicable. The industrial applicability of this heat treatment makes it superior to
other previously developed preeld heat treatments because throughout the thermal processing
procedure, no wateuenching was used as all of the heating and cooling were carried out in the
furnace. The aerospace industries where this alloy is mostly applied carry out their operations in
a vacuum; hence, this new heat treatment will fit in well into their productah repair
procedures. Even though this new heat treatment, FUMT, has been found to reduce the extent of
intergranular liquation cracking vésvis welding cracking, the TMF behavior of material treated
with this heat treatment has not been studied anywférerefore, the TMF behavior of material

treated with this heat treatment will be discussed later in this work.

4231 For mation of irregular shaped 2 in FUMT
The formation of i rregul a-based bupepabogs by woligadhe b e
alloy at extremely slow rates from high solution temperatures. For many alloys, the solutionizing

temperature idigher than the solvus temperature. For some of the others, it is obtained at
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temperatures lower than the solvus temperature. Hence, the mechanism or formation of the
irregul ar shaped o2a will [bl8]l dAIfderemuclf@at itdre
through an ordering transformation and then followed by diffusion controlled growth. The

di stribution of o2a forming el ements may vary
have aneffeddon t he | attice parameters of both the 2

degree of mismatch experiendad7].

I n the case of the FUMT samples, which produc
extensively aged at 1120 for 16 hrs and slowly @ded in a furnace to room temperature. The
temperature of 112C is lower than the solvus temperature of the alloy. Therefore, complete

di ssolution of o2a precipitates is not possi bl
1120C , mo r e tabtes in Ipoth ¢he depdritic core and a little in the interdendritic regions

were suspected to have gone into solution to

Sever al evolutions of 92a woul d hav-meciptatecnur r e d
of the dissolved 2 precipitates after 16 hrs
seeFigure4.12 i s the final stage of the morphol ogic
in the present study. T h pitatesoare kiown to lgeiassaciatedc h a n ¢
with the heating and cooling of nicklblsed superalloys. In the present heat treatment, IN 738 in

the ascast condition with ogdoadicalyi ced cube morphol ogy of 20
dissolution of the extended cwrs of the ogdoadicaHgiced cubes which led to the formation of
cuboidal shaped o2aq with the dissolved portion
cooling from the solutionizing temperature in the furnace, there would be coarsening of th
cuboi dal 20 precipitates -pned¢ihpi tadtliooon offh efrier

particles upon cooling from the solutionizing temperature to the room temperature in the furnace.
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The amount of fine secondodseryednthe SHI samples.eltis wa s
difference could be related to the mode of cooling. AC favors the precipitation of fine secondary
2. The quantity of fine secondary 2a begins

due to coalescence andfmarsening during cooling.

The =exact si ze, mor phol ogy and distribution
directly to the cooling rate experienced. At
and morphology become increasinglgmplex because they are precipitated at an early stage

during precipitation and continue to coarsen during further cooling, thus resulting in relatively
coarse secondary o2qg a@ld]. | ahgecompkeypyityi ofetkt
duringslowcooligy can al so be related to the extent of
precipitates. The extent and sign of mismatch are important determinants of the microstructure

and the interactions that occur between dislocations and the precipitates. ekistse a
relationship between the strengthening effect
|l attice parameters between 2a, and the 92 matr

related to the hardness of the microstructure.

Therea e two different mechanisms that may have
as observed in the FUMT samples while cooling to room temperature. They are: (1) the
coarsening and coalescing of t he [liOjnkEneseconc
secondary o2qa of equal sizes form clusters of
surrounding matrix of the fine 206 precipitat
s ma | | gwhich might bave formed by this mechanism, and (2) the growth and-bpsaif

| arge cuboi daJll2]l.o aSipnrceec i tphdraeg ewas no compl et e

precipitates during the 16 hrs of heating of the alloy, some large and coarsened precipitates will
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remain. These large precipitates will grow and later break up. First, there is solute flux from the
surrounding smaller precipitates to the large precipitates. Then, the solute flux goes between the
large cuboidal precipitates to remove the elastically distorted matrix between the cuboids. These
cuboids then grow by extending their corners, absorbingethee ment s t hat form
matrix and forming i1rregular shapes of o2qg pre

be operational during the FUMT of IN 738 as depicted in the SEM micrograph in Figure 4.13.
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4.3 Microstructure of Welded Material

Welding is the process of joining metals by melting parts with or without a filler to form a joint.
Certain changs would have taken place during the process which would make the nature of the
materials formed after welding differ to a certain extent from the base material. These changes
would affect the responses of the joined material during cooling and its sahtpguformance

in service. This section is an examination of the microstructural changes that take place during

the laser welding of IN 738. The results obtained are presented below.

4.3.1 Fusion Zone Microstructure

An optical examination of the FZ of a laseelded material revealed a columnar dendritic
microstructure, as shown in Figure 4.14. Further examination by using SEM revealed that some
submicron secondarymicroonsti tuents suckhkhoagassuNM@cdcarcksi dd&9 g
and b), which were algoresent in the parent material, were observed in the FZ. It has also been
reported that some of the fine o2 precipitate

the SEM are present in the FZ of welded IN 738 super§llb].

The weld FZ, according to Nakkalil et §45] and Brody[119], is a small form of casting that is

develgped under special conditions such as pool of liquid, temperature gradient and rapid

solidification. During cooling of the catike FZ, the determining factor of the microstructure is

the distribution and/or partition coefficient of the alloying elemenhtss coefficient describes

the direction and extent of microsegregation during solidification. In describing the solidification

behavior of the FZ of a nickddased superalloy weldment, a wetiown equation has been

developed by Schefl20. The equation popularly known as S
0 @® p Q eée. éé.. (4.1)
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where G = solute concentration in the solid at the sdilidiid interface
k = equilibrium partition coefficient
Co = nominal solute concentration
fs = fraction of solid

Under equilibrium conditionsand by neglecting undercooling at the dendrite tips, the first
region to solidify from the liquid weld pool is the dendrite core and will have a composition
given byd "G . From this cascaded equation, it can be seen that the solute cormengrati
basically a function of the partition coefficients of the alloying elements. As observed in the
present work, secondary mieconstituents, such as MC carbides found in the interdendritic
region of the FZ may have formed by the misegregation of dutes during solidification.
According to Olg1] and Ojo[104], the partition coefficient of elements suah Mo, Ta, Ti, Nb,

Zr and Al is less than unity, while those of elements such as W and Co is greater than unity.
Also, it is known that elements with k<1 will preferentially partition into the interdendritic
liquid. Therefore, the formation of MC carbidisind in the interdendritic regions of the FZ is
believed to have formed by this process of preferential partitioning. As shown in Figure 4.16, the
SEM-EDS line scan qualitatively shows the partitioning of C, Ti, Nb and Mo which are known

to be carbide foners in the interdendritic region.

According to the observations made in the present work, two types of carbides were present in
the weld FZ depending on their size. Fine carbides were found in the interdendritic region while
coarse carbides were mostbuhd in the dendrite core. There is the presence of coarse dendritic

core carbides in the FZ because they survived the heating cycle during welding. This is based on
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Figure4-14: Optical micrograph o$howing the dendritic structure of the FZ of
welded material
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Figure4-16: Line scan across the interdic region of the FZ
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Figure4-17. SEM micrograph of a typical FZ crack
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the suggestion by Liu et gl121], that some MC carbides can survive for between 5 and 10

minutes in the molten weld.

) precipitates were also believed to have f

particles were so fine that the SEM could not be used to resolve them. However, it has been

reported that o preci pitat east uwoautledd sot ammatt rtiox

the temperature is sufficiently | ower than th

Due to the segregation of 2 forming el emen

temperatures in the interdendritic regs compared to the dendrite core. As a result of this non

uni form distribution of 2' t here could be <co

elevated temperatur§s2?2].

Additionally, cracks were observad the FZ of the welded material. They were mostly oriented
horizontally as depicted in Figure 4.17 and formed as a result of weld instability. Some of these
cracks extended into the HAZ. FZ cracking as observed in the present work is not a concern in
theweldability of superalloys. This is because it can be successfully managed by the addition of
filler alloys. Proper selection of filler alloys during welding process can produce welds which
have the ability to meet operation conditions of corrosion amshgtin and also good dilution

with the parent alloy123].

4.3.2 Heat Affected Zone Microstructure

A SEM microstructural analysis of the HAZ showed the occurrence of microcracks of varying
sizes, adjacent to the FZ. These cracksewsot exclusive to the HAZ; they occasionally
extended into the FZ. These cracks were observed in all the welded material treated with

different preweld thermal processes. Despite such, their extent varies with heat treatment.
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Interestingly, these cracksere more in the neck section of the weld profile. A typical HAZ
crack is shown in Figure 4.18. A closer examination of the cracks at higher magnification by
using a SEM revealed the presence of resolidification products along the crack paths as shown in
Figure 4.19. The cracks are observed to be intergranular and irregular with a zigzag morphology
which is typical of liquation cracks. The formation of resolidification products mostly on one
side of the crack (Figure 4.19) further suggested that the afdime cracks is from liquation
cracking. HAZ liquation cracking on the grain boundary is caused by the formation of a liquid
phase along the intergranular region and subsequent decohesion along one of the intergranular
solid/liquid interfaces under thenfluence of tensile stress which is generated during weld
cooling[40], [42], [118], [121], [122] This means that liquation of grain boundaries substitutes
the strong solid/solid bond with a relatively weak liquid/solid bond, thus making the welded
alloy susceptible to HAZ cracking. Iféhsolid/solid bond was not replaced, the generated tensile
thermal cooling stress will be transmitted across the grain boundaries and the contraction of each
grain would be aided by the adjacent grains. However, once the solid/solid bond is replaced as a
result of the presence of a liquid film, each grain contracts in isolation which could lead to
localized tensile thermal stress across the liquated grain boundaries. It is important to state that
the presence of a liquid film on the grain boundaries doesewessarily lead to cracking. The

liquid film must be wet, infiltrate and spread along the grain boundary region in a continuous or
semicontinuous manner to reduce the solid/solid interfacial energy along the grain boundary.
Ineffective wetting of the giin boundary region by the liquid film would lead to the existence of

the liquid in isolated pockets which would allow for substantial solid/solid interaction without
leading to any microfissurinfLl24], [125] This implies that several liquated grain boundaries
without cracks would be expected as observethé present work depending on the extent of

wetting experienced. Therefore, the cracks observed in the present work suggest that they formed
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Figure4-18: SEM micrograph of a typical HAZ crack
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Figure4-19: SEM micrograph showing crack path decorated witbal@ification

products
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Figure4-20: SEM micrograph of liquationfo s econdary plase pa

eutectic( b) carbides (c) o2 precip
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