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Abstract

Commercial applications of bulk amorphous metallic glasses are restricted due to a sudden
brittle failure mode. To overcome this limitation, a toughening strategy in metallic glasses
based on the introduction of large quantities of crystalline — amorphous (C-A) interfaces
has been widely proposed, e.g., to form various types of C-A composites. Accumulative
roll boding (ARB) technique as a cost-effective synthesis method that can be potentially
used for producing bulk sized C-A composites, has thus received significant attention in
recent years. However, previous studies on expensive highly pure Cu-Zr multilayers did
not show neither significant amorphization nor alloying during the ARB process. This
research aims to modify the ARB technique for the synthesis of cost-effective bulk C-A
composites based on commercially available Cu-Zr sheets. The proposed ARB guideline
provides conditions which ensure mechanical alloying and amorphization of CuZr phases
in a commercial Cu-Zr alloy system. The composition and structural analysis revealed that
intermediate annealing facilitates the formation of several amorphous and crystalline CuZr
phases during the ARB process. Additionally, mechanical tests based on nanoindentation
indicated that the CuZr phases, whether they are crystalline or amorphous, show a higher
hardness and elastic modulus than pure Cu and Zr phases. Numerical molecular dynamics
technique was also employed to study the fundamental structure-property relation at the C-
A interface. Based on the results, the interfacial energy demonstrated a weak dependence
on the crystalline orientation. In contrast, the plasticity of C-A composites was mainly
determined by crystalline orientation at the C-A interface.

Keywords: ARB, Crystalline — Amorphous Interface, Nanoindentation, Structure-

Property Relation, Molecular Dynamics
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Chapter 1 : Introduction

Metals and metallic alloys play important roles in a variety of industries, from simple house
furniture to ultra-complex aerospace shuttles. Metallic materials can be classified into two
main categories: as either crystalline or amorphous based on their atomic structure.
Crystalline materials are materials with a periodic pattern of atoms. Materials in which the
atoms or molecules are not arranged in a periodic pattern are called amorphous materials.
The structural differences between crystalline and amorphous metals leads to their distinct

characteristics in terms of their mechanical properties and microstructures.

Although most metals are identified as crystalline, the new class of amorphous alloys,
commonly known as metallic glasses (MGs), have exhibited remarkable properties such as
high mechanical strength and elastic limit [1]. Commercializing MGs has been limited by
a major drawback: the lack of ductility and a sudden brittle failure mode. Hence,
crystalline-amorphous (C-A) composites have been introduced as a toughening strategy to
improve the ductility of MGs [2]. Despite the initial successes, there are still challenges in
both the synthesis and characterization of metallic C-A composites. In particular, the
complicated interaction mechanisms between crystalline and amorphous phases are still
not well understood, and hence, require an extensive and systemic investigation. This
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research aims to introduce a cost-effective technique for the synthesis of bulk metallic C-
A composites based Cu-Zr multilayers as a model system. It also aims to investigate the

micromechanisms associated with the plasticity of C-A composites.

1.1 Background

One of the main disadvantages of MGs is the lack of ductility and, consequently, the
possibility of catastrophic brittle failure under operational loading conditions [3]. The
failure mechanism in amorphous metals is governed by the nucleation and propagation of
high local inelastic shear strain clusters known as shear transformation zones (STZs) [4].
STZ collections on the maximum shear strain plane can lead to the localization of shear
deformation in a local narrow region, called a shear band [5]. In order to improve the
toughness of amorphous MG alloys, the shear localization (i.e. shear band formation and
propagation) can be restricted through reinforcing micromechanisms (i.e. C-A interface).
C-A composites have been introduced as a toughening strategy in MGs [6]. The C-A
composite plasticity can be enhanced by the presence of the C-A interfaces; which impede

shear band propagation, thereby leading to a more uniform shear deformation state [7].

Different methods have been used in the synthesis of metallic C-A composites, including
melting and quenching, sputtering and mechanical alloying [1]. Melting the metallic
components and quenching the liquid solution to the solidification temperature used to be
the conventional technique in the synthesis of MG alloys. Initial attempts focused on
synthesizing C-A composites by nucleating a secondary crystalline phase inside the glassy

matrix during the quenching process. One example carried out was the preparation of a



dendritic Zr-Ti crystalline structure grown in equilibrium with a glass forming Zr-Ti-Cu-
Ni-Be alloy [8]. In spite of initial successes, there are still many challenges including the

limited range of compositions, and the high sensitivity to the cooling rate [2].

Multilayer C-A structures, synthesized by deposition techniques (e.g. sputtering), have
been studied extensively. For instance, crystalline Cu- amorphous CuZr nanolaminates
have been synthesized using magnetron sputtering [7]. Results showed an almost 14%
increase in tensile elongation in the sputtered Cu-CuZr multilayers. While magnetron
sputtering is well-suited to the synthesis of multilayer thin films and coatings, technical
limitations (i.e., atomic layer by atomic layer deposition process) makes synthesis of bulk

samples challenging.

The ARB technique has been used in the synthesis of bulk metallic composites such as
nanolamellar Cu-Zr structures [9]. The simplicity and low production costs are two
considerable advantages of the ARB technique. Results have shown that the plastic
elongation can increase from 8% to 14% after 6 cycles of the ARB process. It is also
possible to achieve an amorphous state at the interface of the crystalline layers during the
ARB process, resulting in a bulk C-A composite. Amorphization at the interface of the
highly pure (~ 99.8 %) crystalline Cu-Zr multilayers during the ARB process has been
explained by inter-diffusion mechanisms [10]. However, TEM results demonstrated that
the amorphous regions are limited to narrow areas (with thickness of less than 1 nm) at the
interface of Cu and Zr layers. Additionally, the expensive highly pure Zr sheets causes a
huge spike on the cost of large-scale production of C-A composites. On the other hand, it

has been shown that the purity level of Zr sheets has strong influences on their mechanical
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properties [11]. More specifically, the high hardness values of commercial Zr sheets with
lower purity level and consequently, large mismatch in hardness between Cu and Zr sheets,
cause significant differences in elongation rate of Cu and Zr layers during the rolling step.
As a result, the achievable number of ARB passes will be limited as the uniform co-
deformation of Cu and Zr sheets cannot occur. Therefore, it will be challenging yet
necessary to modify the ARB process to achieve alloying and amorphization based on

commercially available Cu and Zr sheets which is one of main goal of this research.

The effects of failure mechanisms in crystalline (dislocation activities) and amorphous
(STZ and shear banding) phases on the plasticity of C-A composites have been studied
extensively. For instance, Wang et al. [7] reported Cu-CusZr composites with significant
toughness enhancement which was attributed to the absorption of dislocations at the C-A
interface. Ductility improvement due to the suppression of shear banding at the C-A
interfaces has also been reported for Zr-ZrCu micro-pillars under compression [12] and
Cu-CuZr thin films under tension [13]. Nanoindentation and transmission electron
microscopy (TEM) analysis has revealed coincidences of shear banding and dislocation at

the interface of a multilayered Cu-CuZr system synthesized by magnetron sputtering [14].

Overall, the complex characteristics of such inhomogeneous defects (C-A interfaces) merit
more investigation. It is not clear yet which phase (crystalline or amorphous) fails first
and/or how the interaction between the failure mechanisms (dislocations and STZs)
enhances the plasticity. Understanding the structure-property relationship is critical to
addressing these questions. This research aims to investigate the structure-property

relationship of the C-A interface using a numerical approach.
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1.2 Research Hypotheses

The hypotheses of this research are stated as follows:

Hypothesis I: It is hypothesized that by implementing heat treatment procedure in the ARB
process, large deformation strain (significant number of ARB passes) can be achieved in

commercially available Cu/Zr multilayers.

Hypothesis 11: It is hypothesized that intermediate heat treatment has significant influence
on amorphization and alloying during the ARB process, particularly in commercial Cu/Zr

multilayers with large mismatch in hardness and ductility.

Hypothesis I11: It is hypothesized that crystalline orientation at the C-A interface is an
influencing parameter on initiation of and interaction between plasticity mechanisms in

crystalline and amorphous phases.

1.3 Scope and Objectives of Research

In summary, the objectives of this research can be summarized as follows:

I. Development of an ARB operational guideline for the synthesis of cost-effective

bulk C-A composites based on a commercially available Cu-Zr alloy system

Il.  Microstructural and mechanical characterization of the ARB synthesized Cu-Zr

composites

[1l. Atomistic investigation of the amorphization during the ARB process and

plasticity at the C-A interface



1.4 Thesis Layout

The following thesis is categorized in 5 chapters, the first of which provides an overview
of the research. Chapter 2 is a literature review and is followed by Chapter 3 which
contains the methodology used in these investigations. Chapter 4 contains the results and
discussion from both experimental and molecular dynamics (MD) investigations. Finally,

concluding remarks and recommendations for future work are in Chapter 5.



Chapter 2 : Literature Review

In the following chapter, the physical properties of crystalline and amorphous metals are
reviewed, followed by an overview of the fundamentals of MD simulation. A review of the
previous studies on the synthesis and mechanical properties of C-A Cu-Zr composites,

which are the focus of this work, is also included.

2.1 Crystalline Metals

Atoms or ions in a crystalline metal are positioned in a repeating, or periodic pattern over
large atomic distances. This long-range order is a key characteristic of crystalline metals.
The crystal structure is defined by the manner in which atoms are arranged in three
dimensional space [15]. In this context, the lattice is defined as a three-dimensional array
of points which represent the atomic centers (positions) [15]. The smallest repeating atomic
unit that shows the full symmetry of the crystalline structure is known as the unit cell [16].
Most metals have one of three relatively simple crystalline structures including face-
centered cubic (FCC), body-centered cubic (BCC) and hexagonal close-pack (HCP) [15].
If the repeating atomic arrangement extends over the whole structure it is called single
crystalline. Generally, the repeating atomic arrangement is interrupted and the structure
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contains many small crystals or grains [15]. In these polycrystalline materials, the different

crystalline orientation for each grain causes atomic mismatches at the grain boundaries.

Much of the knowledge in atomic arrangement and crystalline structures came from studies
carried out using X-ray diffraction (XRD). The incident X-ray beam can be diffracted with
an angle of diffraction which is correlated to the crystalline inter-planer spacing. The
relationship between X-ray wavelength (1), the crystalline inter-planer spacing (dnk) and
the angle of diffraction (0) can be described by Equation 2-1, which is known as Bragg’s

law [17].
nA = 2dyy; sinf Equation 2-1

Those crystallographic planes which satisfy the Bragg’s diffraction condition, result in the
high intensity peaks in the diffraction pattern. The crystalline structure can also be
determined from radial distribution function (RDF) analysis. RDF analysis measures the
probability of finding an atom at distance r from a reference atom [18]. Discrete peaks will
appear in the RDF analysis of crystalline models, representing the nearest neighbor atoms

for the crystalline structure.

Plastic deformation in crystalline metals is associated with dislocations nucleation and
motion [15] and the corresponding process is termed slip. Dislocation motion usually
occurs on the crystalline plane with the highest atomic packing, and in a direction in that
plane with the highest linear density. For instance, in FCC metals the slip system contains
aset of {1 1 1} plane and <1 1 0> direction which is usually represented as {111} <11

0>. In amore detailed description, the slip process in FCC metals can occur by two different



mechanisms: known as full (1/2{111} <1 1 0>) and partial (1/6{1 1 1} <1 1 2>) dislocation
nucleation. The dissociation of full dislocation to partial dislocations occurs if the total

energy of partial dislocations is lower than that of full dislocation.

2.2 Amorphous Metals

Discovery of amorphous metallic materials dates back to the 1960s, when a glassy Au-Si
alloy was synthesized by a process with high solidification rates [19]. Lack of long-range
order is a key characteristic of this new class of metallic materials. Since amorphous
metallic materials show a glass-like structure during the cooling process, terminologies
such as metallic glasses (MGs), or glassy alloys were also used to describe these amorphous
metals. Commercial applications of amorphous alloys increased in the 1990s due to their
outstanding mechanical properties, i.e. high elastic limit and strength, and corrosion
resistance [20-23]. Due to the fact that these alloys had thicknesses of more than 1 mm,
the term bulk metallic glasses (BMGs) was used by researchers at that time. This section
aims to provide a brief review of the physical properties of amorphous metallic alloys,

including glass transition, structure and mechanical characteristics.

2.2.1 Glass Transition

During cooling of a metallic liquid, the specific volume decreases with temperature to the
melting point (Tm, Figure 2-1); at which the volume drops rapidly to the characteristic value

of the solid crystalline phase. Below T the reduction of specific volume continues slowly.
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Figure 2-1: Reduction of specific volume vs. temperature during glass formation of liquid alloy (adopted
based on a figure in [1]).

In the case of amorphous formation, the liquid state can be maintained at a temperature
below Tm without showing crystallization (called as undercooling or supercooling). As long
as the liquid undercools the volume will continue to decrease while the viscosity increases.
The viscosity becomes very high at temperatures well below the Tm, and the liquid phase
transfers to a solid-like state coined “frozen-in” [1]. At the “frozen-in” state the phase is
referred to as glass and the corresponding temperature is referred to as the glass transition
temperature (Tg, Figure 2-1). A sharp, definite glass transition temperature is frequently not
presented, and instead, it is identified as a “glass transformation interval” [24]. However,

there is an empirical definition for Ty based on the temperature corresponding to the

viscosity value of 10'? Pa.s [1].
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There is a critical cooling rate (R¢) beyond which the glass formation will occur [1]. The
Rc is strongly dependent on the alloying elements (type and number of elements in an alloy
system) and compositions. As mentioned earlier, undercooling the liquid solution to a
temperature well below the Ty is required to form glassy state. Rapid solidification with a
cooling rate above R is necessary to ensure this undercooling. The second important factor

in glass forming ability of an alloy system is the reduced glass transition temperature (T;., =
7;—9), where T is the temperature at the end of liquid formation or melting [25]. Higher values
l

of Trg correspond to easier glass formation in an alloy system. Finally, a significant atomic
size mismatch is a key parameter in glass forming ability in metallic systems (minimum

12% atomic size difference has been suggested in Inoue criterion [1]).

At temperatures well below Tg the glassy state of solid metals is not in an equilibrium state.
However, the properties of glassy alloys can be described as time independent with respect
to experimental timescales. BMGs typically exhibit a reversible transition from glass to
liquid state at Tg; suggesting that the atomic structure of glassy alloys is closely related to

the liquid state [1].

2.2.2 Amorphous Structure
The periodicity of a crystalline structure means that there is a unique coordination number
(CN), the number of nearest neighbor atoms, for each atom. As this periodicity is absent in

amorphous (glassy) alloys, it is difficult to define a unique CN. The lack of long-range

order in amorphous systems can be characterized by peak broadening in XRD patterns of
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MGs. Unlike the crystalline phase with sharp peaks, there is just one broadened peak in

XRD patterns of amorphous alloys indicating the randomness of the atomic arrangement.

It is also possible to study the structural characteristics of amorphous alloys using
theoretical and numerical parameters such as RDF and Voronoi analysis. In contrast to
crystalline structures, discrete peaks are not presented in RDF analysis of amorphous alloys
since the CN is different for each atom [26]. Voronoi analysis asserts that the local ordering
can be described using polyhedral structures created around each atom [27]. The
polyhedron is represented by the Schlaefli notation: a vector of indices <ns, na,... ,ny>where
ni is the number of polyhedron faces with i edges. The total value of n; can be considered
as the CN for each atom which can be used to differentiate between ordered and disordered
structures. For instance, the amorphous CuZr phase can be described with a large fraction
of five-edged faces. The Cu-centered index of <0, 0, 12, 0> has been reported as ~ 17% for
a CuesZrss model [28], as compared to index <0, 12, 0, 0> which represents a CN of 12 for

crystalline Cu models.

2.2.3 Mechanical Properties of Amorphous Metals

While dislocations and slip are failure mechanisms in crystalline metals, shear
transformation zones (STZs) are the plasticity mechanism proposed for amorphous alloys
[29]. STZ can be described as a local cluster of atoms (~ 100 atoms Figure 2-2) which
undergo an inelastic shear strain [30]. STZ operation requires a high amount of energy as
compared to the required energy for dislocation nucleation in crystalline metals.

Consequently, the STZ operation can accommodate local shear strain, and is strongly
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dependent on local atomic arrangement [31]. The distribution of free volumes has been
shown to have a significant impact on STZ activation energy [32] as the STZ operation is
more feasible in locations with higher free volume. Free volume has been defined as a part
of nearest neighbor volume for each atom in which the movement of the atom is not

associated with an energy change [32].

Figure 2-2: Schematic of shear transformation zone (STZ) during the deformation of amorphous alloys
(adopted based on a figure in [30]).

Plastic deformation can take place in MGs by STZ operation and the accumulation of local
shear strains. However, homogeneous deformation is usually associated with elevated
temperatures (typically higher than 0.9T) and low strain rates (typically lower than 1071
s~1). Meanwhile, catastrophic failure due to shear localization occurs at low temperatures
[30]. Shear band is defined as a local narrow high shear strain region that is formed due to
the accumulation of STZs; which occurs very quickly and results in considerable
displacement (close to mm scale [33]). The effect of shear banding can be observed as “slip

steps” on the fracture surface of samples.

As a consequence of shear localization, MGs usually show brittle failure under tensile
loading. The brittle failure has been reported in studies of (CuosZros)ioo-xAlx (X =5, 6, 8)

[34] and Cuas - xZragAlsNbyx [35] BMGs under tensile loading. The brittle failure mode was
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also observed in compression testing of Fe-based BMG rods [36] and for
MgesCu75Ni75ZnsAgsY 10 BMG [37]. Overall, the brittle failure, particularly under tensile

loading, has been known as one of the most pertinent drawbacks of BMGs.

In addition, nanoindentation has also been commonly used to study the mechanical
properties of MGs. Nanoindentation studies of MG alloys have several advantages
compared to conventional tensile or compression testing, such as the non-destructive nature
of the test and the very low penetration depth (up to few hundred nm). As a result, it is
possible to study shear banding which appear as load discontinuities (pop-in) in the load-
displacement curve [38]. The shear banding mechanism during nanoindentation of MGs
was evident as a pop-in feature in force-displacement curves of Nb-Ni systems [39], and
associated with shear localization that was obvious in atomic shear strain distribution
results. Mechanical properties such as reduced elastic modulus and hardness can be also

calculated from the force-displacement curve in nanoindentation testing.

2.3 MD Simulation

Classical MD is a common numerical technique which is useful in studying atomistic
micromechanisms associated with the plasticity of C-A composites. Classical MD is based
on classical Newtonian mechanics and is capable of performing atomistic simulation
modelling with few millions of atoms and time scales up to a few ns. The corresponding
time and size scale of the classical MD method makes it a powerful technique in capturing

the atomistic plasticity of C-A composites.
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MD is the study of the dynamic evolution of a type of N-body system [40]; which can be
assessed by tracking the physical movement of atoms and molecules in a fixed period of
time. Newton’s equations of motion are being numerically solved to determine the
trajectories of interacting atoms and molecules. The interatomic potential, or molecular
force field, is required to calculate the forces between particles and their potential energies.
The flow chart of the general MD algorithm is shown in Figure 2-3. The first step involves
assigning an initial position (r) and velocity (v) to the atoms. Then, the atoms move for a
short time interval (At); followed by numerical solving for Newtonian’s equations of
motions to calculate acceleration (a), as well as new positions and velocities. Consequently,
the boundary conditions, temperature and pressure control will be applied to the system as
needed. Finally, the physical quantities are calculated and the process is repeated by

adjusting time and iteration step.

The time-averaged MD quantities are related to the macroscopic ensemble-based
thermodynamic properties by using statistical mechanics relations [41]. The molecular
level configuration of a system is called its microstate, and an ensemble is the collection of
microstates that satisfy the fixed macroscopic properties of a system [42]. As a general rule,
the simulation ensemble has to be selected in such a way that the corresponding constraints
are comparable with those experimentally controlled properties. Canonical ensemble
(known as NVT) and isothermal-isobaric ensemble (known as NPT) are two of the most
common ensembles in MD simulations; particularly to study the deformation behavior of

materials. The imposed constraints in the NVT ensemble are the number of particles (N),

15



volume (V) and temperature (T); while in NPT, the pressure (P) is constrained instead of

volume. The internal energy of the system can fluctuate in both ensembles.

Assign initial positions (1f) and velocities (vi)

i=0, a=0, t=0

!

Move atoms for time interval of At and update

N positions and velocities
ri=ri+viAt+1/2aAt2+more accurate terms

vi=vi+aAt+ more accurate terms

Measure force F and a=F/m

}

Adjust positions and velocities based on new a

'

Apply boundary conditions, temperature and

pressure controls as needed

!

Calculate physical quantities and move one time step

forward (t=t+At)

!

Repeat to the desire number of time steps

Figure 2-3: Simplified MD simulation process algorithm (adopted based on [40]).

2.4 Crystalline-Amorphous Cu-Zr Composites

As discussed in Section 2.2, the brittle failure is the main drawback of BMG alloys; which
is associated with a highly localized shear deformation state known as the shear banding
phenomenon [30,43]. In order to improve the ductility of BMGs, several strategies have

been reported, such as introducing a high level of porosity to produce MG foams [44] and
16



designing MG alloys with particular elastic properties (i.e. large Poisson’s ratio of 0.42)
[45]. Synthesis of C-A composites is the main toughening strategy for BMGs [8], in which
a secondary crystalline phase is introduced into the amorphous matrix to increase the
toughness of BMGs. One of the C-A composite systems that has been studied extensively,
is the binary Cu-Zr alloy which has shown high glass forming ability. The reduced glass
transition temperature (Trg) of the CussZrss was measured to be around 0.64 [46]; which is
relatively high among corresponding values for other alloys such as Ca-Al, Ni-Nb, and Ni-
Nb-Zr systems [1]. There is also a significant atomic size mismatch between Cu and Zr
atoms. Based on the empirical atomic radius (~160 pm for Zr and ~128 pm for Cu), the
atomic size mismatch in Cu-Zr systems is around 25 %; which is considerably higher than
the minimum value for the Inoue criterion (around 12 %) [1]. Additionally, Cu-Zr binary
alloys have shown a remarkable number of intermetallic compounds in equilibrium (phase
diagram of Figure 2-4) due to the large negative enthalpy of mixing (~-23 kJ/mol);
indicating that Cu and Zr can be mixed and vitrified easily. Figure 2-4 demonstrates the
crystalline intermetallic compounds in equilibrium, including phases such as CuZr, CuZr»
and CuoZr7. Due to a high glass forming ability, the Cu-Zr binary alloy has been selected
as a model system in our current study to investigate the synthesis and characterization of

C-A composites.
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Figure 2-4: Phase diagram for binary Cu-Zr alloys (used with permission, license number 4304250357590)
[47].

2.4.1 Synthesis of C-A Composites

C-A composites synthesis methods can be categorized based on the initial starting phase
which might be liquid (melting and quenching), vapor (sputtering) or solid (ARB). These

techniques and their fundamental concepts will be reviewed in the following sections.

2.4.1.1. Melting and Quenching

The glass forming ability during melting and quenching of a metallic alloy was discussed
at length in Section 2.2.1. The crystalline phase can be precipitated during the cooling
process while the remainder can melt to form a glassy matrix. The precipitated crystalline

phase usually has the dendritic morphology, such as the dendritic crystalline
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Zr71Ti1e3Nb1oCu18Nioe phase nucleated in a glassy matrix with a composition of
Zr47Ti129Nb28Cu11NigeBeis 7 [8]. This study is important because it was one of the first
studies which reported the successful synthesis of C-A composites with enhanced ductility.
Plasma arc melting and casting copper molding have both been also used to synthesize Cu-
Zr based BMG alloys (for example Zr-Ti-Nb-Ni-Cu-Be) reinforced with dendritic
crystalline phases [48,49]. Several studies have shown the presence of nanocrystalline
particles in BMG CuZr rods [50]. Meanwhile, synthesis of amorphous binary CuZr and
nucleation of a secondary crystalline Cu or Zr phase during quenching to produce Cu-Zr
C-A composites has not been reported. The reason for such can be mainly attributed to the

technical limitations such as difficulties in controlling the cooling rate [1].

In spite of initial successes, there are several limitations to the synthesis of C-A composites
using melting and quenching techniques. Firstly, the number of alloy systems that produced
a glassy matrix with crystalline dendrites is not substantial [30]. Moreover, even in those
few alloy systems, the range of compositions is limited. As it can be seen from the above
examples, the composition of both glassy and crystalline phases is complex. Secondly, the
precipitation of the crystalline phase is very sensitive to the cooling rate [51]. Even a slight
change in cooling rate might lead to significant microstructural variations. Finally, the
reported composites to date contain soft crystalline dendrites (in comparison with the hard
amorphous matrix) which improved the ductility at the cost of a significant reduction in

tensile strength of the glassy matrix [30].
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2.4.1.2. Sputtering

Sputtering is a two-step technique: by applying a very high-energy ion field such as
electron or magnetron field, the atoms are being knocked from the target surface; followed
by the deposition of free atoms onto a cold substrate. The whole process occurs in a vacuum
chamber in the presence of an inert gas such as argon or N2. The distance between target
and substrate is in the range of a few centimeters. Amorphous thin films can be synthesized
by vapor-solid quenching during sputtering. Amorphization during sputtering is achieved
by energizing the system using high energy sources (i.e. electrical or magnetic field)
followed by quenching to a non-equilibrium state [52]. The structure of co-sputtered, or
multilayered films, is strongly dependent on the substrate temperature and other deposition
parameters such as adatom mobility during condensation and the heat of mixing [53].
Adatom mobility is closely related to the surface diffusion; and can be estimated from the
kinetic energy of condensed particles. Heat of mixing (or enthalpy of mixing) is defined as
the enthalpy which is released or absorbed upon compound mixing [54]. The enthalpy of
mixing can be negative (when the mixture has a lower enthalpy than the pure compounds)
or positive (when the mixture has a higher enthalpy than the pure compounds). Negative
enthalpy of mixing (which reduces the Gibb’s free energy) is required in order to form an

amorphous phase during sputtering [53].

Magnetron sputtering has been extensively used in the synthesis of C-A nanolaminates due
to the high deposition and ionization rate [55]. For instance, Cu-CuZr nanolaminates have

been deposited on Si substrates using magnetron sputtering [56]. In addition, TEM analysis
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indicated that the mixing behavior of Cu-Zr and Ti-Zr systems were different during the
co-sputtering process [53]. While the Cu-Zr system (with large negative enthalpy of mixing
~ -23 KJ/mol) has shown amorphous characteristics, the nearly zero enthalpy of mixing
has made the vitrification of Ti-Zr difficult. Although the application of sputtering
techniques is beneficial in the synthesis of C-A thin films (with few pum thicknesses),
preparation of bulk sputtered C-A composites is still challenging due to the technical
limitations, i.e. atomic layer by atomic layer deposition process. Moreover, the
multilayered structures are the most commonly synthesized composites, prepared using

sputtering techniques.

2.4.1.3. Accumulative Roll Bonding

The ARB typically includes a repeating “roll and fold” process in which a multilayer
sandwich stack is prepared and then rolled to a specific strain (or thickness reduction) to
ensure bonding. Then, the rolled sample is cut in half and folded again to repeat this
procedure. The surface treatments, e.g. surface roughening and cleaning, and intermediate
modifications such as heat treatment typically have been used in the ARB process. This
ARB process was firstly developed by Saito et al. [57] for synthesis of ultrafine grain

materials.

The deformation and bonding mechanisms of a binary system during the ARB procedure
can be explained based on the plastic instability, caused by the differing properties of each
phase. In case of bonding a soft and a hard layer, the harder phase experiences necking

(due to flow properties mismatches) during the high thickness reduction process [58-60].
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Necking is referred to as a plastic instability when a large amount of tensile strain is
localized in a small region, causing a significant decrease in local cross-sectional area. As
a consequence of necking, the hard phase begins to fracture into small pieces and distributes
in the form of particles inside the soft phase. The soft phase can flow and penetrate into the

adjacent layer; which is known as the metallic strips bonding mechanism.

There are different parameters including percent thickness reduction, initial multilayers
thickness ratios and surface treatment which have all shown significant influences on
multilayer bonding during the ARB process. The percent thickness reduction has been
investigated for several metallic systems, such as Cu-Cu, Cu-Ni, and Cu-Fe [61]; as well
as Al-stainless steel, Cu-stainless steel, and mid steel-stainless steel [62]. These studies
revealed that a minimum thickness reduction percentage is required to achieve strong
bonding during the ARB process. A minimum thickness reduction varies for different alloy
systems. However, such a practical range of percent thickness reduction has not been
reported for the Cu-Zr system as of yet. The effects of multilayers thickness ratios have
been also studied for different systems, including Cu-Zn-Al, Fe-Ag and Ni-Ag [58,63,64].
The key conclusion in these studies was that the plastic instability during the ARB process
is strongly influenced by the multilayer thickness ratio. Similar studies on the influences
of the Cu-Zr thickness ratios on multilayers bonding during the ARB process are missing

and warrants further investigation.

Another important parameter in roll bonding of metallic sheets is the surface treatment,
such as cleaning and surface roughening, before rolling. Previous data have demonstrated

that the aluminum strip bonding strength can be increased almost 3 fold by roughening the
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surface from ~ 2.5 um to ~ 4.5 um [65]. It has been demonstrated that surface preparation
methods such as degreasing in acetone, scratch-brushing of surfaces as well as oxide
contamination considerably influence Al strip bonding. Scratch-brushing causes surface
embrittlement, and consequently, surface cracking can occur due to the hardness mismatch
between the surface and underlying layers. The presence of such cracks on the surface

facilitate the intimate contact and bonding of strips.

The mechanisms of solid state amorphization during the ARB process is related to
increasing the Gibbs free energy, departing from an equilibrium state and quenching the
system to a frozen state [66]. Accumulation of defects such as dislocations and stacking
faults along with continues grain size reduction are all sources of increasing free energy in
systems [67]. Figure 2-5 indicates the pathway of phase transformation during solid state
amorphization. As it is shown schematically, the free energy of a system can be raised to a
level higher than the corresponding energy level of the amorphous metastable phases due
to structural defects. It is possible to form the amorphous phase while transferring the

system from a high energy level to a lower one via mechanical alloying.

Energized state

A Mechanical alloying
(inter-diffusion)

Dislocations and stacking faults

Continues grain size reduction ———
Metastable phase

Y

Equilibrium state

Figure 2-5: Energy pathway during energizing and quenching of metastable phase formation (adopted
based on a figure in [66]).
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The main atomistic mechanism in solid state amorphization is the inter-diffusion of
elements during the mechanical alloying procedure. The diffusivity of elements at the
interface of layered structures can increase as a result of crystalline defects (dislocations
and stacking faults) and grain size refinement [66]. Although the ARB process is performed
at room temperature, there is a slight change in temperature during rolling which increases

the rate of diffusion.

The ARB method has introduced important advantages including simple procedure and
low cost which makes this technique attractive for the synthesis of C-A composites.
Additionally, there is no significant restriction in size of the synthesized samples using the
ARB method. As a result, the application of the ARB technique is beneficial for the

synthesis of bulk C-A composites.

Ohsaki et al. [10] have shown that the amorphization in highly pure Cu-Zr multilayered
strips carried out using the ARB technique at room temperature. Five layers of Cu and four
layers of Zr (with purity of ~99.8 %) were stacked, followed by 9 rolling and folding passes
on the sandwich multilayers; with an average thickness reduction of 75 % after each cycle.
While intermediate annealing or heat treatment procedure has not been reported, the high
resolution TEM imaging have shown the amorphization of CuZr phases at the Cu/Zr layer
interface after 9 ARB passes [10]. In a more detailed manner, the amorphous CuZr regions
have been formed just in a narrow area with thickness of less than 1 nm at the interfacial
regions after 9 ARB passes. The amorphization mechanism was inter-mixing of Cu and Zr
atoms at the Cu-Zr interface. Furthermore, neither alloying nor amorphization were

reported in early steps of the ARB process. The TEM analysis on similar multilayer Cu-Zr
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sandwich stack, performed by Sun et al. [9], did not show either the formation of CuZr
phases nor amorphization during the ARB process. As mentioned earlier, the purity level
of Zr sheets has significant influences on their mechanical properties [11]. The main
differences (in terms of composition and mechanical hardness values) between highly pure

and commercially available Zr sheets have been summarized in Table 2-1.

Table 2-1: Differences in composition and mechanical hardness values for highly pure and commercial Zr
sheets [11].

High purity | Zr (%) C Fe Al Hf N 0 Hardness

Zr (Wt ppm) (Hv)
99.8 22 <50 <20 35 <20 <50 160

Low purity | Zr+Hf C Fe+Cr H Hf N 0 Hardness

Zr (%) (Hv)
99.2 <=0.05 | <=0.2 <=0.005 | <=4.5 | <=0.025 | <=0.16 | 196

In addition, the application of such Zr sheets with high purity content is limited to the
laboratory scale due to their high manufacturing cost. As discussed in introduction, the
large hardness mismatch between commercially available Cu and Zr sheets (the hardness
values for highly pure and commercial Zr sheets are indicated in Table 2-1) makes the co-
deformation difficult and consequently, achievable number of ARB passes can be limited.
Such reported results arise important questions needed to be answered, including; i) what
ARB parameters might lead to the formation of CuZr intermediate phases; and ii) in which
conditions would the amorphization occur for the ARB process in commercially available

Cu-Zr systems. The current research aims to answer these important questions by providing
25



an ARB guideline for the synthesis of cost-effective C-A composites based on
commercially available Cu-Zr multilayers. The effects of annealing on both alloying and
amorphization during the ARB process of commercial Cu-Zr multilayers, which were not

addressed in above-mentioned studies, are also aimed in this research.

2.4.2 Mechanical Properties of C-A Cu-CuZr Composites

Generally, C-A composites can be classified as bulk and nanolaminates based on the
method in which it is synthesized. Bulk samples were mainly synthesized by melting and
guenching, and the ARB techniques while the nanolaminates were synthesized using
magnetron sputtering. As the main focus of this research is the ARB samples and MD
simulation of nanolaminates, the mechanical properties and failure mechanisms of both
bulk Cu-Zr composites synthesized by the ARB technique and C-A Cu-CuZr

nanolaminates will be briefly reviewed.

2.4.2.1. Bulk C-A Cu-Zr Composites

The mechanical properties of C-A Cu-Zr composites synthesized by the ARB technique
have been studied by carrying out tensile and indentation tests. For instance, experimental
tensile data have shown the ductility enhancement from ~ 8 % to ~ 14 % after 6 ARB passes
on a multilayer Cu-Zr sandwich stack [9]. However, by further increasing the number of
rolling cycles, the ductility decreased. The inhomogeneous microstructure and the strength

mismatch in the Cu and Zr layers were claimed as the main cause of cracking at the
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interface. This property mismatch between two elements were reduced by increasing the
ARB cycles to 6, leading to enhanced ductility. Vickers hardness testing has also been
performed by Ohsaki et al. [10], with the results showing an improvement in hardness for
the Cu-Zr multilayers from ~ 160 Hv to ~ 300 Hv after 10 ARB passes. Furthermore, the
nanoindentation studies on C-A Cu-Zr composites synthesized by the ARB process - which

is the second objective of this research - has not been reported in the literature as of yet.

2.4.2.2. C-A Cu-CuZr Nanolaminates

A summary of the important findings from both experimental characterizations and
numerical MD method, used to study the mechanical properties of Cu-CuZr nanolaminates,

will be discussed in the following section.

2.4.2.2.1. Experimental Studies

Different thicknesses (ranging from 1 to 200 nm) of crystalline Cu- amorphous CugoZr4o
samples have been synthesized using magnetron sputtering [68]. The work of Zhang et al.
[68] noted improvements from ~ 1.8 GPa for pure Cu to values of ~ 6.3 GPa for
nanoindentation hardness in C-A multilayer composites. Based on the reported failure
mechanisms, dislocation nucleation occurred in the Cu layer initially and propagated
toward the C-A interface. When the dislocation met the interface, STZ activities were
triggered in the amorphous CuZr layer due to dislocation pile up. Dislocation pile up refers
to a situation where many dislocations are generated on the same slip plane, and the leading

dislocation is blocked due to the presence of a barrier such as an interface or grain
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boundary. Dislocations will pile up behind the leading one, triggering STZs in the

amorphous layer.

Tensile elongation of sputtered crystalline Cu- amorphous CusZr nanolaminates have
shown improvements of almost 14 % [7]. The thickness of the amorphous layer was
around 5nm; and the nanocrystalline Cu layers were sputtered with an average grain size
of ~ 35 nm. A different failure mechanism has been reported by Wang et al. [7] in which
TEM images did not show a heavy dislocation pile up at the interface and the shear banding
was not seen in the amorphous layer. The C-A interface was acting as the dislocation source
and sink, leading to a uniform deformation state at the amorphous layer which enhanced

the composites toughness.

Cui et al. [56] performed nanoindentation and TEM analysis on a deposited multilayered
Cu-CuZr composite, which showed a transition from the plastic co-deformation (for ~ 4
nm CuZr thickness) to a shear induced instability (for ~ 100 nm thickness in the CuZr
layers). Co-deformation occurred as a result of STZ nucleation in the amorphous CuZr
layer due to dislocation pile up at the C-A interface; while nucleation and propagation of
shear bands were the main causes of shear instability. Propagation of shear bands in the
amorphous layers, which were parallel to the slip plane in crystalline Cu layers (slip plane
in FCC metals is {1 1 1}), led to shear localization that was observed in C-A composite

systems with a thick CuZr layer.

Absorption of dislocations at the interfacial regions of Cu-CusoZrs nanolaminates with
individual layer thicknesses of ~ 50 nm, has been observed during experimental micro-

compression tests [69,70]. The presence of a C-A interface acted as an obstacle which
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prevented dislocation motion and hence, led to an improvement in composite compressive
ductility. The TEM and atom probe morphology analysis also demonstrated the
coincidence of dislocation and shear banding at the Cu —CussZrs¢ C-A multilayers interface
[71,72]. The coincidence of the dislocation slip in the Cu layer and the shear band in the
CuZr layer, resulted in a more uniform shear deformation. However, studies on
nanolayered Cu-CuZr micropillars, carried out by Liu et al. [73], revealed a homogeneous
deformation that was responsible for the superplastic-like deformation in multilayer
structures. This is in contrast to other studies which investigated crystalline Cu —
amorphous CueoZrso nanolaminates and observed suppression of shear banding at the

interfacial regions [13,74].

2.4.2.2.2. MD Simulations

Although experimental techniques are useful in microstructural analysis, there are several
limitations in conducting experiments for the purpose of detecting atomistic characteristics.
For example, the prepared samples for SEM or TEM analysis are just representative of a
local area which might not reflect the bulk features of the sample. Additionally, some
micromechanisms, such as dislocations and shear bands, are not easily detected using these
techniques. Consequently, numerical MD has been used extensively in the study of Cu-Zr
system microstructures. For instance, MD simulations on a multilayer crystalline Cu-
amorphous CuzsZras structure with amorphous intergranular films revealed that the
absorption of dislocations was apparent at the interfacial regions [75]. The size of the

sample in this study was ~ 70 x 32 x 9 nm along X, Y and Z axis, respectively - with an
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average number of ~ 1,600,000 atoms. Due to the presence of the C-A interface, both crack
nucleation and propagation were retarded; which was responsible for higher values for
ductility and fracture toughness. Simulated the tensile loading on a Cu-CuZr model (with
size of ~10 x 15 x 10 nm, and ~ 105,336 atoms) , Wang et al. [7] demonstrated that STZs
can be nucleated at the C-A interface upon dislocation absorption. The disregistry vector
(relative atomic displacement across a separating plane) analysis, performed by Brandl et
al. [76], indicated the co-existence of dislocation activities and STZs at the C-A interface
under shear loading. A Cu-CusesZrss multilayer model, with a sample size of ~ 26 x 5 x 34
nm and ~ 300,000 atoms, was used in this study. The sliding phenomenon at the C-A
interface was observed in MD simulation of Cu-CuassZrs4 models (with model size of ~ 20
x 15 x 20 nm) due to the STZ plasticity; which led to dislocation nucleation and
propagation at the interface [77]. This is in well agreement with results reported by Cheng
and Trelewicz [78] who showed that the impinging of STZs at the C-A interface of a 10
nm crystalline Cu — 5 nm amorphous CuesZrss model can trigger dislocation nucleation by

reducing the activation barrier.

The key observations in the aforementioned experimental and numerical studies was to
investigate the interaction between the crystalline and amorphous phases. In spite of
contradictions in previous studies, the overall conclusion is still valid in that the C-A
interface plays a vital role in the enhancement of mechanical properties of metallic C-A
composites. Enhancement can occur through absorbing dislocations or by blocking shear
band propagation. However, it is not clear which failure mechanisms govern the plasticity

of C-A composites as there are contradictions on the initiation of STZs or dislocations.
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Furthermore, the C-A interface is a relatively new type of defects in comparison with other
defects such as grain boundary and free surface. The effects of crystalline characteristics at
the interface, especially crystalline orientation on the mechanical behavior of C-A
composites, has not been studied as of yet. As a result, to fully understand the effects of C-
A interface on the failure mechanisms, some questions still require answers. Specifically,
which failure mechanisms (dislocation nucleation or STZs) occurs first? What are the
influences of parameters such as interface structure and crystalline orientation in the
activation of yielding mechanisms? As discussed in Section 2.3, MD is a powerful
technique in capturing the atomistic micromechanisms associated with the plasticity of C-
A composites. Therefore, the numerical MD analysis in the current work aims to find

answers to above-mentioned questions.
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Chapter 3 : Methodology

Chapter 3 is assigned to describe details related to both experimental and numerical
methodologies used in the current study. Experimental details include materials selection,
synthesis (ARB procedures), characterization techniques (electron microscopy) and
mechanical testing; all of which will be discussed in the first section. Details related to the
MD simulations, such as model construction, relaxation processing, data extraction and

analysis will be explained in the second section of this chapter.

3.1 Experimental
3.1.1 Sample Preparation

3.1.1.1. Materials Selection

Crystalline Cu and Zr sheets were purchased from ThyssenKrupp Materials NA and United
Titanium suppliers, respectively. Based on the data sheet provided by the ThyssenKrupp
Materials NA supplier, the Cu sheets were highly pure (~ 99.99 %). On the other hand, the
Zr sheets were supplied with a purity of around 99.2 % as per the supplier specifications.

The details of both as-received Cu and Zr sheets compositions are provided in Table 3-1.
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The thickness of as- received Cu and Zr sheets were 508 um and 711 pum, respectively. All

the samples were prepared from the same batch of sheets.

Table 3-1: Composition of the as-received Cu and Zr materials based on the supplier’s data sheet.

Cu sheet Cu (%) Ag S Fe Pb Ni ]
(ppm) 99.99 25 15 10 5 10 5
Zr sheet Zr+Hf C Fe+Cr H Hf N 0]
(%) 99.2t0 100 | <=0.05 <=0.2 <=0.005 <=45 <=0.025 <=0.16

3.1.1.2. Sample Synthesis Protocol

The ARB procedure was carried out using a 50 Ton STANAT rolling machine. The

protocol for sample preparation was as following:

1. Crystalline Cu sheets with two different thicknesses of 300 and 250 um were prepared
from the as-received sheets by rolling the sheets from the initial 508 um to the desired
thicknesses. Similarly, crystalline Zr sheets with a thickness of 110 um were prepared by
rolling the as-received sheets from 711 um to 110 um. In order to recover the mechanical
properties, the 110 pum Zr sheets were annealed at 1000 °C for 120 minutes after the rolling

procedure.

2. The prepared Cu and Zr sheets were cleaned by putting them in acetone for about 5

minutes.
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3. The surface of Cu and Zr sheets were scratched using a steel wire brush. The importance
of wire brushing on the multilayer bonding during the ARB process was discussed in
Chapter 2. The effects of brushing on the surface of samples were monitored by means of

surface characterizations that will be discussed in Chapter 4.

4. After brushing, a sandwich multilayer (4 layers of Cu and 3 layers of Zr) was prepared
so that the thicker Cu sheets (~ 300 um) were located in the outer layers, and the thinner
Cu (~ 250 um) and Zr sheets were placed in the middle of the sample in an alternate fashion.
Details of thickness selection and ratios will be explained in Chapter 4. Figure 3-1 shows

the schematic of a sandwich multilayer and the corresponding thicknesses.

Cu 310+10 pm
Zr 110+ 5 pm
Cu 250+10 pm
Zr 110+ 5 pm
Cu 250+10 pym
Zr 110+ 5 uym
Cu 310410 um

Figure 3-1: Schematic of multilayer sandwich specimen prepared for the ARB process.

5. In order to avoid sliding during the rolling process, 4 holes were made on the edge of
the stacking layers, and then the layers were tightened to each other using wire strips as
indicated in Figure 3-2. These wire strips were taken out by cutting the edge of the samples

after the rolling step.
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Figure 3-2: Multilayer sample tightened with steel wire.

6. After preparation of the multilayered sandwich sample, the sample was rolled to obtain
at least a ~ 50% thickness reduction. The most efficient thickness reduction was noted to
be between ~ 49 to 62%, which will be discussed in detail in Chapter 4. Considering that
the total thickness of the initial sandwich multilayers was 1430 um, the thickness of the
sample after rolling should be lower than 715 um to ensure a 50% thickness reduction. The

gap between rollers was adjusted as ~ 0.120 mm to achieve a minimum 49% reduction.

7. After rolling, the edge of the samples were cut to remove the wire strips as well as the
edge cracks. Then, the annealing procedure was carried out on the roll bonded sample using
a Carbolite Gero furnace. The annealing temperature were set to 350 °C and 700 °C for a
time range of about 60 to 90 minutes (details of annealing temperature and time as well as
effects of oxidation during annealing will be covered in Chapter 4). To minimize oxidation
effects, the samples were wrapped by steel sheets. The first rolling pass was completed

after step 7.

8. Following the heat treatment, the samples were cut in half and the procedure from step

2 to step 7 was repeated for the desired number of rolling passes.
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Figure 3-3 indicates the schematic procedure of a complete ARB pass used in the current

study.

Annealling at 350 and
700 °C for 60 to 90 min

cutting from the half and folding

Rolling step;

Surface treatment L )
49 10 62 % reduction in thickness

(cleaning and brushing)

Cu 310410 pm
Zr 110+ 5 pm
Cu 25010 pm
Zr 110+ 5 pm

Cu 250410 pm /—\

Zr 110+ 5 pm

Cu 310£10 pm

Figure 3-3: Schematic view of the ARB procedures.

3.1.2 Materials Characterizations

In order to investigate the microstructure of synthesized samples, two main electron
microscopy techniques, SEM and TEM, were used. Mechanical testing was performed

using nanoindentation experiments.

3.1.2.1. Scanning Electron Microscopy

In order to study the phase distribution and surface morphology such as micro-defects, a
JEOL JSM-5900 LV SEM was used. The spot size variation was set at ~ 30 to 40 and the
beam voltage was set to 10 to 20 V depending on the samples characteristics such as surface

quality. Both secondary and back-scattered electron detectors were used in imaging the
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surface and cross-sectional area of the samples. A mounting and polishing procedure was
performed to prepare the samples for the SEM analysis based on recommendations in [79].
The samples (either cross section or surface) were mounted using a high pressure high
temperature mounting machine. The chemo-mechanical polishing procedure was carried
out by using a rough (1200) sand paper and gradual shifting to smoother 6 and 1 micron
clothes. Distilled water was used as a lubricant during rough grinding. A diamond
suspension was applied for the 6 micron cloth, and final polishing alumina (0.05 pm) was
used for the 1 micron cloth for the smooth polishing process. After polishing steps, the
sample was washed carefully with methanol and distilled water. Finally, after sonicating in
an ultrasonic methanol bath for about 15 minutes, the sample was prepared for SEM

imaging.

3.1.2.2. Transmission Electron Microscopy

TEM was used in this study to identify the phase structures of the synthesized samples. The
TEM analysis was conducted using a FEI Talos F200X; and post processing was performed
using TEM image analysis (TIA) Software. TEM sample preparation was carried out on a
surface side and based on the procedure described in the following: a disk shape sample of
3 mm diameter and 100 pm thickness was prepared. A grinding procedure, called dimpling,
was used to create an area in the center of the disk-shape sample with a thickness of 50 um.
After that, electro polishing was carried out based on recommendations in [80] to create
one, or several holes with a diameter of several um inside the thin region. Usually, a tiny

area with a thickness of several nm might be created at the edge of these holes, which is
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then used for TEM analysis. Electron diffraction analysis were conducted with TEM to

identify the phase structure of the samples.

3.1.2.3. Energy-Dispersive X-ray Spectroscopy

Energy-dispersive X-ray spectroscopy (EDS or EDX) analysis was conducted along with
both SEM and TEM studies. The composition variation, through line or within an area, was
captured by doing line and area scan, respectively. After the imaging procedure in both the
SEM and TEM modes, the images were imported in TEAM (Texture & Elemental Analysis
Microstructure) software and EDS analysis were performed on the desired regions by

assigning the lines and areas accordingly.

3.1.2.4. Electron Backscatter Diffraction

Electron backscatter diffraction (EBSD) is a strong instrumentation technique used in
capturing the surface morphology and particularly, used to investigate grain size and
texturing. EBSD technique is sensitive to the surface quality of sample and therefore, a
three-step process was applied to prepare the cross-sectional area of the samples for EBSD
analysis. The sample preparation process was based on recommendations in [81]; and
include chemo-mechanical polishing, vibro-polishing and ion milling. After chemo-
mechanical polishing, which was mentioned earlier in Section 3.1.2.1, the sample was
polished for about 12 hours in a vibration polishing machine containing a 0.5 um polishing
clothe and colloidal silicon polishing suspension (50-70 nm). Followed by sample cleaning
in an ultrasonic methanol bath, the sample was polished for an additional half an hour using

an ion milling process to condition the sample for EBSD analysis.
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The EBSD analysis was performed on the cross section of the samples after its 2", 4", 6™
and 8" rolling steps. This analysis was carried out using a FEI Nova NanoSEM 450
machine by tilting the sample at about 70°. Post processing was performed by two software

packages, TEAM and OIM (Orientation Image Microscopy).

3.1.2.5. Nanoindentation

The reduced elastic modulus and hardness were measured using a Hysitron T1 750 Ubi
Nanolndenter with Berkovich tips. The nanoindentation testing was performed on mounted
and polished samples as described in Section 3.1.2.1. All tests were conducted based on the
standard trapezoid load function shown in Figure 3-4 in load control mode. All the tests
were conducted at room temperature. The maximum force was set to 8000 uN and the

results were extracted using the Hysitron software.

8000 T T T T T T T T T

/ N

i S N\

0 1 1 1 1 | | 1 1 I 1

Force (nN)

Time (s)
Figure 3-4: Standard trapezoid load function in nanoindentation testing.
The hardness (H) and reduced elastic modulus ( E, ) were extracted from the
nanoindentation force-depth curve (shown schematically in Figure 3-5) according to

Equation 3-1 and Equation 3-2.
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Figure 3-5: schematic view of the nanoindentation force-depth curve (adopted based on [82]).

_ Prax Equation 3-1
AR
NL Equation 3-2
E, = ————dP/dh|hax

2JA(h)

In these equations, P, is the maximum force; A(h.) is the contact area which is a
function of contact depth (h.); and dP/dh|h,, iS the slope of unloading curve at the

maximum indentation depth (h,,,,). These parameters, Pyax, Rmax and dP/dh|h,qx,

are shown in a schematic view in Figure 3-5. Details related to measuring the contact area

and contact depth can be found in [82].

3.1.2.6. Surface Roughness Measurement

Surface roughness was also measured using the Alpha step instrument. The roughness
measurement was conducted based on the ASTM-D7127 standard on two samples: one

before and the other one after brushing. Roughness testing was performed at 5 randomly
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chosen locations on each sample. The roughness was measured as the difference between
the maximum peak and minimum valley through a 2 mm line scan for each test. The

average roughness was calculated using the 5 sampled locations for each sample.

3.2 MD Simulation

MD simulation was used to study the ARB process of the Cu-Zr multilayer, and the tensile
behavior of C-A composites. The purpose of MD analysis is to complement the
experimental studies and investigate the micromechanisms. The simulations set up in the

current research will be summarized in the following sections.

3.2.1 Embedded Atom Method Potential

As mentioned in Chapter 2, an interatomic force field or potential is required to measure
the force between atoms. One of the most common potentials used in metallic systems is
the embedded atom method (EAM) potential. The general form of EAM potential is shown

in Equation 3-3.

1 Equation 3-3
Ei= B pp(i)) +5 ) 0up(ri)

%) i%)
Where F, is an embedding function that represents the energy required to place atom i of
type « into the electron cloud; pj is the contribution to the electron charge density from
atom j of type p atthe location of i; 7;; is the distance between atoms i and j; and @,p

Is the pair-wise potential function. E; in this equation is the potential energy of an atom 1.
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As it is clear from the EAM formula, the measuring energy of a single element system such
as the pure Cu requires three scalar functions that include: embedding, pair-wise
interactions and electron cloud contribution functions. In a binary alloy such as CuZr, seven
scalar functions should be specified: two embedding functions, two electron cloud
contributions and three pair-wise functions for Cu-Cu, Cu-Zr, and Zr-Zr. Herein, the EAM
potential introduced by Mendelev et al. [83] has been used to define the interatomic
potential functions for both the crystalline Cu and amorphous CuZr models. Experimental
data (i.e. Tg, liquid density and enthalpy of mixing at 1500 K) has been used to calibrate
this EAM potential for liquid and amorphous CuessZrsss alloys. Specifically, Tq was
measured as ~ 770 K by using this potential, which is close to experimental values of ~ 737
K for this composition [83]. Moreover, previous studies, extensively applied this potential

for modeling the mechanical deformation of amorphous CuZr models [84-86].

3.2.2 Simulation Models and Procedure

MD simulations were performed using Large-scale Atomic/Molecular Massively Parallel
Simulator (LAMMPS) [87]. Numerical studies include the ARB process and tensile
modeling. Details of the different MD models and the set up for each study will be

explained in the following sections.

3.2.2.1. ARB Models

An atomic model of the sandwich multilayer containing single crystalline Cu and Zr layers
was created and is shown in Figure 3-6. The size of model was ~ 25 x 8.5 x 40 nm along

X, Y and Z directions, respectively - with ~ 528,000 number of atoms. The ARB process
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was simulated by compressing the model in the Z direction with a uniform strain rate of
0.01 m/s up to 50% of the initial model thickness (dimension of the model in the Z direction
is considered the thickness). A fully periodic boundary condition (along all three directions)
was applied during the ARB simulation, and the shrinkage was allowed in all lateral
directions (X and Y) to keep the overall volume of the model constant in response to the
deformation along the Z axis. Figure 3-6 shows one step in the deformation of the sample
with a thickness reduction of 50%. Similar to the experimental procedure, the models were
cut in half and folded on top of each other for the next cycle of deformation. This procedure
was repeated for 6 cycles. The simulation was performed at a temperature of 300 K using

a NVT ensemble.

Cycle 1

Z

e Cu
T—b T=300k o
X T=
y

Figure 3-6: Schematic of a MD multilayer model and the first cycle of accumulative rolling simulation.

3.2.2.2. Tensile Models

In the current study, the amorphous CuZr models with a composition of CuesZrs; were
created using a melting and quenching process. Firstly, the corresponding elemental

composition was created by randomly deleting some atoms in a pure Cu model and
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replacing them with Zr atoms. After that, the model was melted at 2000 K for about 250 ps
(equal to 50,000 MD time steps). The model was cooled down to 10 K in a three-step
process. Firstly, it was cooled down to 1000 K in a rapid cooling rate step (4 K/ps). To
ensure that amorphization occurs, the cooling process around the Tq should be slow enough.
Considering the Ty of CuZr, which is near to 750 K [83], a low cooling rate of 0.12 K/ps
was applied in the temperature range between 1000 and 700 K. Finally, the final step of

cooling was performed from 700 to 10 K using a cooling rate of 1.38 K/ps.

In order to optimize the time and cost of numerical simulations, different configurations of
atomic models were created; which include C-A and polycrystalline amorphous-
crystalline-amorphous (A-NC-A) models. The different model sizes were created by
cropping the well quenched amorphous model. Figure 3-7 demonstrates a schematic of two
representative models used in this study. Figure 3-7 (a) indicates a typical C-A model with
the size ~ 20 x 2.6 x 20 nm in X, Y and Z directions, respectively. The crystalline layer in
these C-A models have different orientations which imposes slight differences in model
sizing along the Z direction to achieve the periodic boundary condition. The relatively
small size of the C-A model (typically 76000 to 79000 number of atoms depending on the
crystalline orientation) reduces the simulation time and processors, and therefore, it is

suitable in measuring interface energy (y;».) and critical resolved shear stress (CRSS).
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Figure 3-7: Representative atomistic structure of the (a) C-A model and (b) A-NC-A model with a
polycrystalline layer. The model in (b) is sliced in the middle to show the atomistic configurations of the
polycrystalline layer. The atom color corresponds to the atom type in (a) and common neighbor analysis
(CNA) in (b).

The orientation of the Cu layers in both C-A models were assigned in such a way that the
Y direction had a [1 -1 0] orientation and the other two axis (X and Z) were varied from [1
1 0] to [0 0 1] in an orthogonal coordination system. In addition to the crystalline
orientation, the effects of the grain boundary and texturing on the failure mechanism were
investigated by creating two polycrystalline A-NC-A models. Figure 3-7 (b) shows the
cross section representation of a A-NC-A model with polycrystalline Cu layer. In these
models, the columnar polycrystalline Cu models textured along the <0 0 1> and <1 1 1>
orientations in the X direction were constructed using the VVoronoi tessellation method [88].
The average grain size in the columnar polycrystalline Cu models was around 7 nm, and
the size of the Cu layer was ~ 10 nm along the X axis; with variations due to texturing
orientations. The total number of atoms was ~ 1,600,000 and the size of the model was ~

28 x 20 x 40 nm in the Cartesian coordination system.

The atomic models need to be well relaxed thermodynamically in order to avoid any huge

fluctuation in the results. Hence, a heating and quenching process were employed in all
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models as a relaxation procedure. The model was at a temperature of 1000 K for 1 ns and
then cooled down to 10 K at a cooling rate of 0.5 K/ps. The final relaxation step was carried

out at 10 K and zero pressure for about 100 ps in an isothermal-isobaric (NPT) ensemble.

During the relaxation procedure and while measuring the interface energy as well as CRSS,
the fully periodic boundary conditions were applied. However, in simulating the tensile
deformation of polycrystalline A-NC-A models, both periodic and free surface (shrink-
wrap) conditions along the X axis were applied to capture the effects of the boundary
conditions on potential failure mechanisms. In order to simulate the condition of tensile
deformation in thin films along the Z direction, shrinkage along the X axis is required. To
satisfy this condition, the simulation cell remained constant in tensile deformation for both
C-A and polycrystalline A-NC-A models. All tensile loading was carried out in a Noose-
Hoover thermostat under canonical ensemble (NVT) at a temperature of 10 K and constant

strain rate of 10 /ps along the Z direction.

3.2.2.3. Interface Energy

Equation 3-4 was used to calculate the interface energy of the C-A models with different

crystalline orientations.
Yint = (Ec-a — Ecrys - Eamorph)/sint Equation 3-4

In this equation, E._, is the summation of potential energy in a well-relaxed C-A model
for all atoms and will be referred to as the total energy in the current study. The terms E,.,,s
and Egmorpn are the total energy of the bulk form of the crystalline and amorphous layers

before joining together, respectively. The fully periodic boundary conditions were applied
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in all C-A, crystalline and amorphous models while measuring the energy. Also, the same
heating and quenching procedures that were discussed in the previous section were applied
in relaxation of the whole models. S;,; is the interface cross-sectional area. The state of
being well relaxed was carefully monitored by tracking the total energy of the system and
its variations. If the total energy converged to a plateau, the model was considered to be a

well relaxed model.

After measuring the interface energy in the C-A models, the effects of orientation on free
surface energy (ys.) in the crystalline Cu layers was investigated, and the results
compared. To do this, the free surface energy in the crystalline layer was measured as the
difference in total energy of system with two different boundary conditions: one fully
periodic and the second with a free surface (shrink-wrap) along the X dimension. Finally,
considering slightly differences in the model size with different orientations, the observed
free surface energy was normalized by the surface area to be comparable with values

obtained from the different models.

3.2.2.4. Atomic Structural Analysis

The atomic structural analysis was performed by measuring several parameters such as
atomic density, composition, RDF and Voronoi analysis. A slicing procedure was
conducted in the atomic structural analysis. A region around the C-A interface with 4 nm
thickness was selected in such a way that covers approximately half of the crystalline and
half the amorphous layers; with the original interface position defined as the reference

(X=0) point. The sectioned regions were selected in such a way that represent the structural
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variation around the interface. Around 40 slices, with thicknesses of 1 nm in the X
direction, were created starting from X=-20A. More specifically, the first slice was located
within -20 A< X < -10 A, and subsequently, the next one was shifted to the right with an
increment of 1 A (-19 A< X < -9A). This procedure was repeated up to X=20 A - which is
the end point of slicing. In the slicing process, the atomic density was measured as the total
number of atoms divided by the volume of each slice. Similarly, the composition analysis
was carried out by measuring the number of Cu and Zr atoms in each slice section and then,
dividing the corresponding value by the total number of atoms represented in each slice.
RDF and Voronoi analysis were also performed in each sliced section using OVITO [89]

and Voro++ code [90], respectively.

3.2.2.5. Measuring Atomic Stress

In order to investigate the mechanical behavior of models under tensile loading, measuring
the stress and strain tensors is required. At the atomic scale, stress measurements can be
performed using the virial theorem [87,91]. The viral stress used is based on Equation 3-5

[92].

1 N 5 5 Equation 3-5
a
o =7 ) [1/2 ) (R = ROE™ — mevfrvf]
a p=1
In this equation, (i, j) represents values of X, Y and Z directions; g is the number of
neighbors of atom «a; R{ is the position of atom a along the direction of i; Ig.“ﬁ is the

force on atom a due to atom g in the direction of j; V is the total volume; m® is the

mass of atom «; and v{* is the thermal excitation velocity of atom « along the direction
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of i. The viral atomic stresses were averaged over time and normalized by the atomic
volume to calculate the stress in the amorphous CuZr layers. The normalization is required
since the atomic size of Cu and Zr are different. Due to the different atomic size of Cu and
Zr atoms, the atomic volume was calculated as the volume of the model divided by the total
number of atoms. The same methodology was applied in computing stresses in the C-A
models. It is required to determine yield stress values in the crystalline layer when the first
dislocation was nucleated in measurements for CRSS. Therefore, a stress tensor was
computed in the crystalline layer by defining a group of atoms within the crystalline layer
in such a way that the C-A interface does not influence the results. Considering the original
C-A interface at X = 0 A, this group was defined in the crystalline Cu layer within -95 A <

X < -5 A. The CRSS (trss) Was measured using Equation 3-6.
Tcrss = Op COS @ COS 6 Equation 3-6

Where a,, is the normal stress along the loading direction (Z) - which was computed in
only the crystalline layer as described earlier. The cos ¢ cos @ is called the Schemid factor
[93] which can be measured by calculating the angle between loading direction and the
normal of the slip plane (¢); and the angle of loading direction and the slip direction ().
While performing dislocation analysis using OVITO, the slip plane and slip direction were
extracted for each C-A model and consequently, the Schemid factor was calculated
considering the orientation of the model along the Z direction. Substituting the Schemid

factor and normal stress in Equation 3-6, the CRSS was measured for the C-A models.
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Chapter 4 : Results and Discussion

The current chapter is specified to discuss the results obtained by experiments and MD
simulations. Experimental data including the development of the ARB guideline,
microstructural analysis, and the nanoindentation results of synthesized samples are
provided in the first part. This is followed by MD studies of the microstructural evolution
during ARB, and the effects of crystalline orientation on the mechanical properties of C-A

composites.

4.1 Experimental

4.1.1 Influences of ARB Parameters on Bonding between Cu-Zr
Multilayers

There are several important parameters to consider, including surface roughness, multilayer
configuration, Cu/Zr thickness ratio, thickness reduction per rolling pass, annealing
temperature and time; all of which should be carefully monitored to assure bonding of
metallic Cu-Zr multilayers. The details of the selected ARB parameters will be discussed

in following sections.

50



4.1.1.1. Surface Roughness

As stated in sample preparation protocol in Chapter 3, cleaning in acetone and roughening
the surface by using a wire brush are important steps in sample synthesis. Figure 4-1
indicates two representative surface profiles obtained from surface roughness
measurements before and after brushing. The average surface roughness has been increased

from ~ 3.9+£0.1 pm to ~ 5.1+0.2 pm due to the brushing.
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Figure 4-1: Representative surface profiles for the measurement of surface roughness a) before and b) after
brushing.

The effects of the remaining particles on the sample surface due to brushing has been

carried out by performing an EDS analysis on two samples: one before, and the other after
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brushing. As demonstrated in Figure 4-2, the content of carbon (C) and iron (Fe) did not
change significantly after brushing; indicating that the effects of the remaining steel

particles on the sample surface (due to the brushing) is not a serious issue.
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Figure 4-2: EDS analysis on the surface of samples a) before and b) after brushing. The content of Fe and C
did not show significant alteration, indicating that there is not a considerable amount of steel particles
remaining after brushing.

As discussed in Chapter 2, the surface embrittlement can occur due to surface roughening
by brushing; and consequently, leads to surface cracking which facilitates the multilayer
bonding. The friction shear force between layers is heightened by increasing the surface
roughness which imposes severe plastic deformation on the interface of the multilayers.

With all other parameters being equal, samples prepared without surface brushing did not
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show strong bonding, and the multilayers were delaminated after 1 or 2 passes of rolling.
It means that surface roughening is an important factor in the bonding of layers during the

ARB process performed on Cu-Zr multilayers.

4.1.1.2. Multilayers Configuration and Cu/Zr Thickness Ratio

As discussed in Chapter 2, the configuration of the multilayers and the thickness ratio of
Cu and Zr layers (tcu/tzr) are important parameters to consider, as they influence the plastic
instability and the multilayer bonding in the ARB process. In order to achieve bonding,
different configurations and thickness ratios have been tested. Firstly, two layers of Cu-Zr
configuration were attempted. However, bonding of two layers was not successful even
though different thickness ratios, including teu/tzr = 0.5, 1 and 2, were tested. Therefore, the
experimentation was shifted to testing three multilayer configurations so that two Cu sheets
would be located in the outer layers, and one Zr layer will be located in the middle of the
sandwich stack. While testing different thickness ratios, it was found that strong bonding
can consistently form when the teu/tr was almost equal to 3. The reason can be related to
the bonding mechanisms that were discussed at length in Chapter 2. If Zr layers are not
thin enough in comparison to the Cu layers, the breaking of Zr will not occur; and therefore,
the multilayer sandwich sample will remain disconnected after rolling. Table 4-1
summarizes the thickness ratios investigated in the bonding of multilayers. The most
efficient thickness ratio was defined as the ratio which met the targeted composition of Cu-
Zr, which was assigned as 60-40 as the percentage of Cu and Zr respectively. The target
composition has been selected based on the reported data for Cu-Zr systems, which was

discussed in Chapter 2. Although bonding has been carried out using thick Cu and very
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thin Zr layers (for instance 508-50 um of Cu-Zr thicknesses, respectively), the composition

ratio was not high enough to accept such a configuration.

Table 4-1: Different thickness ratios investigated in the bonding of Cu-Zr multilayers during the ARB process.

tcu (Um) tzr (UM) Bonding status

508 380 No bonding

508 250 No bonding

508 25 Good bonding but low composition ratio
508 50 Good bonding but low composition ratio
508 110 Good bonding

485 200 No bonding

300 50 Good bonding but low composition ratio
330 150 No strong bonding

330 110 Good bonding

In spite of good bonding found in 3 layers configurations with teu/tzr ~ 3, the total thickness
ratio was around 6:1 (total tcy=660 pm divided by tz=110 um) which is still not close to
the target value of ~ 2.5:1. Consequently, the proportion of Zr in the configuration
increased by increasing the number of multilayers (i.e. to 5, 7 and 9) with the same tcu/txr
ratio. This attempt led to samples showing good bonding in 5 and 7 layer configurations,
while no bonding occurred in 9-layer stacks. The reason for the lack of bonding in 9-layers

stacks is that the high total thickness of starting multilayers (more than 2 mm) is above the
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capacity of the rolling machine used (10 Ton). As a result, the focus was on 7 layer
configurations. Further investigation showed that the thicknesses of the layers can be
modified to some extent, especially in the middle layers. The final configuration, which
was discussed in Chapter 3, contains 4 layers of Cu and 3 layers of Zr, with a total thickness

ratio of around 3:1 (tcu=1100/tz=330~3.3).

4.1.1.3. Thickness Reduction per Rolling Pass

As discussed in Chapter 2, the percent thickness reduction is a critical factor in the bonding
of metallic layers during the ARB process. The current study on Cu-Zr multilayer systems
show that a minimum thickness reduction of around 50 % is required for Cu-Zr multilayers
bonding. The thickness after rolling pass should be equal to or lower to half of the initial
thickness before rolling. Furthermore, the thickness reduction varied from 49 % (rolling
from 1430 to 730 pum) to ~ 62 % (rolling from 1190 to 450 pum) depending on the number
of rolling cycles for different samples. Any other range in thickness reduction less than 49
% or above 62 % led to either delamination of the multilayer in the former case, or severe
cracking in the latter case. Overall, the range of thickness reduction for the ARB process

in Cu-Zr multilayers formation was identified to be between 49 to 62 %.

4.1.1.4. Annealing Temperature and Time

The other severe challenge during the ARB process is a loss of ductility due to the cold
working. After 2 or 3 rolling passes, the sample was so brittle that it prevented the carrying
out of further rolling steps. However, the alloying during the ARB usually occurs following

a higher number of rolling passes. In order to continue the rolling process, it is necessary
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to recover the ductility of the samples by the intermediate annealing process after each

rolling step. Temperature and time are two important parameters in the heat treatment

procedure. Due to the presence of two distinct metallic phases (Cu and Zr), finding the

appropriate temperature and time was challenging. Considering the recommended

temperature and time of annealing for Cu and Zr [94], a systematic study was performed

to find the appropriate annealing parameters. As indicated in Table 4-2, the process started

at low temperatures of 200 °C, and increased to a maximum temperature of 1000 °C. The

annealing time was also set between 5 - 90 min.

Table 4-2: Details related to finding the optimized annealing temperature and time for the Cu-Zr multilayers
during the ARB process. The focus was on recovering ductility of the samples, as well as minimizing

oxidation.

Temperature (°C) Time (min) Sample condition

200 5 Annealed in air, high oxidation, no
ductility recovery

200 15 Annealed in air, high oxidation, no
ductility recovery

200 60 Annealed in air, high oxidation, no
ductility recovery

300 15 Annealed in air, high oxidation, no
ductility recovery

300 60 Annealed in air, high oxidation, no
ductility recovery

400 5 Annealed in air, high oxidation, no
ductility recovery

400 15 Annealed in air, high oxidation, no
ductility recovery

400 60 Annealed in air, high oxidation, ductility
recovery

500 60 Annealed in air, high oxidation, ductility
recovery

300 30 Wrapped in steel sheet, low oxidation, no

ductility recovery
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300 60 Worapped in steel sheet, low oxidation, no
ductility recovery

400 60 Wrapped in steel sheet, low oxidation,
ductility recovery

500 30 Worapped in steel sheet, minor oxidation,
ductility recovery

500 60 Wrapped in steel sheet, minor oxidation,
ductility recovery

700 30 Wrapped in steel sheet, minor oxidation,
ductility recovery

700 60 Wrapped in steel sheet, minor oxidation,
ductility recovery

700 90 Wrapped in steel sheet, minor oxidation,
ductility recovery

800 30 Wrapped in steel sheet, high oxidation,
ductility recovery

800 60 Wrapped in steel sheet, high oxidation,
ductility recovery

1000 60 Wrapped in steel sheet, high oxidation,
degraded sample

The obtained data in Table 4-2 shows that at the low temperature range (below than 300

°C) the ductility was not recovered significantly. Surface cracking occurred during rolling

of the samples which were annealed at the low temperature regime, indicating that

annealing at low temperatures is not effective. By increasing the annealing temperature up

to around 800 °C, the ductility recovery improved, although oxidation became serious. In

order to minimize the oxidation effects, the samples were wrapped in steel sheets during

heat treatment. The EDS analysis on the sample surface in Figure 4-3 demonstrates that the

oxygen content before and after annealing was similar. That is to say, the steel wrapping

was effective in minimizing the oxidation effects.
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Figure 4-3: EDS analysis on the surface of sample a) before and b) after annealing. Samples did not show
significant oxidation during heat sample treatment wrapped by steel sheets.

A high oxidation rate was observed by increasing the temperature to above 800 °C which
was not beneficial during the ARB process. As a result, the efficient annealing temperature
was identified to be between 350 °C to 700 °C in terms of achieving a minor oxidation rate
and good ductility recovery. Considering the crystallization temperature range for different
amorphous CuZr compositions between ~ 425 °C to ~ 525 °C [95], the effective
temperature range identified in this research covers the whole range of crystallization
associated with CuZr components. To investigate the effects of the annealing temperature
on the amorphization of CuZr during ARB, the lower (350 °C) and upper (700 °C)

temperature bounds of the efficient range were assigned as the annealing temperature.
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The effects of annealing time was also studied and are summarized in Table 4-2. It was
found that annealing time should be longer than 30 min to obtain a ductile sample. The
ductility recovery improved by increasing the annealing time. However, the impacts of
annealing time on ductility recovery was less than the annealing temperature. Based on the
obtained data, two different samples were prepared: one annealed at 350 °C for 60 minutes,
and the other one with annealing temperature and time of 700 °C and 90 minutes

respectively, between every single rolling pass.

4.1.1.5. Microstructural Evolution during ARB

The bonding of Cu-Zr multilayers was a challenging step in sample synthesis. As discussed
in Chapter 2 on the bonding mechanisms in a binary system during ARB, the harder phase
experienced necking, and consequently, broke down into small pieces. The soft phase can
penetrate in the middle of the broken particles, allowing them to reach the adjacent soft
layer. Figure 4-4 indicates the structural evolution on the cross section of the Cu-Zr
multilayers following different rolling steps from 2 to 8. As it is clear, the Zr layers breaks
down into smaller pieces after 6 rolling steps. The different hardness values of Cu (100.8
HV) and Zr (196 HV), measured in this study, imposed different elongation rates during
the rolling process. While Cu is part of the soft phase and can be elongated easily, the hard
Zr phase is not able to elongate with the same rate as the Cu layer. Consequently, the hard
Zr phase breaks down into small pieces through the necking process due to plastic
instability (see Figure 4-4 (a)). The plastically deformed Cu regions can flow in between
these broken Zr particles and reach the adjacent Cu layer through the process of cold

welding (or cold bonding). As shown in Figure 4-4, the multilayer structure contains the
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distributed broken Zr particle in the Cu matrix following increased number of rolling cycles

from 2 to 8.

Figure 4-4: SEM image on the cross section of samples after a) 2", b) 4", ¢) 61 and d) 8™ cycles of rolling.
The structural evolution during ARB process can be captured through breaking down of Zr layers into small
particles.

The observed microstructural evolution in the SEM analysis of Figure 4-4 is in well
agreement with the SEM data reported by Sun et al. [9] and Ohsaki et al. [10] on ARB
structural studies of highly pure Cu-Zr multilayer systems. Both studies have shown the
island-like Zr blocks distributed in the Cu matrix after ~ 6 ARB cycles. However, the final
structure after ~ 9 ARB cycles have shown an almost lamellar configuration which is not
observed in this current work. There was also a transformation from inhomogeneous to

homogeneous deformation after around 6 ARB passes due to homogenization of hardness
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mismatch between Cu and Zr layers, as claimed in [10]. It should be noted that the ARB
procedure has been modified in current study to implement intermediate annealing which
IS necessary to conduct large strain deformation on commercial Cu-Zr multilayers.
However, the intermediate annealing has not been performed in [9,10] and therefore, the
Cu layers were more work-hardened than Zr layers after around ~ 6 ARB cycles and
consequently, homogeneous deformation occurred due to the close hardness values of Cu
and Zr phases. This is in contrast to the current research where large hardness mismatch
causes inhomogeneous deformation even after 10 ARB passes. Meanwhile, the alloying
and formation of a new phase even in early steps of ARB process, as indicated in
Figure 4-4, was not reported in previous studies. It seems that the intermediate annealing
facilitates the mechanical alloying during the ARB process of commercial Cu-Zr
multilayers which will be discussed later in this chapter. In addition, it has been shown that
the purity of the Zr element, especially in terms of oxygen and nitrogen content, has a
strong influence on its mechanical properties [96]. Consequently, the difference between
the current microstructure and the above-mentioned studies after ~ 9 ARB cycles can be
related to the purity of starting materials, particularly for the Zr sheets. While the purity of
the applied Zr sheets in [9,10] were more than 99.8 % with the hardness of around 160 HV
[10], the as-received Zr sheets in this study contained higher amounts of impurities as stated
in Chapter 3 with the hardness value of around 196 HV. The large hardness mismatch is
the reason that the elongation rate of the Cu and Zr sheets used in current study are
dramatically different. The strong mismatch in the elongation rate during the ARB process
IS a source of stress raiser at the interface. As a result, defects such as cracks and voids

(observed in Figure 4-4) were initiated and propagated due to stress concentration and a
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heavy state of loading. The presence of defects and a strong mismatch between elongation
rates avoid homogeneous deformation state that was reported in [9,10]. It is worthwhile
mentioning that commercial Zr sheets have significantly lower price than highly pure ones.
Such variation in costs of starting materials can cause a huge difference on final product’s

price, especially in large-scale production.

4.1.1.6. Summary of Efficient ARB Parameters

The prepared multilayer samples were 6 cm wide to minimize defects such as edge
cracking. The final thickness of the obtained samples varied from around 0.5 mm to 0.9
mm depending on the thickness reduction following each cycle and the number of rolling
passes. In summary, Table 4-3 indicates the most efficient ARB parameters for synthesis
of two types of Cu-Zr samples. Sample | was rolled up to 10 cycles, while the ARB process
terminated in cycle 8 for sample I, as the ductility recovery was not as good as sample |
due to the annealing temperature of 350 °C. The following analysis (both microstructure
and mechanical testing) are all based on parameters summarized in Table 4-3 and
conducted on average 10 number of samples for each type I and 1. Samples will be referred

to as sample I and 11 for further analysis.

Table 4-3: Efficient parameters in ARB process of Cu-Zr samples.

ARB Number of starting | te/tzx | Thickness reduction Annealing Annealing Number of

parameters multilayers (%) temperature (°C) | time (min) | ARB cycles
Sample | 7 ~3 49 to 62 700 90 10
Sample I 7 ~3 49 10 62 350 60 8
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4.1.2 Microstructural Analysis

Figure 4-5 shows sample | after 10 rolling passes and the corresponding SEM image
displaying the cross-sectional area. Three distinct phases can be easily detected in
Figure 4-5. Since the process started with two metallic crystalline phases, the presence of
Cu (dark) and Zr (bright) phases are expected. However, the interesting point in the SEM
image is the formation of a phase (gray) with unknown composition and structure; which
is the sign of alloying CuZr phases during the ARB process. In this section, the

microstructural analysis based on EBSD, SEM, TEM and EDS will be discussed.

Figure 4-5: (a) Synthesized sample and (b) SEM on the cross section for sample | after 10 rolling passes.

4.1.2.1. Grain Structure Evolution on Cross Section

EBSD analysis was performed on the cross section of the samples after its 2", 4", 6" and
8" steps of rolling, prepared from sample 11. The EBSD analysis was carried out before the
annealing process following each pass. The EBSD mapping and corresponding phase map

for each rolling pass is demonstrated in Figure 4-6.
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Figure 4-6: a) EBSD mapping on the samples prepared from cross section following different steps of rolling,
and b) EDS mapping on the same area of EBSD mapping showing the composition ratio.

Interpretation of the EBSD results reveals several important microstructural characteristics.
Firstly, there are several regions which do not show any grain structure. Considering the
EDS mapping in Figure 4-6 (b), the region composition without a grain structure shows the
CuZr phases. The reason for such behavior are two-fold: insufficient surface quality (which
might be the case even after ion polishing), or the absence of a crystalline structure.
Although the presence of rougher surfaces are possible, the grain structure of the
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surrounding areas can provide a clue in determining if a sufficient surface quality exists.
Another possible reason for the absence of a grain structure in EBSD mapping of CuZr
phases can be due to their amorphous or semi-amorphous structures. In spite of providing
a strong clue through EBSD analysis, the amorphous nature of CuZr phases cannot be

confirmed by EBSD analysis.

The refinement of the microstructure, which can be captured by gradual decreasing grain
size with increasing number of rolling passes, is also evident from the EBSD analysis.
Figure 4-7 indicates the quantitative analysis on the cross-section grain size evolution
during the ARB process. As demonstrated, the average grain size decreases from ~ 10 um
in the 2" pass of rolling to less than 1 um in the 8" pass of rolling. As discussed in Chapter
2, the mechanical alloying mechanisms during ARB are associated with an increase in free
energy due to defects, such as dislocations as well as structural refinement. The observed
grain structure refinement in Figure 4-7 can also cause a higher diffusion rate at the grain
boundary and interfacial regions. Consequently, mechanical alloying mechanisms and a
higher diffusion rate due to the structural refinement can facilitate the formation of CuZr

phases at the interfacial regions during the ARB process.
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Figure 4-7: Grain size variation on samples prepared from cross section in different steps of rolling.

4.1.2.2. Development of CuZr Phases

The alloying and consequent formation of CuZr phases during the ARB process is
demonstrated in Figure 4-5 (b). EDS analysis was performed on the cross section of sample
| to identify the compositional content of the formed phases during the ARB process.
Figure 4-8 demonstrates the composition results from the EDS analysis. As it can be seen,
three distinct phases such as pure Cu (Figure 4-8 (a)), pure Zr (Figure 4-8 (e)) and several
CuZr phases (Figure 4-8 (b), (c) and (d)) are presented in the EDS results of the roll-bonded
sample. While the quantitative analysis on the selected areas shows upwards of a 99 % pure
Cu and Zr composition, the corresponding data for CuZr phases reveals a variety of
compositions including CussZrs, (Figure 4-8 (b)), CusoZrso (Figure 4-8 (c)) and Cus2Zrss
(Figure 4-8 (d)). As a result, the EDS results confirmed that CuZr phases with different
formulae (~ CuZr,, CuZr and CuzZr) are formed during the ARB process. The formation

of CuZr phases were observed in all synthesized samples (~ 10 samples).
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Figure 4-8: EDS analysis and composition of (a) pure Cu, (b) CussZrez, (€) CusoZrso, (d) Cugs2Zrsg and (€) pure
Zr phases. The results obtained based on EDS analysis on around 10 samples.

Based on the alloying mechanisms during the ARB process which were discussed in

Chapter 2, the inter-diffusion of Cu and Zr can take place at the interfacial regions which
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are responsible for the formation of inter-metallic CuZr phases. The microstructural
refinement was discussed earlier in Figure 4-7 as a facilitating factor in the inter-diffusion
phenomenon. The evidence of such inter-diffusion phenomenon can be found in area
mapping and line scan results shown in Figure 4-9 for a representative sample | (the same
phenomena were observed for all samples). As it is clear from line scan analysis in
Figure 4-9 (b), the gradual variation of Cu and Zr compositions at the interface regions
supports the occurrence of inter-diffusion. EDS mapping in Figure 4-9 (a) indicates that
CuZr phases are mostly formed around the interface of Cu and Zr phases, which provides

further evidence of inter-diffusion at the interfacial regions.

(b) o

Figure 4-9: a) EDS mapping on cross section, and b) line scan analysis showing the formation of CuZr phases
and inter-diffusion around interface.

The presence of CuZr phases with different compositions in the rolled samples has been

confirmed in EDS analysis, indicating that the alloying occurs during the ARB process.
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This is different from the results of [9,10] where the strong alloying was not reported in
SEM analysis. As discussed earlier, the intermediate annealing procedure performed in
current study, is a significant step in mechanical alloying during the ARB procedure of
commercial Cu-Zr multilayers. Annealing has been led to the formation of several CuZr
phases with different compositions. Particularly, the inter-diffusion rate, discussed in
Figure 4-9 as the atomistic mechanisms of alloying, is higher with increasing temperature
[97]. Therefore, intermediate annealing procedure increases the rate of inter-mixing Cu and
Zr atoms during the ARB process, facilitating the formation of CuZr phases. Furthermore,
the fraction of new-formed CuZr phases are so high that are easily detected in SEM and
EDS analysis, in contrast to limited narrow regions (with thickness of less than 1 nm) in
previous TEM studies [9,10]. Table 4-4 summarizes the main differences between current

work and previous studies in terms of materials used, procedure and results.

Table 4-4: A summary of differences in terms of materials, procedure and results between current and
previous studies on ARB of Cu-Zr multilayers.

Research groups Materials Procedure Results
Current study Commercial Zr and ARB with Significant alloying
Cu sheets intermediate and formation of
annealing CuZr phases even in
early steps of the
ARB
Sun et al. [9] Highly pure Zr and ARB with no No significant
Cu sheets intermediate alloying was
annealing observed in SEM
Ohsaki et al. [10] Highly pure Zr and ARB with no No significant
Cu sheets intermediate alloying was
annealing observed in SEM and
limited narrow CuZr
regions were detected
in TEM analysis
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The structure of the newly formed phases remains unknown. As discussed in Figure 2-4,
the experimentally extracted phase diagram of binary Cu-Zr alloys shows that the inter-
metallic Cu-Zr compounds can form in thermodynamic equilibrium. The crystalline
Cu10Zr7, which has close composition with the detected Cus2Zrzg phase in the EDS analysis,
is stable up to around 900 °C. Furthermore, the crystalline CuZr phase is also stable up to
around 1000 °C and it has close formula with the identified CussZre. phase; while the
crystalline CuZr phase (CusoZrso) is not stable below 715 °C. Overall, it is important to
investigate the structure of the CuZr phases to determine whether it is crystalline (as those
inter-metallic components in phase diagram) or amorphous (such as those represented in

Chapter 2).

4.1.2.3. TEM Structural Analysis

As was mentioned in Section 4.1.1.4, two different samples were prepared by applying two
annealing temperatures of 350 °C and 700 °C, representing a lower and a higher temperature
bound than the crystallization temperatures [95], respectively. TEM with electron
diffraction analysis was performed in order to investigate the structure of the CuZr phases
and the effects of annealing temperature on the structure of the formed phases. The TEM
results of the sample prepared with an annealing temperature of 700 °C (sample 1), shown
in Figure 4-10, demonstrate the presence of both crystalline and amorphous phases. While
the electron diffraction reveals the crystalline structure for the right-side selected area
(which is obvious even from the image itself), the corresponding diffraction on the left-
side area indicates an amorphous structure. More interestingly, the d-spacing measured by

the electron diffraction (shown in Figure 4-10) matches with a pure Zr phase; while the
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corresponding EDS data indicates a CuzeZr74 composition for the amorphous region. To

this point, the presence of an amorphous phase is confirmed by electron diffraction methods.

Cu26Zr74

Figure 4-10: TEM results with electron diffraction analysis. The distinct two regions with amorphous CuZr
(left side box) and crystalline Zr (right side box) structures were identified (annealing temperature was 700
°C).

Higher magnification of the TEM analysis of the same sample (sample I) is shown in
Figure 4-11 indicates important aspects of structural analysis. Similar to low magnification
analysis, the presence of both crystalline and amorphous phases is obvious. However, the
main point in Figure 4-11 is that both phases have shown similar CuZr compositions. The
EDS analysis demonstrates the composition of CuzseZreze for both amorphous and
crystalline regions, which are in good agreement with the EDS results from SEM analysis.
The impurity content - including elemental C and O - were not considered in EDS
composition analysis as they are common in TEM samples prepared using the electro
polishing technique. CuZr phases has a close formula to CuZrz, which was representing in
the phase diagram as a stable crystalline phase up to around 1000 °C. The measured d-

spacing is well matched to that of tetragonal CuZr; crystalline phase with lattice parameters
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of a=b= 3.22 A and c=11.18 A [98]. However, the electron diffraction shows that the
amorphous structure for this composition is also formed, although it is limited to small
regions. The interface between amorphous and crystalline phases is highlighted in
Figure 4-11. Annealing the samples at 700 °C increases the chance of crystallization of
formed CuZr phases, and consequently, widespread amorphous regions were not detected

in the TEM analysis for sample I.

| Acafire CCD (Acquire CCD with ffttif)

Cu26.92r63.9

i

Figure 4-11: High magnification of TEM analysis revealing the presence of both amorphous and crystalline
CuZr2 phases (annealing temperature was 700 °C).

In order to eliminate the crystallization phenomenon, the annealing temperature was set at

350 °C (sample I1) which is lower than the crystallization temperature of ~ 425 °C [95].
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The crystalline Cus1Zresg phase is detected as shown in the TEM analysis of Figure 4-12.
Similar to the other sample with a higher annealing temperature (sample 1), the formula of
the detected phase is very close to a crystalline CuZr» inter-metallic compound. Although
the annealing temperature is below the crystallization temperature for all possible CuZr
intermetallic compounds reported in [95], the formation of crystalline CuZr phases still

occurred during the ARB process in this work.
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Figure 4-12: High magnification TEM analysis revealing the presence of crystalline CusiZres phase
(annealing temperature was 350 °C).

The influence of annealing temperature on the structure of the CuZr phases can be
recognized by the fact that the widespread amorphous regions have been detected in
samples which annealed at 350 °C. As shown for a representative region in Figure 4-13 (a),
the electron diffraction pattern of the CussZres phase contains hollow circles, as well as
spots indicating the presence of both crystalline and amorphous phases. This is confirmed
in high magnification TEM analysis on display in Figure 4-13 (b), where the amorphous

regions are located beside the crystalline nanoparticles. Overall, formation of amorphous
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CuZr, phase adjacent to the crystalline CuZr, nanoparticles, observed in TEM analysis of
sample Il, indicates an ultrafine structure which is different from the reported multilayer
structure in [10]. In fact, both alloying and amorphization of CuZr phases during the ARB
process have been facilitated due to the intermediate annealing procedure, led to the

ultrafine microstructure in current study.

(a)

CuzeZrea

Figure 4-13: TEM analysis (a) electron diffraction pattern containing both hollow circles and spots, and (b)
high magnification TEM revealing the presence of both amorphous and crystalline CussZres phases
(annealing temperature was 350 °C).
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Theoretical investigation of thermodynamics and kinetics of CuZr amorphization has
revealed high glass forming ability close to intermetallic compounds [99]. The key
conclusion was that the Gibbs free energy has demonstrated a sharp increase for
intermetallic compounds, leading to a lower Gibbs free energy neighboring the
intermetallic compositions. The temperature dependent viscosity was also indicated the
kinetically favored glass forming compositions close to the intermetallic compounds,

especially for CuioZr7, CuZr and CuZro.

The amorphization of CuZr phases with compositions close to the CuZr; phase in this work
(observed in both samples with different annealing temperatures) is in well agreement with
the theoretical predictions of glass forming ability reported in [99]. However, based on the
TEM and electron diffraction analysis, amorphization of CuZr phases during ARB process
is more likely to occur by annealing at a temperature lower than the crystallization
temperature. Overall, TEM and electron diffraction analysis indicated that the C-A
composite structures were synthesized by ARB. The crystalline phases include pure Cu,
pure Zr, and a possible crystalline CuZr phase such as CuZr,. The formation of amorphous
CuZr phases during the ARB process resulted in amorphous regions distributed in the

crystalline matrix.

4.1.3 Mechanical Properties: Nanoindentation

The elastic modulus and hardness of both samples (I and I1) have been extracted using a
large set of testing data based on nanoindentation. Figure 4-14 shows the typical load-

displacement curves for pure Cu, pure Zr, and representative CuZr phases for two annealing
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temperatures of 350 °C and 700 °C. The indentation depths for the three representative
phases, in a sample with annealing temperature of 350 °C shown in Figure 4-14 (a), takes
different values for pure Cu ( ~ 400 nm), pure Zr ( ~ 290 nm) and CuZr phases ( ~ 150 nm).
The corresponding indentation depths for the sample with an annealing temperature of 700
°C (Figure 4-14 (b)) are ~ 400 nm, 300 nm and ~ 200 nm for pure Cu, pure Zr and CuZr
phases, respectively. As a key difference, the presence of pop-in feature is highlighted in
load-depth curves for the CuZr phase, formed in a sample 1l. As stated in Chapter 2, the
presence of pop-in features in nanoindentation load-depth curves is a strong support of the
amorphous nature of indented metallic phases. The absence of a pop-in feature in the load-
depth curve for CuZr phases with an annealing temperature of 700 °C is in well agreement
with the TEM analysis where the widespread amorphous phases were not detected. In
contrast, the amorphization of CuZr phases below the crystallization temperature is

supported by the pop-in feature of nanoindentation load-depth curves in Figure 4-14 (a).
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Figure 4-14: Representative load-depth curve in nanoindentation testing of pure Cu, pure Zr and CuZr phases
(a) for the sample annealed at 350 °C and (b) for the sample annealed at 700 °C.
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In order to extract elastic modules and hardness values, large-scale tests were performed as
demonstrated in SEM image of a representative sample Il in Figure 4-15. EDS analysis on
the sample with an annealing temperature of 350 °C in Figure 4-15 indicates that the
indentation spots cover different phases, including dominant Cu (area 1), dominant Zr (area

3) and Cuze.46Zr2354 phases (area 2).

Area 1
Pile up = Cu99.522r0.48

Area 2
Cu76.462r23.54

Area 3
ss Cup.49Zrg9.51

Figure 4-15: SEM image showing the indentation spots and EDS analysis of different representative phases
including Cu, Zr and CuZr. The nanoindentation was performed on a sample Il with an annealing temperature
of 350 °C.
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Figure 4-16 indicates the indentation spots and the corresponding hardness values for each
spot in the sample with an annealing temperature of 350 °C (sample 11). Herein, they sign
represents pop-in in load-displacement curves. Also, both color and size of the symbols are
proportional to the hardness values. The results in Figure 4-16 (b) reveal that the hardness
of CuZr phase (~ 8 GPa) are higher than pure Cu (~ 2 GPa) and Zr (~ 4 GPa) phases.
Although the pop-in feature was observed in load-displacement curves for most CuZr spots,
there are a few number of CuZr spots which do not show the strong pop-in feature. This is
consistent with the TEM analysis in Figure 4-13 that indicates an ultrafine structure
(containing both amorphous and crystalline CuZr; phases) for sample I1. Due to the fact
that the nanoindentation is a local testing procedure, it is possible that the CuZr spots

without the pop-in feature are located on the crystalline phases.
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Figure 4-16: Large-scale nanoindentation testing. (a) SEM image indicating the indentation spots and (b) is
the hardness values for each spot in samples with an annealing temperature of 350 °C. In this figure, % is
representing pop-in in load-displacement curves. Also, both color and size of symbols are proportional to the
hardness values.

After eliminating the spots which are located on cracks or interfaces, the average elastic
modulus and hardness values were extracted and summarized in Table 4-5. The data was

extracted for each phase by averaging over at least 10 indents. Based on the results of both
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samples in Table 4-5, Cu is the soft phase with an average hardness of ~ 2 GPa, Zr can be
identified as the intermediate phase with an average hardness of ~ 4.2 GPa, and the CuZr
phases formed during the ARB process have recorded the highest hardness at ~ 8 GPa. The
obtained results are in well agreement with the reported hardness values on nanoindentation
testing of CuZr phases using the Berkovich tip [100]. The trend in results for elastic
modulus also demonstrated higher values for CuZr (~ 125 GPa) than both Cu (~ 110 GPa)
and Zr (~100 GPa) phases in both samples. However, the corresponding elastic modulus
for each phase in sample with an annealing temperature of 350 °C recorded almost 10 %
higher values in comparison with samples annealed at 700 °C. Such a behavior can be
related to the state of residual stresses which might be different as a function of annealing
temperature. It was shown that since the pile up around the indenting spots (indicated in
Figure 4-15) is not considered in the calculation of contact area in nanoindentation testing;
therefore the reduction in elastic modulus by changing the state of residual stress is not real
[101]. Meanwhile, in the CuZr phases, the possible structural differences observed in both
TEM and nanoindentation curves (pop-in feature) may have resulted in the reduction in

elastic modulus due to increased annealing temperature.

Table 4-5: Nanoindentation hardness and elastic modulus for different phases in samples with two different
annealing temperatures.

Annealing Temperature of 350 °C Annealing Temperature of 700 °C
Phase Havg (GPa) Eavg (GPa) Havg (GPa) Eavg (GPa)
Pure Cu 20+0.2 124 +5 2202 104 £2
Pure Zr 41+03 106 +5 44+03 93+3
Cuze.46Zr2354 83+04 132+4 - -
Cuzs.4Zr216 - - 7605 117 +4
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4.2 Molecular Dynamics Simulations

This section provides the results of numerical MD simulations as a complementary analysis
for experimental data. As it was discussed in Chapter 2, the limitations of both
experimental and numerical technigues in atomic scales make the exact comparison of
these data difficult. However, in order to capture the deformation mechanisms during the
ARB process, accumulative rolling of crystalline Cu-Zr multilayers was simulated using
MD. The MD findings on ARB process have been compared with experimental
characterizations and the similarities and differences have been discussed in first part.
Studying the influence of the C-A interface on the mechanical properties and yielding

mechanisms of C-A composites will also be elaborated on in second section.

4.2.1 MD Simulation of ARB Process

Figure 4-17 indicates the accumulative rolling simulation from cycle 2 to 6. As
demonstrated, the Zr layer (in red) has experienced necking (which is shown by circles on
Figure 4-17 (b)) following increased number of rolling cycles. Consequently, several
island-like regions have been created due to the breaking down of the Zr layer. Finally, Zr
atoms were diffused all over the sample following higher number of rolling cycles (for
instance cycle 6 in Figure 4-17 (e)). Similar behavior was observed during the ARB process
of Cu-Zr multilayers which was discussed in Figure 4-4, indicating that the MD results can
be used to capture the deformation mechanisms of crystalline multilayers during the ARB
procedure. However, the state of deformation in the MD models of Figure 4-17 are more

homogeneous than the observed experimental structure in Figure 4-4, as the MD models
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show a lamellar structure after 6 cycles of rolling. While the as-received Cu and Zr sheets
are polycrystalline materials with impurities and possible defects (e.g. dislocations or pre-
cracks), the MD models contain 100 % pure single crystalline Cu and Zr layers that are free
of defects. In addition, MD simulations are inherently limited by the small model size and
time scale. However, although MD cannot be used to fully repeat experimental
observations, it is useful in studying the atomistic mechanisms during the ARB process

such as inter-diffusion.

(a)

Necking
\‘| Cﬁitcallehne ] ‘> Diffused
\ P L | Region

(e)

Z

LX T=300k

y

Figure 4-17: Different steps of MD simulation of accumulative rolling (a) step 2, (b) step 3, (c) step 4, (d)
step 5 and (e) step 6. The inset in (c) indicates the RDF analysis on crystalline Cu and diffused CuZr regions.
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Further investigation of MD results in Figure 4-17 reveals that the inter-diffusion of Cu
and Zr atoms at the multilayer interface is the atomistic mechanism of mechanical alloying.
As indicated in the zoomed-in image in Figure 4-17 (c), a mixed region containing both Cu
and Zr atoms is created at the interface of the Cu-Zr layers. RDF analysis on this mixed
region (Figure 4-17 (c)) shows a broadened peak which is a sign of a disturbed crystalline
lattice. The inter-diffusion mechanisms observed in the MD simulation at the interface of
the Cu-Zr layers is in well agreement with the EDS analysis displayed in Figure 4-9, which
indicated the presence of CuZr phases at the interface regions. RDF analysis on ARB
models shown in Figure 4-18 helps to demonstrate that the crystallinity of the model

decreases with increased number of rolling cycles.
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Figure 4-18: RDF analysis on different steps of rolling in MD simulation. The broadening of peaks indicates
the disturbance of the crystalline lattice and the formation of diffused phases.

While the RDF analysis indicates sharp peaks in early steps of deformation (which is the
sign of crystalline structure), the peak broadening at the higher number of rolling cycles is
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associated with a more diffused structure. Such a transition supports the alloying and
amorphization of the CuZr phases during the ARB process observed in both EDS and TEM
experimental analysis. There are still island-like crystalline Zr particles following 6 cycles
of rolling which is consistent with the presence of Zr particles inside the Cu matrix even

after 10 cycles of rolling (Figure 4-5).

4.2.2 C-A Interface Structure

Figure 4-19 demonstrates the results of the potential energy distribution and normal stress
along the Z axis (o,,) for a well-relaxed, representative C-A model with a (1 1 0) crystalline
interface at the Cu layer (labelled as C1 10)-A). The results indicate that the distribution of
both potential energy and o,, is uniform in each individual crystalline and amorphous
phase of the C(1 1 0-A model. The relatively smooth transition for both parameters across
the C-A interface is in sharp contrast with previous results of grain boundaries [102-104]
and free surfaces [105]. This means the C-A interface did not impose any local spike in

potential energy or stress distribution.

p 4 Potential Energy (eV) 0zz (GPa)
I .0 I 30 2o [N 2o
Y X <110>

Figure 4-19: Representative (a) potential energy and (b) stress (a,,) distribution in C-A model with (1 1 0)
oriented crystalline interface (C(1 1 0)-A) after relaxation.
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4.2.2.1. Inter-Diffusion Analysis

The inter-diffusion of elements at the C-A interface during the heating and quenching
relaxation procedure is identified as the reason for the smooth structural transition in
Figure 4-19. The C-A models (described in Chapter 3) were used to investigate the inter-
diffusion mechanisms under periodic boundary conditions. The atomic inter-diffusion at
the C-A interface has been monitored by assigning different colors to the Cu atoms
belonging to the original crystalline and amorphous layers prior to the relaxation.
Figure 4-20 shows the atomic structure of a well-relaxed Cu 1 0-A interface as a

representative model to explain the mechanisms which was observed in all orientations.

4

Cu® @
x <110> 5 y

y T=10K zZr @

Figure 4-20: Representative atomic structure of the relaxed C-A interface. The zoomed-in image in the
middle indicates atomic inter-diffusion across the interface. The right-side image is the cross section of
the interface.

As shown in Figure 4-20, a number of Cu atoms that originally belonged to the crystalline
layer (red atoms), have crossed the interface and moved to the amorphous layer. The same
atomic movement can be observed in the zoomed-in image in Figure 4-20 for Zr, where
few Zr atoms moved to the crystalline Cu layer. However, the number of diffused Zr atoms

is lower than the migrated Cu atoms. One possible reason may be due to the atomic size of
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Cu (empirical atomic radius ~ 128 pm) and Zr (empirical atomic radius ~ 160 pm). Also,
the amorphous phase has a lower atomic packing density compared to the crystalline phase.
Therefore, the diffusion of the bigger Zr atoms into the highly packed Cu layer becomes
more difficult than the inter-diffusion of Cu atoms into the amorphous layer. This
phenomenon can be also observed in cross-sectional image of the C-A interface in
Figure 4-20; where the structure of the interface (close to the crystalline Cu layer) contains

some Cu and Zr atoms, originally belonging to the amorphous layer.

Several quantitative analysis were also performed to study the inter-diffusion at the C-A
interface. Two parameters including atomic density and composition were measured for
three different C-A orientations based on the slicing procedure discussed in Chapter 3. The
results for the three models i.e., Coo1)-A, Ci10-A, and C11)-A are shown in Figure 4-21.
The smooth transition for both parameters from the crystalline to the amorphous phase for
all models is clear and highlighted in the gray rectangular box. The trend in transition for
both atomic density and composition is the same for three different {1 1 0}, {1 1 1}, and
{1 0 0} C-A interface planes (the curves for both parameters are located almost on top of
each other). Although the atomic packing across these three C-A interface planes is
dramatically different, a similar transition trend is the sign of a more diffused structure at
the interface. The width of the relaxed C-A interface is roughly measured as 1 nm; which
is the width of the transitional region of both parameters in the gray box. The interface
width starts from ~ - 0.6 nm in the crystalline layer to ~ 0.4 nm of the amorphous layer.
Herein, the original separation of crystalline Cu and amorphous CuZr layers is considered

tobe X=0A.

85



100

80

R L

=

S [ Interface plane

£ 60— —

8 = .

Cuat% (001)

g L g Cuat%(110) Interface Width m

g L —&— cCuat%(111) 4

S —— Zrat%(001) >

o 40— “§#— zraxaio N

= = A— Zra%(111) b4

E q

5] = b

L

= = 4
20— —~

(1] O & i
LI

©
(=
Illl

Interface plane

— (110)
—de— (001)
—e— (111)

Atomic density (1/nm?)
3 ®
o [=}

[}
(=]

ca v b e by Ly

|
[
S rrrrrorgT
|
-
(=]
=}
=
=}

20
x(A)

Figure 4-21: Composition (upper image) and atomic density analysis (lower image) across the C-A
interface.

4.2.2.2. RDF and Voronoi Analysis

Considering a representative C1 1 0)-A model, RDF analysis was performed and is shown
in Figure 4-22. The difference between the crystalline and amorphous layers can be easily
detected through the presence of sharp peaks in the crystalline Cu layer; which is in contrast
to the peak broadening in the amorphous CuZr layer. The sharp peaks in the crystalline
layer gradually vanish in the interfacial region (middle figure), and the peak broadening
occurs close to the amorphous layer. This interfacial analysis was performed using the same
slicing strategy that was used in Figure 4-21. Similar to the atomic density and composition

results, there is a smooth transition from ordered crystalline Cu layer, to the disordered
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amorphous CuZr phase. The same transition is also reported in the MD analysis of

crystalline Cu - amorphous CusesZrs4 interface structures [76].
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Figure 4-22: RDF analysis in crystalline (lower), amorphous (upper) and interface region (middle) in the
Cq 10-A model.

Voronoi analysis was also performed on the same slices using Voro++ code [90], and the
results of Cu-centered Voronoi polyhedral distribution are shown in Figure 4-23. The
Schlaefli notation, a vector of indices <ns,ns,. . .. . .. . ..,ny> where n; is the number of
polyhedron faces with i edges, has been measured for each slice. The trend in results,
indicated in Figure 4-23, shows the same transitions from highly ordered structure to less
ordered structure around the interface that was observed in RDF analysis. More specifically,
the crystalline Cu layer (X~-8 A) has a high percentage of <0, 12, 0, 0> Cu-centered
Voronoi index; which represents the coordination number of FCC pure Cu. However, the
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high fraction of <0, 0, 12, 0> polyhedron can be observed in the amorphous CuesZrsz
structure (X~10 A) and is approximately 15% for all three orientations. The 15% fraction
of the <0, 0, 12, 0> index in the amorphous layer is in well agreement with the value
(around 20%) reported for a similar CuZr glass [106]. The inter-diffusion phenomenon
(discussed in previous section), and possibly structural evolution (i.e. local crystallization),
can be a reason that the lower <0, 0, 12, 0> index is observed in the current study.
Meanwhile, the gradual decrease of crystalline VVoronoi index (<0, 12, 0, 0>), as well as
the increase of the amorphous <0, 0, 12, 0> index around the interface region, is another

indication of the inter-diffusion phenomenon.
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Figure 4-23: Voronoi Cu-centered polyhedral distribution around the C-A interfaces.

4.2.3 Interface Energy Analysis

C-A models were used to measure the interface energy at a temperature of 10 K and under
periodic boundary condition. The y;,; for different orientations of the Cu layer was
measured and are shown in Figure 4-24. For comparison purposes, the free surface energy

(ysur) Was also determined and is indicated in Figure 4-24. It is obvious that the results of
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Yint @and ¥, do not follow the same behavior. The amount of energy for the C-A interface
is dramatically lower than the y,, for all orientations of the Cu layers. Such a lower
energy is another evidence of less disturbance of the lattice structure at the C-A interface.
In spite of the free surface energy results that showed a minimum value at the (1 1 1) plane,
the (1 1 1) C-A interface plane has exhibited close value to some other orientations, e.g.,
(551),(552),(221),(112) and (11 4). Overall, the interface energy shows a weak
dependence on the C-A interfacial plane orientation which is in well agreement with the

composition analysis discussed previously in Figure 4-21.
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Figure 4-24: Interface (y;,.) and free surface (yg,,) energy for C-A models with different crystalline
orientations.

4.2.4 Interfacial Strength and Yielding Mechanisms under Tensile
Deformation

4.2.4.1. CRSS Analysis

The influence of crystalline orientation on the mechanical behavior of C-A models under
tensile loading has been studied using the CRSS parameter. Figure 4-25 indicates the

variation trend in crystalline orientations at the C-A interface for different models.
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Figure 4-25: Schematic of variation of crystalline orientation at the C-A interface in different models.

The overall stress-strain curves from tensile simulation of the C-A models are shown in
Figure 4-26 (a). The trend in results for elastic modulus demonstrates two distinct behaviors
for different crystalline orientations. While several models indicate higher modulus (those
models that are labeled with partial dislocation nucleation in Figure 4-26 (b)), the second
group of C-A models, with full dislocation nucleation plasticity mechanisms in the
crystalline layer, demonstrate a lower elastic modulus. The different elastic behavior is due
to the transition in slip system of the C-A models from full to partial dislocation nucleation.
The full dislocation nucleation is attributed to the condition in which a leading partial
dislocation is followed immediately by a trailing partial on the same slip plane. In contrast,
only partial dislocation will be shown if the leading partial is not followed by a trailing
partial and instead, other leading partials are nucleated on parallel slip planes. The
transition from full to partial dislocation nucleation is mainly determined by the crystalline
orientation at the C-A interface. Specifically, the competition between full and partial
dislocation nucleation is governed by the difference in Schmid factors for leading and

trailing partials, which are strongly dependent on crystalline orientation [107]. If the
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Schmid factor is higher for the trailing than the leading partials, the full dislocation
nucleation will be activated - and vice versa. Such a transition from partial to full
dislocation nucleation in Figure 4-26 is in well agreement with previous studies in FCC

crystalline nanowires [107].
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Figure 4-26: (a) Stress-strain curves from tensile simulation of C-A models with different crystalline
orientations and (b) Orientation dependency of CRSS in the crystalline layer of C-A models.

The plastic deformation of C-A models indicates two different behaviors. While those
models with partial dislocation nucleation show strain hardening after yielding, strain
softening has been found in other models with full dislocation nucleation. Further
microstructural analysis by OVITO reveals more details on hardening and softening
behaviors where the impinging of dislocation propagation at the C-A interface is

responsible for the strain hardening. Consequently, hardening can occur due to the pile up
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of stacking faults and partial dislocations at the C-A interface. Absorption of dislocations
at the C-A interface (as a dislocation sink) is also possible [108] which leads to another
type of hardening called “starvation”. This type of hardening was introduced in FIB-milled
metallic micro pillars under compression [109,110] to explain strain hardening. The wavy
shape of the stress-strain curves for models with full dislocation nucleation in Figure 4-26
(a) can be explained by nucleation and absorption of secondary dislocations; which has

been observed in these models (after yielding).

The transition in activated slip systems for different orientations of the C-A models is also
clear in the CRSS results, shown in Figure 4-26 (b). Two distinct slip systems have been
recognized in different C-A interface orientations: full dislocations (1/2 {1 1 1}<1 1 0>)
for those orientations shown in green, and partial dislocations (1/6 {1 1 1} <1 1 2>) for
those models in red. It is also clear from Figure 4-26 (b) that the orientation of the
crystalline layer has a strong influence on the CRSS values, regardless of full or partial
dislocation slip systems. Seeking for a reason for the CRSS dependence on interface
orientation, it was found that the strain at which the first dislocation was nucleated is

dramatically different for the full and partial slip events.

As indicated in the stress-strain results of Figure 4-27, the strain at which the first
dislocation was nucleated (g¢4) is different for C-A models with partial and full dislocation
slip systems. Table 4-6 summarizes the values of strain at which the first dislocation was
nucleated for all C-A models in Figure 4-26 (a). The C-A models with partial dislocation
nucleation yielded at strain < 5% which is clear in Figure 4-27 (b) for C(o01)-A model. On

the other hand, yield strain for those models with full dislocation nucleation was > 10%
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that is shown in Figure 4-27 (a) for C 10)-A model. The yielding mechanisms have not
been changed in both models by changing the thickness of crystalline layer (tc) from 2.5 to

10 nm, as indicated in Figure 4-27.
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Figure 4-27: The overall stress-strain curves and failure mechanism in (a) Ca10-Aand (b) Coo1-A
models with different t.. The atoms are colored according to the local atomic strain.

Table 4-6: Strain at which the first dislocation is nucleated (&¢,) for C-A models.

Orientations with (110) |(20201) | (10101) | (5512 (552) (221) 111
full dislocation
nucleation
&faq 10.8 111 11.55 114 10 8.45 6.1
Orientations with (112 (114) (115) (1110) | (1120 |(©O01)
partial dislocation
nucleation
£fa 5.3 5.4 4.85 5.1 5 5.5

Overall, the onset of plasticity is not the same within these two groups of C-A models.
Shear localization occurs in the amorphous layer before the dislocation initiation in the

crystalline layer for C-A models governed by full dislocation nucleation. However,
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dislocations have been nucleated prior to shear localization for models with partial

dislocation slip systems.

The stereographic triangle of Figure 4-28 has been used to summarize the orientation-
dependent deformation behaviors of C-A models, and their correlation with the activated
slip system in crystalline layers (full or partial dislocation nucleation). This stereographic
figure is constructed on the basis of loading orientation. Table 4-7 provides data on the

correlation between the interface plane and loading orientation.

[001] @ Partial dislocation nucleation (P) [1 1 0]
® Full dislocation nucleation (F)

Figure 4-28: Stereographic triangle summarizing the orientation dependent behavior of C-A models.

Table 4-7: The relation between C-A interface plane orientations and loading direction.

Interface plane | Loading direction | Slip system
(110) [001] Full
(20201) [11-40] Full
(10101) [11-20] Full
(551) [11-10] Full
(552) [11-5] Full
(221) [11-4] Full
(111) [11-2] Full
(112) [11-1] Partial
(114) [22-1] Partial
(115) [55-2] Partial
(1110) [55-1] Partial
(1120) [10 10 -1] Partial
(001) [110] Partial
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4.2.4.2. Effects of Texturing and Grain Boundaries

As discussed in Chapter 2, both experimental and numerical investigation have shown the
importance of C-A interface on the yielding behavior of crystalline Cu- amorphous CuZr
composites. In addition, formation of both crystalline and amorphous CuZr phases during
the ARB process, and the subsequent presence of C-A interfaces, has been discussed in
Section 4.1. Therefore, a multilayer crystalline Cu- amorphous CuZr MD model has also
been built by MD in order to study the fundamental yielding micromechanisms in C-A
composites in the presence of C-A interfaces. Since polycrystalline phases are mostly
observed in experimentally synthesized metallic C-A composites, the major focus of this
section of work is to investigate the effects of texturing orientations on the deformation
behavior of A-NC-A models with columnar polycrystalline layers (referred as A-NC<oo1>-

A and A-NC<111>-A).

The vyielding process in the presence of a free surface boundary (along X axis) was
investigated for the A-NC<oo01>-A model. Figure 4-29 (a) and (b) provide a snapshot of the
plastic deformation around the C-A interface at strain of 10% in the crystalline and
amorphous layers. The initiation of dislocations at the grain boundaries, as well as the
emerging high strain areas (collection of STZs) in the amorphous layer due to dislocation
activities, can be observed in Figure 4-29 (a) and (b), respectively. Similar coupling
mechanisms between dislocations and STZs were also reported in the work of Cheng and

Trelewicz [78].
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Figure 4-29: Cross-section of the (a) crystalline and (b) amorphous layer in the A-NC<0 0 1>-A model at the
onset of plasticity under tensile loading. Yielding in the (c) A-NC<0 0 1>-A model with x:S, y:P, z:P and (d)
X:P, y:P, z:P boundary conditions and (e) C<1 1 1>-A model with x:S, y:P, z:P and (f) x:P, y:P, z:P boundary
conditions. Here S and P represent free (shrink-wrapped) and periodic boundary conditions. The atoms are
colored according to the local atomic strain.

In the next step, the plasticity mechanisms of the A-NC-A models were studied under two
different boundary and loading conditions. Firstly, the model was loaded by applying free
surface condition (shrink-wrap) along the X axis, and a fixed sample size in the Y
dimension. The results for the A-NC«o 0 1>-A model, outlined in Figure 4-29 (c), indicate
the localization of plasticity through strong shear banding in both crystalline and
amorphous layers. The results are in good agreement with the experimental data on

synthesized C-A multilayer thin films [71]; where strong shear banding was reported in
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both crystalline and amorphous layers. In order to simulate the bulk material’s behavior,
the fully periodic boundary condition was applied. For comparison purposes, such periodic
conditions were used for tensile simulation of the A-NC«o 0 1>-A model and is shown in
Figure 4-29 (d). The shrinkage of the model was allowed in both X and Y dimensions to
keep the overall volume of the model constant during tensile loading along the Z direction.

Similar results were found in that strong shear banding was observed across both layers.

In order to investigate the texturing effects on the deformation behavior, similar boundary
conditions and loading states were used to simulate tensile loading on the A-NC< 1 1>-A
model. The results, shown in Figure 4-29 (e), reveal the formation of a shear band in the
A-NC«<111>-A model. However, in contrast to the A-NC« 0 1>-A model (Figure 4-29 (c)),
the dislocations in the polycrystalline Cu layer and the shear banding in the amorphous
layer are not well aligned with each other in the A-NC<111>-A model. Particularly, some
of the dislocations in the Cu layer intersect with the main shear band in the amorphous
layer of the A-NC<1 11>-A model; while the shear band and slip systems are parallel to each
other in the A-NC<o 0 1>-A model. Simulation results of the periodic boundary condition
with the same loading state are displayed in Figure 4-29 (f), and demonstrate the
appearance of two major shear bands for the A-NC«<111>-A model; while there is only one
major shear band in the A-NC«o1>-A model (Figure 4-29 (d)). Meanwhile, both models
under periodic boundary conditions showed a number of slip intersections. These findings

demonstrate the influences of crystalline orientations on the plasticity of C-A composites.

The alignment of slip and shear banding planes in crystalline and amorphous layers

respectively, play a significant role in avoiding shear localization in C-A composites. The
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interaction between shear localization and dislocation activities can be constructive or
destructive. Constructive interaction occurs when the activated slip system in the
crystalline layer impinges the shear band propagation at the C-A interface. Such a
constructive interaction occurs due to the misalignment of the shear banding plane and slip
plane. It was shown that the shear banding plane has an inclination angle of ~ 45°, relative
to the uniaxial loading direction in amorphous MGs [8]. On the other hand, depending on
the crystalline orientation, the angle between activated slip plane and loading direction
might take on different values. In the present A-NC-A models, the misorientation angle
between slip plane and loading axis was 35.3° and 70.5° for the A-NC<01>-A and A-NC«
11>-A models, respectively. As a result of the well alignment between the slip plane and
the shear banding inclination angle in the A-NC<o01>-A model, strong shear localization in
both crystalline and amorphous layers were found to occur in this model. Meanwhile, the
slip plane (with angle of 70.5° relative to the loading direction) is not aligned with the shear
banding plane (45° misorientation angle with loading axis) in the A-NC«<1 1 1>-A model.
Consequently, a constructive interaction can occur that avoids shear localization in both
crystalline and amorphous layers. The results of the A-NC«<1 1 1>-A model (Figure 4-29 (e)
and (f)) reveal that by controlling the texturing orientation in the columnar grains, a more
uniform deformation can be achieved by avoiding shear localization. TEM analysis have
shown that shear bands in the amorphous layer can occur on planes parallel to the {1 1 1}
slip system in the crystalline phase for a sputtered multilayer Cu/CuZr composite [111].
The MD observations in this section on the effects of crystalline orientation on the
interaction between STZs and dislocations at the interface, are in good agreement with this

experimental data.
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Chapter 5 : Conclusions and
Recommendations

The purpose of the current research was to develop an ARB guideline for the synthesis of
C-A composites in Cu-Zr alloy systems. Different instrumentation techniques were used to
study the microstructural characteristics of synthesized samples. In addition to
experimental studies, fundamental investigation of the micromechanisms and structure-

property relations were carried out using an atomistic MD numerical method.

Briefly, the systematic study on the ARB parameters provided a guideline which answer
questions regarding the operational conditions required for the alloying and amorphization
of CuZr phases during the ARB process. The bonding of Cu-Zr multilayers - and the
corresponding parameters such as surface roughness, thickness ratio and percent reduction
- were studied initially. Then, the factors which influence the alloying and amorphization
of CuZr phases (i.e. annealing parameters) were investigated by using various
microstructural characterization techniques. Mechanical testing by nanoindentation was
also performed on the ARB samples to investigate their mechanical properties, such as
elastic modulus and hardness for the different phases. Overall, the first and second

objectives of this research have been met by providing an ARB guideline regarding the
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synthesis of bulk metallic C-A Cu-Zr composites and mechanical testing by

nanoindentation.

Regarding the third objective, numerical MD results indicated that the inter-diffusion of
Cu and Zr elements is the primary alloying mechanism during the ARB process. Moreover,
the effects of crystalline orientation on the yielding micromechanisms of crystalline Cu —
amorphous CuZr composites were studied for the first time in this research. The results
shed some light on possible plasticity micromechanisms: including STZs and dislocations,
the occurrence of each yielding mechanisms, and the influence of crystalline orientation on

the mutual interactions between these mechanisms.

5.1 Main Findings

A summary of both experimental and numerical findings in the current work are

summarized as follows:

e It was found that the surface treatment, surface cleaning and brushing, are important
in establishing crystalline Cu-Zr multilayer bonding. Furthermore, the thickness
ratio between Cu and Zr (tcu/tzr) layers was identified as another influencing
parameter in multilayer bonding; which was established to be around 3 to achieve
a strong level of bonding. The best configuration was achieved with a 7 multilayer
structure. A minimum thickness reduction of around 50 % was also required to bond
the Cu-Zr multilayers during the rolling procedure. An efficient thickness reduction
range was identified as ~ 49 to 62 %. Finally, the intermediate heat treatment was

necessary to recover the material ductility, which is significant in the accumulative
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rolling procedure. The effective annealing temperature range was determined to be
between 350 °C to 700 °C.

EDS results illustrated the presence of pure Cu, pure Zr and several compositions
of CuZr phases (CussZre2, CusoZrso and Cue2Zrss) which were formed during the
ARB process. TEM analysis with electron diffraction confirmed the presence of
both amorphous and crystalline CuZr, phases. Moreover, TEM results
demonstrated that the amorphization of CuZr phases during the ARB process is
more likely to occur at an annealing temperature lower than the crystallization
temperature, i.e. 350 °C.

The nanoindentation results showed the highest hardness of ~ 8 GPa for the formed
CuZr phases; while the corresponding values for the Cu and Zr phases were ~ 2.2
and 4.4 GPa, respectively. Apart from the higher hardness values, the pop-in feature
was observed in load-displacement curves of CuZr phases in samples with an
annealing temperature of 350 °C. The presence of spots with and without pop-in
features in load-displacement curves (representing both amorphous and crystalline
regions) confirmed the ultrafine structure of CuZr phases - which was observed in
TEM analysis for this sample.

MD simulation of the ARB process showed that the amorphization of the crystalline
phase occurred during accumulative rolling of the Cu-Zr multilayers. Atomic
structural analysis such as atomic density, composition, RDF and Voronoi results
revealed strong inter-diffusion across the C-A interface. Consequently, the

interfacial energy data demonstrated almost no dependence on the crystalline
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orientations; in which is in contrast to other types of interfacial defects such as grain
boundaries and free surfaces.

MD results indicated a strong dependence of CRSS on the orientation of the
interface planes. While dislocation nucleation in the crystalline layer was
responsible for plasticity in models with a partial slip system, the shear localization
through STZ activities occurred prior to dislocation nucleation in C-A models with
a full dislocation slip. Moreover, highly localized shear banding in both crystalline
and amorphous layers were found where the slip plane and shear banding plane

were well-aligned with each other.

5.2 Concluding Remarks

Considering the research hypotheses in section 1.2, the concluding remarks are stated as

follows:

It was found that without performing intermediate heat treatment, bonding of
commercially available Cu-Zr multilayers cannot occur. That means modification
of ARB process by implementing annealing procedure was successfully led to the
large deformation strain (considerable number of ARB passes) in commercial Cu-
Zr multilayers. Furthermore, formation of CuZr phases occurred in early stage of
the ARB process which indicated that heat treatment facilitates mechanical alloying.
It was found that the annealing temperature is an influencing factor on
amorphization of CuZr phases during the ARB process. Heat treatment at

temperature below the crystallization range led to more volume fraction of
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amorphous CuZr phases. The TEM analysis indicated ultrafine structure where
amorphous CuZr; regions were formed adjacent to the nanocrystalline CuZr;
particles, which is because of annealing process in modified ARB procedure.

e It was also found that the plasticity of C-A composites is influenced by the
crystalline orientation at the C-A interface. The crystalline orientation influenced
the interaction between the slip plane in the crystalline layer, and shear banding
plane in the amorphous layer. Consequently, either highly localized or more
uniform shear deformation occurred in C-A composites depending on the

crystalline orientation.

5.3 Recommendations for Future Works

The current research has highlighted a number of topics which merit further investigation.
The observations, limitations and characteristic analysis from both experimental and

numerical studies has provided suggestions and recommendations for future work.

One of the main limitations in the current study was the purity of the starting materials. It
is suggested to study the influence of high purity Zr sheets on the structure of synthesized
composites. It is expected that Zr sheets with lower contents of impurities exhibit higher
ductility. As a result, different elongation rates of highly pure Cu and Zr layers might lead
to a different structure, i.e. lamellar configuration. Furthermore, application of Zr sheets
with high purity along with intermediate annealing might increase the possibility of
performing the ARB to a higher number of passes (for instance more than 50 passes). This

can lead to a higher volume fraction of alloyed CuZr phases.
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The other limitation during the ARB process is the occurrence of severe damage i.e.
cracking due to the heavy state of deformation by cold working. One possible alternative
option can be the application of hot rolling to eliminate such defects. Thermally activated
mechanisms during hot rolling can be beneficial in multilayer bonding, mechanical
alloying mechanisms and crack healing processes. Therefore, hot rolling is a potential
technique in the synthesis of bulk C-A composites with a lower density of defects such as

cracks and voids.

Finally, the application of recent techniques in the investigation of microstructures might
be beneficial in revealing the fundamental characteristics and micromechanisms of C-A
interface. Particularly, sample preparation for TEM analysis is an important (and at the
same time challenging) step. The electro-polishing method, used in this study for sample
preparation, is a blind technique which does not allow control over selecting the desired
regions for TEM analysis. Focused ion beam (FIB) is a TEM sample preparation technique
which enables the user to select a specific region for TEM analysis. Considering various
CuZr compositions detected in the EDS analysis in the current thesis, application of FIB
can be useful in structural analysis for each identified CuZr phase formed during the ARB

process.
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