THE DESIGN AND DEFORMATION MECHANISM OF DEFECT-

BASED MICROSTRUCTURE WITHIN MAGNESIUM

by

Yushun Liu

A thesis submitted to the Faculty of Graduate Studies of the
The University of Manitoba

in partial fulfillment of the requirements of the degree of

Doctor of Philosophy

Department of Mechanical Engineering
University of Manitoba

Winnipeg, Manitoba, Canada

Copyright © 2022 by Yushun Liu



Abstract

Abstract

As the lightest structural metal, Magnesium (Mg) has been considered a promising candidate for
automobiles and aerospace applications, however, its high mechanical anisotropy and poor ductility
severely limit its wide applications. This thesis targets exploiting novel defect structures, i.e., grain
boundaries and dislocations, and their deformation mechanisms, using transmission electron

microscopy (TEM) and in-situ techniques, to advance the mechanical properties of Mg.

Aiming at developing effective preparation of nano-crystalline samples containing excessive grain
boundaries for TEM characterization, a wedge mechanical polishing approach was adopted and
successfully produced nano-crystalline with a size of ~100nm. This synthesizing approach can be

applied to other Mg alloys and other metals as a simple and fast nano-crystalline preparation.

To further explore deformation mechanisms that require tracking grains re-orientation in real-time,
new in-situ setting, integrating nano-indentation tests with hollow-cone dark-field (HCDF) imaging,
has been proposed and successfully obtained the rotation of grains/slip planes in real-time, together
with morphological observation. Results show that significant grain rotation along with dislocation
activity occurs during the indentation, and a possible cooperative deformation mode between them

has been experimentally demonstrated for the first time.

Apart from grain boundaries, a novel dislocation structure consisting of periodically spaced <c>-
screw dislocations was investigated using pure Mg as the model system to demonstrate its
availability in different alloy systems. Results show that simple hot-compression has successfully
introduced desired dislocation structures. Its formation mechanism and potential deformation

mechanisms were discussed based on dislocation interactions.

To summarize, this thesis explores the possibility of optimizing defect structures to improve the
mechanical performance of Mg and its alloys. Our findings provide new insights into synthesizing

methods, characterization techniques, and understanding the deformation mechanisms of Mg.
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Chapter 1. Introduction

Chapter 1 Introduction

1.1 Background and Motivations

The ever-demanding problem of global warming and skyrocketing oil prices keeps pushing the
search for alternative environmental-friendly structural materials, using lightweight materials is
considered a key solution to this problem. First isolated by Humphry Davy in 1808, magnesium is
the lighted among all structural metallic materials. With a density of 1.74 g/cm?®, one quarter that
of steel (7.85 g/cm?) and two third that of aluminum (Al) (2.7 g/cm®), combined with adequate
strength and good castability, it is no wonder that magnesium and its alloys have been attracting
increasing interests in many weight-sensitive industries like automobile and aerospace [1-4] as a
candidate for substituting conventional structural materials like steel and aluminum. For example,
a review article conducted by Kulekci [5] points out that 22-70% weight reduction can be achieved
for automobiles by substituting with components made of Mg alloys. And weight reduction of 22.5
kilograms renders approximately a 1% increase in fuel efficiency [6]. Not only promising, weight
reduction is also a feasible approach, as stated by studies of the Massachusetts Institute of
Technology: modern automobiles can still achieve 35% weight reduction at a reasonable cost,
leading to 10%~20% less fuel consumption [7]. Thus it is not hard to conceive by replacing
components previously made of steel or aluminum with magnesium, there is a great opportunity
for reducing fuel consumption dramatically thus alleviating the long-standing issue of global

warming.

The long-standing issue that limits the wide applications of magnesium is its comparatively low
strength and more importantly, poor ductility. Such poor mechanical properties roots in anisotropic
responses inheriting in their hexagonal close-packed (HCP) lattice. In detail, basal slips are the
main deformation carriers at room temperature but only contribute to deformation parallel to the

basal plane. The non-basal slips, including prismatic and pyramidal slips, offer additional
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deformation modes needed for homogeneous deformation and more importantly can accommodate
plastic deformation vertical to the basal plane. However, their much higher friction force (two
orders of magnitude greater compared to the ones for basal slips at room temperature) leads to
limited activation during room temperature deformation. As a result, twinning is commonly
activated in Mg to help accommodate plastic deformation, resulting in a strong basal texture and
worse formability. The current emphasis for advancing magnesium is to improve its deformability
while increasing strength through tuning the relative activities of basal slip, non-basal slip, and

twinning.

In hope of developing high-performance magnesium alloys promising of substituting conventional
structural materials and in the process addressing the energy problems, the main motivation of this
research is to study efficient yet cost-effective ways that can simultaneously improve both strength

and ductility of Mg alloys.

1.2 Objectives

The current study targets the design of new high-performance Mg at a reasonable cost. Alloying
(particularly with rare-earth (RE) elements) shows promise in improving both strength and ductility,
however, the addition of expensive RE elements needs to be avoided or at least minimized to be
cost-effective. Without changing their chemical compositions, defect engineering is capable of
further improving both strength and ductility and therefore becomes the focus of current research.
Advancing Mg alloys through both engineering their grain boundaries (nano-crystalline materials)
and dislocations (a novel dislocation structure) have been explored. The objectives are summarized

as follows:
1. To design and manufacture nano-crystalline Mg using mechanical processing;

2. To overcome the current experimental limitation and investigate the deformation mechanisms of

nano-crystalline Mg;
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3. To tailor and produce a novel strengthening dislocation structure using pure Mg as the model

system.

1.3 Organization of the thesis

In this thesis, we explore the possibility of tuning grain boundaries and dislocations in Mg, in hope
of optimizing the microstructure needed in the fabrication of high-performance Mg alloy at a
reasonable cost. Detailed characterization has been carried out to study both the origin of the
produced nano- and micro-structures, as well as possible impact on the mechanical performance,

providing a new understanding of the further structural optimization of Mg via defect-engineering.
A brief literature review is presented in Chapter 2.

Detailed experimental designs, particularly a new experimental setting for in-situ nano-indentation,

for the current study are elaborated in Chapter 3.

In Chapter 4, we report the formation of nano-crystalline Mg via a routinely processing approach:
mechanical polishing. We carefully tuned the polishing parameters and therefore controlled the
structure of Mg samples. Our approach offers a fast, easy yet cost-effective way to prepare nano-
crystalline TEM samples out of coarse-grained alloys with a good success rate. Results show that

this technique applies to a wide range of Mg alloys and other metals.

With the invention of quick sample preparation described in Chapter 4, we further explored the
deformation mechanism of nano-crystalline Mg using in-situ TEM nano-indentation in Chapter 5.
Targeting the characterization difficulties of providing only either morphological or
crystallographic information during deformation, HCDF was for the first time used to track the re-
orientation of grain/slip planes in nano-crystalline in real-time, so that a combination of
morphological and crystallographic information can be obtained at the same time. Based on the
experimental results, we were able to provide the first experimental evidence of cooperative

deformation modes between grain rotation and dislocation activities.
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In Chapter 6, we switch to another defect commonly used for strengthening, namely, dislocations.
A novel dislocation structure comprised of <c>-screw dislocation arrays was studied. Uniaxial hot-
compression in pure Mg successfully introduced such dislocation structure which had only been
reported in Mg alloys, proving its independence from the presence of alloy elements. Possible
formation mechanisms and potential strengthening of such dislocation structures have also been

discussed.

Finally, in Chapter 7, we summarize the key results and findings of this thesis. Possible future
works have also been envisioned for both nano-crystalline and the dislocation structure found in

the current study.
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Chapter 2 Literature Review

Apart from those widely used commercialized Mg alloy systems alloyed with zinc (Zn), aluminum
(Al), and manganese (Mn), etc. [8], the addition of RE elements like gadolinium (Gd), Yttrium (YY),
and Erbium (Er), have led to the discovery of new high-performance alloy systems [9, 10]. However,
even though increasing RE alloying concentration has proven effective to manufacture Mg alloys
with high strength, the extremely high price of RE elements makes the mass production of alloys
with high RE concentration practically impossible. Fortunately, there is an alternative
strengthening approach that does not require altering the chemical composition of materials. Such
an approach, which is defined as defect-engineering, exploits the fact that the strength of crystalline
materials increases by altering crystallographic defects like point defects (vacancy, interstitial), line
defects (dislocations), and planar defects (grain boundaries (GBs), twin boundaries (TBs)). Such
strengthening occurs because these defects can serve as inhibitors to the movement of dislocations
which is the major plastic deformation carrier during the deformation of crystalline materials,
making the deformation process harder. Unlike alloying, defect-engineering does not require
adding external composition, providing an effective yet flexible way to tune the properties of
materials. This chapter will discuss the deformation modes of Mg and their current challenges,
followed by the discussion of how defects change mechanical properties. After that, a discussion

of how to synthesize target defects is included.

2.1 Deformation Modes of Mg and Current Challenges

Although showing great potential, Mg and its alloys are suffering from several problems which
heavily hinder their wider industrial applications. The limited strength of pure Mg (~90 MPa
ultimate tensile strength (UTS) [8]) makes substituting conventional structural materials with Mg
virtually impossible in many cases. Even with alloying, commercial Mg alloys like AZ31, AZ61,
and AZ91 widely used in industrials only possess UTS ~120 MPa, which can be even lower if

subjected to a corrosive environment [11]. In sharp contrast, Al alloys, which are also accepted as

5
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a lightweight substitute for steel, can achieve UTS over 500 MPa [12], comparable to some low-
carbon steel [13]. Thus in many applications, using Mg alloys as an alternative to achieve weight
reduction is not accepted, simply due to insufficient strength. Another problem haunting Mg and
its alloy is their high mechanical anisotropy, resulting in texture and crack formation during
deformation, leading to premature failure and low ductility compared to steel and aluminum. As a
result, the formability of Mg is poor at room temperature, pure Mg tends to fracture around 10%
single-pass thickness reduction during cold rolling, while pure Al can easily achieve 90% reduction

without problems [14].

To further broaden the application of Mg and its alloys, it is of essence to improve their rather low
strength and ductility. The main origin of such poor mechanical performance of Mg and its alloy
lies within its crystal structure, different from conventional structural materials like steel and Al
which have cubic crystal structure, the HCP crystal structure (c/a ratio ~1.623) of Mg has lower
symmetry, making mechanical responses along different directions significantly different
(mechanical anisotropy). Four main slip modes exist in Mg as shown in Figure 2.1 (a): basal <a>,
non-basal (prismatic) <a> and two types of pyramidal <c+a> slip [15]. Under room temperature
deformation, the basal <a> slip operating on the (0001) basal plane is the easiest and dominating
slip system, with a critical resolved shear stress (CRSS) of only ~0.5 MPa [16]. Although <a> slip
can operate on non-basal prismatic {1010} planes, its much higher CRSS (~45-60 MPa) value [17]
makes it less active under room temperature deformation. Consequently, the dominating easy-
gliding basal <a> slip makes the deformation of Mg and its alloy along basal planes very easy,
causing their relatively low strength and strong mechanical anisotropy. Additionally, basal <a> slip
alone can only provide three independent slip systems which are insufficient for homogeneous
deformation of polycrystalline materials according to the well-known von Mises-Taylor criterion,
which states at least five independent slip systems are required. Thus extra deformation modes like

twinning have to be introduced, two types of twinning ({1012}<1011> tension twinning and
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{1011}<1012> compression twinning) exist in Mg [15] as shown in Figure 2.1 (b), and are
commonly found in Mg and its alloys deformed at room or lower temperature. Twinning not only
fills in the lack of independent slip systems, it also accommodates deformation along the <c> axis
which is not possible for basal slip. It is worth mentioning that the type of twinning being activated
during deformation is highly dependent on the type of stress applied along the <c>-axis, naturally,
a preferable twinning mode is expected to take place dominantly during loading, potentially leading

to strong mechanical anisotropy [18].

Pyramidal I
(@) !
Pyramidal IT
//
Basal <a> slip Prismatic <a>slip  Pyramidal I <c+a> slip
(0001)<1120> (0001)<1120> {1011}<1123>

b Pyramidal IT <c+a> slip
(b) / m (1122}<1123>
/

Tension twinning Compression twinning
{1012}<1011> {101y <1012>

Figure 2.1 Major deformation modes for Mg. (a) four slip systems in Mg and (b) two twinning systems.

Pyramidal <c+a> slip can also be activated under certain conditions, like under elevated
temperature, adding alloying elements or refined grain size, etc. [19-21] Similar to twinning,
pyramidal <c+a> slips can provide extra slip systems and accommodate strain along <c> axis, thus
significantly improving the plasticity of Mg. In fact, the activation of pyramidal <c+a> dislocation
is considered one key factor controlling the ductility of Mg and its alloys [21-25]. It is found that

the CRSS of <c+a> dislocations is roughly 100 times that of basal <a> slip in pure Mg [20]. Not
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only hard to initiate under room temperature, molecular dynamics (MD) simulation has also
suggested a basal-dissociation process of <c+a> dislocations which renders them completely
immobile [26], such dissociation has been experimentally demonstrated in many Mg alloys with
RE additions [27, 28]. The extremely high CRSS and immobile basal-dissociation transition of
pyramidal <c+a> dislocations together have severely limited the number of available independent

slip systems for Mg deformed under room temperature, resulting in its poor ductility.

2.2 Solutions to the Problems

2.2.1 Alloying

To address these long-standing issues, numerous past studies have been conducted trying to
improve the mechanical performance of Mg alloys. The most commonly used and often effective
method is perhaps alloying, Al and Zn, both of which are rather inexpensive and highly soluble in
Mg, were first considered the preferable alloying elements for Mg. Early researchers in the 20"
century have successfully developed several commercial Mg alloy systems, like Mg-Al-Zn based
AZ series and Mg-Al-Mn based AM series [8]. These alloys possess a good combination of decent
strength (e.g. ~160 MPa for casted AZ91D [8]), ductility (~ 15% elongation for many casting alloys
[8]), cost-efficiency, and good castability, thus are widely used in real-life applications. However,
their relatively low strength compared to conventional structural materials and poor mechanical
performance at elevated temperatures [29] fails to meet the increasing demand for high-
performance Mg alloys, leading to the development of new alloy systems, among which the Mg-
RE alloy systems show the most promise. For instance, significant enhancement of creep resistance
of Mg at 550K is obtained by Y alloying [9], and the introduction of Er is reported to increase the
UTS of alloy to 285 MPa while still retaining a good elongation as high as 16% [10]. The
outstanding strengthening effects of RE elements are generally attributed to solution-hardening,

grain refining strengthening, precipitation hardening, and dispersion strengthening [30], while the
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enhanced ductility is believed to be associated with texture modification whose underlying

mechanism remains still debatable, despite numerous studies devoted to this topic [31].

Although the efficiency of RE elements in improving alloy performance has been undoubtedly
demonstrated by many past researches, certain problems with RE alloying gradually emerge as the
pursuit for higher performance Mg alloys goes on. Compromised ductility, for the starter, has been
frequently reported in Mg-RE alloys with a high concentration of RE elements [32-35]. These
alloys generally possess very high strength, some can reach UTS as high as over 500 MPa,
comparable to some Al counterparts, but at the price of very limited elongation of below 10%, in
some extreme cases of only around 2% [35, 36]. Other problems are more economical, simply
because RE elements are too expensive to be added in large amounts if one is aimed at real-life
industrial manufacturing. The extremely poor recyclability of RE elements also takes its toll on the
already poor cost-efficiency of Mg-RE alloys. As can be in Figure 2.2, in sharp comparison to
conventional alloying elements like Al, Cu, and Fe with fairly high recycling rates of over 50%,
most RE elements used in Mg-RE alloys have negligible recycling rates below 1%, making the
alloying even more expensive [37]. In fact, with the addition of only 1 wt.% RE elements, the cost
for high-temperature Ni-based superalloys can almost double [38]. More importantly,
strengthening alloys by RE elements is gradually reaching its limit as researchers keep adding more
of them into the system. Naturally, it is only reasonable to seek alternative or collective ways to

better improve alloy performance.



Chapter 2. Literature Review

Figure 2.2 Periodical table color-coded based on global estimates of end-of-life recycling rates. Unshaded elements
indicate lack of data, adopted from ref. [37].

2.2.2 Defect Engineering

Defect strengthening has been considered one promising alternative strengthening method to
alloying. The essential idea of defect strengthening actually has been around for a long time,
probably dating back to the very beginning of using metallic tools, when people found metals
became harder after being repeatedly hit. But trying to precisely control these defects to our
advantage (or say “defect engineering”) has just become more interested in the past decades.
Thanks to the advancement of characterization techniques like atom-resolved electron microscope
[39] and simulation methods as a result of ever more simulation power owing to the constant rapid
evolution of the semiconductor industry [40], the once invisible underlying deformation processes
are now becoming increasingly accessible to researchers down to even atomic scales via both

experiments and simulations, enabling fine control over these defects to achieve such “engineering”.
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Two major defect strengthening mediums, grain boundaries as a typical planer defect and

dislocations as a typical line defect, are mostly used and thus chosen in this study.

2.2.2.1 Strengthening through planar defects (Grain boundaries or Twin boundaries)

Planar defects like GBs and TBs, which are commonly found in most metallic materials, can serve
as effective strengtheners by acting as walls hindering the movement of dislocations. Such
strengthening effect can be described empirically by the well-known Hall-Petch equation shown in

Equation 2.1 [41, 42], predicting increased strength with decreased grain sizes.
0'y=0'0'|'kyd_0'5

Equation 2.1 Hall-Petch equation, where oy is the yield stress, oois a material constant for starting stress for
dislocation movement, ky is the strengthening coefficient, and d is the grain size

Apart from GBs, coherent TBs can also act as strengtheners. Although it is worth mentioning that
the strengthening of TBs follows the same equations but usually has a higher k value (stronger
strengthening effect) [43]. Many research have been done and succeeded in strengthening using
TBs [44-47], for example, nano-twinned Ni-based alloys with exceptional cryogenic mechanical
properties were synthesized by Ding et al. [48] and extremely strong nano-twinned copper (Cu)
with UTS over 1000 MPa was synthesized by Lu et al. using pulsed electrodeposition [47]. Though
the deposition nature of such process makes the fabrication of large bulk components less efficient,

this method is usually only used for fabricating films, coating, and nanostructures [49-51].

Similar to work-hardening, reducing grain size not only benefits from improved strength, it can
also change the ductility of materials simultaneously. Two reasons are believed to cause the
improved ductility of fine-grained Mg. Firstly, the activity of more non-basal slip systems (non-
basal <a> and/or pyramidal <c+a> dislocations) becomes enhanced as the grain size goes down,
providing the ability to accommodate strain along the <c> axis and extra slip systems needed for
the homogeneous deformation, resulting in much more homogenous deformation without cracking

[52, 53]. Secondly, as mentioned earlier, <c+a> dislocations tend to dissociate into immobile
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configuration under room temperature deformation, however, such undesirable transition can be
suppressed in fine-grained materials, as <c+a> dislocation would have a higher chance of traveling
through the whole grain before the dissociation process happens, thus actively contributing to the

plastic deformation [26].

The deformation mechanism of nano-crystalline materials has been attracting researchers’ attention
due to their distinct mechanical properties (e.g. extremely high strength) compared to their coarse-
grained counterparts [47]. However, once the grain size goes beyond a certain threshold, usually
~10nm depending on the specific materials, it has been found that further reduction of the grain
size abnormally leads to the softening of materials [47, 54-56]. The transition from dislocation-
dominated deformation in coarse grains bigger than 1um to GBs-related deformation in nano-
crystalline (e.g., grain boundary sliding, grain boundary migration, and grain rotation, etc.) is

believed to be responsible for the observed softening.

2.2.2.2  Strengthening through line defects (dislocations)

Dislocations, being the major plastic deformation carriers, can also act as effective strengtheners
by dislocation tangling and multiplication, creating obstacles to hinder/trap the following
dislocations, such process is generally called work hardening [57], and it plays important role in the
manufacturing of many metallic materials. Apart from strengthening, the work hardening capacity
is also believed positively related to alloys” ductility [58-60]. According to the Considé&e criterion
for necking as presented in Equation 2.2, tensile plastic instability (necking) takes place when there
is an insufficient work hardening rate, resulting in premature failure and limited ductility of
materials [61, 62]. It is also worth mentioning that lack of work hardening capacity is also believed
to be one possible culprit responsible for the extremely limited ductility found in many nano-
crystalline materials [63, 64]. Research on gradient materials conducted by Fang et al. [64] also
shows that it is possible to address the ductility problem of nano-crystalline by introducing more

work hardening capacity. Thus enhancing the interactions between dislocations, namely enhancing
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the work hardening capacity, can be an effective way to simultaneously improve both the strength

and ductility of Mg alloys.

0o -
(68)_6

Equation 2.2 Considére criterion for necking [63].

Though thoroughly studied in cubic materials [57], the work hardening of Mg is much less well
understood due to its HCP crystal structure and consequently much more complicated deformation
modes. So far, only a few studies exist for the work hardening of Mg alloys, most of them focus on
indirect factors like texture, grain size, and alloy elements, etc. that might affect work hardening.
However, studies on dislocation structure itself in Mg, which is directly responsible for the work
hardening behaviors, still remain rather uncharted. Theoretical calculations predict the effects of
dislocation on work hardening vary with its type and specific configurations [65, 66], which is
supported by different work hardening stages observed in cubic materials subjected to the fatigue
process [67-71]. The early stage hardening in fatigued cubic materials is characterized by low
energy dislocation structures (LEDS) like tilt wall, dislocation dipole, ‘Taylor lattice’ which is
originally proposed by Taylor [72] and later revised by Neumann [69], featuring periodically
arranged arrays of straight edge dislocations with opposite signs as shown in Figure 2.3. Unlike the
high work hardening rate caused by dislocation forest in stage Il, the work hardening rate from
these LEDS in stage differs due to the “screening” effect between opposite-signed dislocations in
LEDS like the “Taylor” lattice [73]. Such properties make these LEDS potentially useful in terms
of tuning the work hardening behavior of materials. Unfortunately, even though some theoretical
calculations suggest that such LEDS should be more favorable in hexagonal materials where planar

slips dominate [73], the experimental evidence of such LEDS in Mg remains largely sparse.
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Figure 2.3 lllustration of Taylor lattice. (a) Original model proposed by Taylor [72]; and (b) revised model based on
experimental results in fatigued cubic materials [69].

In addition to its configuration, the type of dislocations involved during interactions also plays an
important role in strengthening the materials. For instance, the strengthening effect of basal-basal
interaction is far weaker compared to that of basal-prismatic or that of basal-pyramidal. Thus both
configuration and type of dislocations should be taken into consideration if one is to engineer

dislocations to yield maximized strengthening [65].

It is worth mentioning that the formation of the “Taylor” lattice usually requires prevailing planar
slip that usually involves cyclic loading [73, 74], making the manufacturing of such dislocation
structure inconvenient. And unfortunately, the existence of ‘Taylor’ lattice is rarely reported in
hexagonal materials like Mg. Recently, a novel LEDS, similar to the “Taylor” lattice, in the form
of <c>-screw dislocation arrays decorated with Gd has been reported in Mg-Gd binary alloys, and
is promising to serve as an effective strengthener, but a detailed study is still needed for a better

understanding of such novel dislocation structures [75].

2.3 Manipulation of Grain Boundaries

How to modify the properties of metals has always been a key interest to metallurgists and materials
scientists, apart from alloying, grain refining (introducing more GBs) is another commonly used
strengthening strategy. Guided by the Hall-Petch equation [41, 42], the strength of nano-crystalline
materials can be one order of magnitude higher compared to their coarse-grained counterparts [76],
as a result of high density of GBs. Since the pioneering review article by Glieter [76] on 1989,
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increasing interests have been drawn to nano-crystalline materials in the past decades [77], and
significant progress has been made trying to solve issues associated with nano-crystalline materials.
For example, the interfaces in nano-crystalline materials are usually under a high energy state,
making the materials very unstable against heating and tend to coarsen easily. Thus how to stabilize
these interfaces, which essentially give the materials their supreme mechanical properties, is one
of the most important issues that need to be addressed for nano-crystalline materials. To solve this
problem, different kinds of low-energy interfaces have been studied and yielded improved stability,

including TBs, low-angle GBs, and interphase boundaries [77].

The biggest attraction of nano-crystalline materials is probably their extremely high strength, which
can be ~5 times that of their coarse-grained counterparts [47]. The strength-ductility tread-off holds
for most strengthening approaches, however, grain refining is capable of avoiding such trade-off.
For example, superplasticity has been reported in various materials with reduced grain sizes when
deformed at a relatively low strain rate [78]. The underlying mechanism for such superior plasticity
is attributed to extensive activation of grain-boundaries accommodated deformation processes like
grain boundary sliding and grain rotation, which becomes increasingly active as the grain size
decreases. Additionally, it is believed that a reduction in grain size can also alleviate the strong
mechanical anisotropy caused by its HCP crystal structure [79]. Coarse-grained HCP materials
manufactured by deformation like rolling usually exhibit strong basal texture, causing strong
mechanical anisotropy [80]. Many grain refining processes like severe plastic deformation (SPD)
are reported to be able to change such texture, leading to improved isotropy through more activation
of different slip systems [81-84]. Another possible factor contributing to the improved mechanical
anisotropy of nano-crystalline materials is the reduced activation of twinning as grain sizes reduce
[79, 85], as dominating activation of a single twinning system can cause strong anisotropy in HCP

materials [18, 86]. With so much potential for tailoring mechanical properties, it is no wonder that
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nano-crystalline materials have attracted so much interest from numerous researchers in the past

decades.

While several researches on nano-crystalline materials exist, finding an effective yet simple
approach to synthesize the nano-crystalline materials used for the study is always the first challenge.
Existing grain refining methods can be generally divided into two categories: bottom-up (e.g.
additive manufacturing, also known as 3D printing [47, 87, 88], adding of grain refiner [89-93],
and special manufacturing process [94-96], etc.) and top-down (e.g. deformation-induced grain
refining [97]). Despite having been attracting great interest and showing great potential, 3D printing
is currently suffering from issues like porosities, inhomogeneity, high cost, etc., limiting its
application to only small-scale production [98]. The extent of refining is also limited to micron
level for most 3D printing due to the high local temperature often involved in their manufacturing
processes [99]. Another bottom-up approach is by adding either inoculation particles [100, 101] or
grain refining elements like aluminum, calcium, silicon, zirconium, etc., [90-93] However, the
grain refining is too usually limited to micron level and hard to obtain real nano-crystalline, the
same holds true for some other processing-related approaches like increasing cooling rate,

providing agitation [90].

To manufacture true nano-grained (submicron) materials, plastic deformation might be one of the
easiest approaches. It’s been a long time since people use plastic deformation as a convenient and
effective grain refining method, small grains form during plastic deformation by rearrangement of
dislocations to form GBs/sub-GBs [102] and following dynamic recrystallization induced by the
heat caused by deformation [103]. The primary principle behind this approach is fairly simple, the
heavier you apply the plastic deformation, the finer the grains you get. However, using traditional
deformation methods like rolling on HCP materials like Mg usually results in cracking and
fracturing when a large amount of plastic deformation is applied, limiting the amount of grain

refining that could be achieved. Fortunately, in the past few decades, numerous SPD techniques
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that are capable of overcoming such drawbacks have been invented, including high-pressure torsion
(HPT) [104], equal channel angular pressing (ECAP) [105], surface nano crystallization (SNC)
[106], etc., paving the pathway to sub-micron nano-grains down to below 10 nm [106, 107].

Ilustration of two commonly used SPD techniques (HPT and ECAP) is shown in Figure 2.4.

() (b) Load
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Figure 2.4 lllustration of some SPD techniques. (a) HPT and (b) ECAP.

As one of the approaches that is capable of synthesizing true nano-grained materials [106, 107],
SPD has been widely applied as an effective approach to synthesize nano-crystalline materials
[108-113]. However, despite their excellent ability in refining grains, most SPD methods (e.g. HPT
[104] and ECAP [105] which are the most common two) suffer from issues like dedicated
equipment, high cost, and complicated manufacturing process [114], making them less accessible
to numerous researchers interested in nano-crystalline. SNC, as a special SPD targeting the material
surface, is much easier to implement as only the surface of the materials is nano-crystallized,
equipment like a simple high-speed rolling head, which is much more accessible compared to what
are used for HPT and ECAP, can effectively produce well-defined nano-crystalline surface layers
with grain size ~ a few hundred nanometers [115, 116]. Additionally, due to its surface treatment

nature, the amount of strain due to SNC gradually reduces as the distances from the surface increase,
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thus naturally producing gradient structures whose grain sizes are proportional to the distance to
the treated surface. Such gradient structures are reported to have much higher ductility compared
to the pure nano-crystalline materials which generally suffer from extremely limited ductility, while
still maintaining excellent strength compared to their coarse-grained counterparts [45, 64, 117],
offering the possibility for addressing the long-standing ductility problem of nano-crystalline
materials. Thus SNC provides a simple yet effective way to manufacture nano-crystalline materials,

improving the strength and ductility simultaneously.

Another issue that exists for almost all existing nano-crystalline synthesizing methods is the
difficulty in the preparation of TEM thin film samples. Due to the extremely small size of the
microstructure of nano-crystalline materials, TEM observation, which can offer high spatial
resolution down to atomic scale, is usually necessary for detailed characterization. The schematic
illustration of a conventional modern TEM is shown in Figure 2.5. Much like optical microscopes
working under transmission mode but replaced light with electrons and optical lens with magnetic
lens, TEM benefits from the much shorter wavelength of electrons and thus has much higher
resolution even with large imperfection in the current magnetic lens like aberration. More
importantly, the spacing between atoms falls into the same scale as that of the high-speed electrons,
enabling the acquisition of diffraction patterns which offers valuable crystallographic information.
And by simply changing the strength of the intermediate lens as illustrated in Figure 2.5, one can
easily switch between diffraction and image mode in TEM, such trait makes TEM a powerful tool
capable of simultaneously obtaining both morphological and crystallographic information over

very localized area, which is not possible for any other characterization techniques.

18



Chapter 2. Literature Review

(a) (b)
\ e Specimen R
1
Objective lens
Remove aperture
m— Objective
s E— ] I T, 2pcrture
Objective (bfp)
k. aperture
akd \ Follow (bfp)
the spot
SAD aperture SAD aperture
— Follow the [ m—
Intermediate ‘image’ arrow —————> Remove
¢ image 1 aperture
<——___ Change __—> lmCIIT:::hmc
strength :
Intermediate
/ image 2
. Projector
Fixed me— g, Toris
strength
>\
/ Screen \
DpP Final image

Figure 2.5 Two basic operation modes of modern TEM. (a) Diffraction mode and (b) image mode [138].

Naturally, it is necessary to prepare thin film samples out of the nano-crystalline material. Existing
approaches generally use a two-step approach where synthesizing nano-crystalline and preparation
of TEM sample are done separately. Methods like twin-jet polishing, ion-milling and focused-ion
beam (FIB), etc. are used to thin the bulk nano-crystalline samples into electron transparency that
is needed for following TEM inspection. Apart from extra time and cost (especially the case if a
large number of samples need to be prepared using FIB), these sample preparation processes are
also known to introduce artifacts or cause sample damage, for example, hydrides can form due to
the twin-jet polishing, while ion-milling and FIB can easily cause sample damage and artifacts due

to the constant bombarding on samples [118, 119]. If a versatile single-step approach exists that
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can synthesize nano-crystalline and make it electron transparent at the same time, it would be of

great help to researchers interested in studying nano-crystalline materials.

The above-mentioned SNC phenomenon offers a potential solution to this problem, consider bulk
samples being carefully mechanical polished, the plastic deformation process caused by the
polishing is known to cause mechanically influence layers [115, 120], thus theoretically if adequate
polishing parameters are used, nano-crystalline layers can form because of the polishing process.
In the meantime, the mechanical polishing process keeps removing materials, making the samples
thinner. Therefore, one may wonder, under certain experimental designs, if it is possible to produce
nano-crystalline materials while thinning them to electron transparency simultaneously so that they

can be directly used for TEM observation.

Benefiting most from the strengthening effect of grain-refining yet suffering less from softening
[47, 54] and limited ductility [121, 122] of extremely fine grains, materials with intermediate grain
size (10 nm <d< 1 um) are probably the most promising one in terms of the practical application
of nano-crystalline materials. As the grain size decreases, while the once dominating full
dislocations become less active, additional grain boundaries related deformation modes like grain
boundary sliding, grain boundary migration, grain rotation, etc. gradually become actively
contributing to the deformation process, causing many unigue mechanical responses of nano-
crystalline materials, e.g., “softening” of extremely fine nano-crystalline materials. However,
despite of many research dedicated to this topic, the detailed deformation mechanism for nano-
crystalline with intermediate grain size is still debatable, for example, grain boundary sliding has
been considered to contribute significantly to plastic deformation in materials with an average grain
size of ~90 nm [123], while extensive dislocation activity has also been found in nano-crystalline
as small as ~10 nm [124]. This complexity arises possibly because all the above-mentioned
deformation mechanisms may contribute to deformation, additionally, the potential coupling

between deformation mechanisms can make the process even more elusive. Despite a few
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simulation results suggesting the possible coupling between dislocation slips and grain rotation
[125-128], where grain rotation is believed to reduce the flow stress needed for deformation. The
actual experimental results supporting such theory are largely absent, possibly due to the difficulty
in tracking both the grain rotation and dislocation activity dynamically during deformation. Thus it
is important to get further understanding of the deformation mechanism, especially the potential

coupling effect, of nano-crystalline materials with intermediate grain size.

2.4 Challenges in characterizing dynamic processes in real-time

Grain rotation becomes more active in nano-crystalline materials, however, certain challenges exist
in the corresponding orientation characterization. Conventionally, fully quantified grain orientation
data can be extracted using either Kikuchi lines based methods like electron backscatter diffraction
(EBSD) in scanning electron microscopy (SEM), transmission Kikuchi diffraction (TKD) in SEM,
or a number of diffraction spot-based methods in TEM [129-134]. All these techniques require
sampling over a relatively large area in reciprocal space for each pixel in one image, while being
fully quantified, it is a time-consuming process that can take hours to complete one single mapping
even with the most advanced detectors. Consequently, it is challenging to use these techniques to
keep track of the orientation change during dynamic processes like plastic deformation. A few
alternatives have been proposed to bypass the problem, for example, high-resolution TEM
(HRTEM) fringe images which give the orientation of the crystal in real-time have been
successfully used to track the change in mis-orientation between adjacent grains, as demonstrated
by Ke et al. [135], the first experimental evidence of grain rotation of nano-crystalline using

HRTEM imaging.

However, serious limitation exists for such atomic image-based approach: first is the small viewing
area which usually only includes a few grains, making the analysis of the possible coupled

deformation between a large number of grains virtually impossible; another problem is that
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HRTEM images only form when grains are under certain orientation, once the grain rotates away,

one essentially loses track of its orientation change whatsoever.

Another commonly used technique is dark-field (DF) imaging. Instead of sampling over the whole
reciprocal space, electrons from only a small selected area determined by the objective aperture are
collected, offering the possibility for real-time characterizing. While not able to provide fully
quantified orientation information as in the case of EBSD etc., such image-based approach still
offers orientation information. Taking advantage of Bragg’s law of diffraction, areas showing
bright contrast in DF images have their plane used for imaging nearly parallel to the viewing
direction, which means any change in the contrast corresponds to the change in grain orientation.
Such approaches have been proven effective in characterizing the grain rotation of nano-crystalline
materials [136, 137]. Unfortunately, the conventional DF imaging used only a fraction of the
diffraction rings, which means only a very small portion of grains in contrast are actually being
tracked. Valuable information contained in other part of the diffraction rings, which is large
compared to the selected portion, is simply discarded and inaccessible to further analysis, bringing
up the problem that coupling effects between multiple grains can be harder to observe as much
fewer grains show high contrast under conventional DF imaging. Another problem is that DF
imaging fails to recognize orientation change around the diffraction rings, that is to say, when the
diffracted spots shift to other part of the same diffraction ring, despite the fact that the planes are
still essentially edge-on, conventional DF imaging essentially treats such scenario as rotating away
from the diffraction conditions. Such drawbacks make conventional DF imaging less ideal for
characterizing nano-crystalline materials. Consequently, a modified version called HCDF has been
proposed, which enables the whole diffraction ring(s) to be used for imaging by beam tilting and
rotating [138]. However, unlike conventional DF, past research using HCDF is mostly limited to

things like capturing the morphology (real space information), measuring the grain size, tracking
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grain growth, or imaging dislocations [139-141]. Researches trying to extract valuable orientation

information (reciprocal space information) from the HCDF images remain largely absent.

2.5 Manipulation of Dislocations

Being the most common plastic deformation carrier in metallic materials, dislocations play
important roles in the deformation process and have been used extensively as a strengthening
method in various alloy systems. There are generally two types of dislocation strengthening
mechanisms in literature based on the dislocation density. The most common one is the forest
strengthening (work-hardening) which is mostly found in the deformation of coarse-grained
materials with a high pre-existing dislocation density. The gliding dislocations in these cases are
hindered or trapped by a high density of dislocations, causing the multiplication of dislocations
which further increases the dislocation density and interaction between dislocations and
consequently leads to improved strength [142, 143]. However, if the pre-existing dislocation
density is considerably small or dislocations are easy to be annihilated at interfaces, like in the case
of nano-crystalline, the multiplication of dislocation is severely limited and the force required to
generate new dislocation sources, which is generally very high, becomes the major limiting factor
during deformation, leading to the transition to another strengthening mechanism called source-

limited strengthening [144, 145].

In the current study, we focus on the possibility of idealizing the dislocation configuration in hope
of maximizing the forest strengthening effect. The dislocation density plays a key role in such
strengthening process, while introducing extra dislocations by plastic deformation has been proved
to be an effective strengthening method and is widely used in real-life manufacturing, one may
wonder how the nature of dislocations (type, distribution, configuration, etc.) involved in the forest
strengthening process can influence the strengthening process. To minimize the strain energy,

dislocations tend to re-arrange themselves into LEDS [73, 146], examples being dislocation dipoles,
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muti-poles, and the “Taylor lattices” [147-149], along with structures like dislocation walls and

cells which define almost dislocation-free volumes separated by dense dislocation boundaries.

Theoretical calculations predict that the effect of work hardening is not solely controlled by
dislocation density, factors like the type and specific configuration of dislocations can also be
influential [65, 66], which has been verified experimentally by the well-established work hardening
stages observed in cubic materials subjected to fatigue process [67-71]. For example, due to the
“screening” effect between oppositely signed dislocations, the work hardening behaviors caused
by LEDS differ significantly from that of random dislocation forest. Such unique trait makes LEDS
potential for tuning the work hardening of crystalline materials and thus improving their mechanical

performance.

The work hardening of Mg is much less well-understood compared to cubic materials. Most
successful works utilizing dislocations to strengthen Mg and its alloys focus on either dislocation
density or dislocation type, rather than its configuration like in the case of LEDS. The study on
dislocation structures in Mg is largely limited to dislocation networks (e.g., dislocations at tilt/twist
grain boundaries [75, 150] or dislocation networks caused by tangling of dislocations [151]) or
random forest dislocations [143]. Limited studies exist in Mg on long-range periodical structures
like the “Taylor lattice”, with only few reports claiming the existence of small-scale periodical

structures like dislocation dipoles/multi-poles [152].

Recently, periodical LEDS similar to the “Taylor lattice” has been reported in hot-extruded Mg
alloys, in the form of ordered <c>-screw dislocation arrays segregated with Gd [153]. Such
structure is promising in terms of improving both the strength and ductility of Mg due to its unique
configuration. However, whether such structure exists without the aid of any solute elements still
remains elusive, as solute elements are known to reduce dislocation core energy leading to
improved dislocation stability [154]. More importantly, planar slip, which is essential to the

formation of many ordered dislocation structures including the “Taylor lattice”, can be promoted
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through the addition of solute elements [73, 155]. Thus it is essential to decouple the possible effects
of solute elements from the formation of such dislocation structure if one is to better utilize it for
strengthening. It should be noted since we are essentially observing the projection of samples,
Moiré&fringes which originate from overlapping grains may produce images similar that of ordered
structure like in the case of periodical dislocation array. This is not less problematic in ref. [153]
since the segregation of Gd makes the presence of dislocations clearly visible. However, it can be
tricky if one was to differentiate them in pure metal where no indicators like solute atoms are

available.
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Chapter 3 Experimental: Challenges and solutions

3.1 Initial Microstructure

3.1.1 Mg-Gd binary alloys
The initial materials used to synthesize the nano-grains was a Mg-Gd (2.0 wt.%) ingot shown in

Figure 3.1 (a), and was wire-cut into cylinders with dimensions ©10 mm*20 mm (+£0.02 mm) by

strategies illustrated in Figure 3.1 (b). Gd was chosen in hope to stabilize the nano-crystalline,
because RE elements like Gd are known to segregate into GBs and thus stabilizing them. A solution
treatment at 500 °C for 8 hours was conducted on all cylinders. While most samples used in the
current study were made out of the solid-solution treated samples, in order to investigate the
possible effect of different initial microstructure on the nano-crystalline TEM sample preparation,
additional hot-compression at 400 °C until fracture were conducted on some cylinder samples using
five different deformation rates of 0.5 mm/min, 5 mm/min, 20 mm/min and 200 mm/min. All
samples were immediately water quenched following the hot compression. To facilitate further
TEM sample preparation, thin slices with a thickness of ~1 mm were wire-cut from cylinder
samples as illustrated in Figure 3.1 (c), from which small near rectangular TEM samples with size

~3 mm*2 mm* 1mm were cut for further mechanical polishing to make wedge TEM samples.
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Figure 3.1 lllustration of the raw materials used for synthesizing nano-crystalline. (a) Raw material Mg-Gd (2.0 wt.%)
binary alloy ingot; (b) schematic illustration of how cylinder samples were cut from the raw ingot, dashed circle
indicates where cylinders (marked by the red bold circle) were cut; (c) schematic illustration of how thin slices for
further TEM samples preparation were cut from cylinders.

A typical EBSD inversed pole figure (IPF) of solid-solution treated samples is shown in Figure
3.2(a), coarse-grained microstructure with grain size over a few hundred microns can be clearly

identified.
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Figure 3.2 Typical I PF of solid-solution treated samples, showing coarse-grained microstructure.

As can be seen in the bright-field (BF) image shown in Figure 3.3 (a), the TEM micrograph gives
consistent results with the EBSD data, showing big grains with no grain boundaries being captured
in any observable area under TEM which is reasonable considering the big grain sizes. Though
having underwent high-temperature solid-solution treatment, there are still dislocations remaining
inside the sample, which lies dominantly on the basal planes as marked by the red circle. These
dislocations are likely of basal <a> type considering their configuration parallel to the basal planes,
but recent reports have shown the possibility of basal dissociation of <c+a> dislocations, causing
them to be essentially sessile [26, 156, 157]. To identify the type of these dislocations, tilting
experiments have been conducted to analyze the visibility of dislocations under different two-beam
conditions. When a specific g vector is used to form the DF image under two-beam conditions,

only dislocations with dot product g*b##0 (b is the Burgers’ vector of the dislocations) show

contrast and are visible in the image [138]. Thus with a few combinations of g vectors, the Burgers’
vector b of the dislocations can be determined unambiguously. As can be seen in the DF imaging
shown in Figure 3.3 (b), dislocations inside the red circles are visible under g=(0110), which means
<c>-dislocations are not possible as the product will be zero. Still both <a>and <c+a> dislocations

can show contrast under such beam condition, thus additional DF imaging using g=(0002) has been
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done as can be seen in Figure 3.3 (c). From this figure, it can be clearly seen that those dislocations
showing contrast previously under g=(0110) are now completely invisible, leaving only <a>

dislocations to be the only possibility, which is reasonable considering the dominating role of basal

slip for Mg.

fo

Figure 3.3 TEM characterization on the microstructure of the Mg-Gd (2 wt. %) alloys. (a) BF image showing the
typical microstructure of the solid-solution treated samples prepared by conventional twin-jet polishing, dislocations
lying on the basal planes can be seen as marked by the red circle; DF images taken under two-beam conditions using

(b) g=(0110) and (c) g=(0002); (d) precipitates with regular shape found in the sample, the viewing direction is

[1123].
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Apart from dislocations, precipitates with regular shapes have also been identified in some areas.
Viewed along [1123], as can be seen in Figure 3.4 (d), the sizes of these precipitates are relatively
large, usually ~ 1 micron. Corresponding energy dispersive spectrum (EDS) mappings shown in
Figure 3.4 (a) clearly indicate that these particles are enriched of Gd. While they seem to be
particles viewed along [1123] as shown in Figure 3.4 (b), once viewed along the <a>-axis ([1120]),
all these precipitates become thin plates lying perpendicular to the basal planes. This means instead
of particles, these precipitates are actually thin plates lying along the <c>-axis. Past research on
Mg-RE alloys has shown Gd in Mg precipitates by the following order > —p’> —p1—, taking
morphology, orientation, and precipitate sizes into account, only the equilibrium 3 phase matches

the record in the current case [158].
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HAADF MAG: 57.0kHV: 200kV

Figure 3.4 TEM characterization on the precipitates found in the Mg-Gd (2 wt. %) alloys. (a) high-angle annular dark-
filed (HAADF) image and corresponding EDS mapping on one of the precipitates; morphology of precipitates viewed
along (b) /7123] and (c) [1120].
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3.1.2 Hot-extruded Pure Mg
The raw materials used to synthesize the desired dislocation structures was a hot-extruded Mg plate
with 99.99% purity, the as-received plate possesses a strong basal plate commonly found in Mg

subjected to similar hot deformation.

A large number of dislocations have been introduced by the hot-extrusion process, as can be seen
in the TEM-BF micrograph of the as-received plate shown in Figure 3.5, but detailed TEM
examination reveals no evidence of the periodical dislocation structures which we seek to introduce

using the following hot-compression.

Figure 3.5 Microstructure of the initial hot-extruded samples. The complex black contrast in the figure indicates a high
density of pre-existing dislocations.
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3.2 Experimental Design for Tailoring Grain Boundaries via Simple Mechanical
Polishing

3.2.1 Experimental Design: Sample Preparation Using Simple Mechanical Polishing

The idea of preparing TEM samples using direct mechanical polishing dates back to the mid-90s
when the Tripod polisher was introduced [159], the idea is to apply a tilting angle during polishing
so that areas at the tip of the wedge sample can be thin enough to be electron transparency. In most
studies, the wedge angles are set to be relatively small (usually <1°) [159, 160]. Later in 2001, a
variation using a high tilting angle to produce wedge samples was proposed by Li et al. [161], the
high polishing angle makes the tip more robust thus freeing the polishing process of constant
monitoring of sample thickness, making the polishing easier and less likely to damage the tip.
Preparing wedge TEM samples by mechanical polishing has many advantages compared to
conventional TEM preparation methods (e.g., ion milling, twin-jet polishing, etc.), for example,
large observable area, ability to selectively thin certain areas of interest, applicable to most
materials, etc.[159] Despite of its flexibility, most of such wedge polishing techniques are used to
prepare TEM samples of non-metal materials, while for metallic materials, polishing is almost
always done using either twin-jet polishing, ion milling, or FIB, possibly due to the fact that highly
standardized preparation procedures exist in abundant literature. In the following sections, it will
be shown that using a similar mechanical polishing approach to what was used by Li et al. [161],
nano-crystalline TEM wedge samples can be prepared quickly without the aid of any additional

polishing process like ion milling.

A precise polishing system Multiprep™ manufactured by Allied Tech™ was used for the
preparation of nano-crystalline TEM wedge samples. The TEM sample preparation consists of
polishing on both upper and lower surfaces of samples, a tilting angle of 4° was applied during the
second surface polishing to produce the wedge necessary for TEM observation. Crystalbond ™ was

used to attach the sample to the polishing mount shown in Figure 3.6 (a) for the first surface
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polishing, while for the second surface polishing, superglue was used to enhance the adhesion
which can be removed later by soaking in an acetone bath. A water-free, alcohol-based lubricant
was used throughout the polishing process, to improve the polishing quality and reduce possible
oxidation during the polishing [159]. Sandpapers (Diamond lapping film of 6 um, 3 pm, 1 pm, and
0.5 um) were used sequentially, and a minimum polishing thickness of 20 um was set for each step
to avoid any large scratches left by previous polishing. The polishing rate was set to 20 rpm except
for the final polishing of 5 rpm (the slowest one available in the current machine) to minimize the

possibility of fracture and damage to the wedge tip.

3.2.1.1 Polishing the First Surface

Before any polishing, alignment of the polishing machine is required to make sure the rotation
platen where sandpapers are attached remains essentially flat, no tilting angle is applied during this
step. After the parallel polishing condition is secured, the near rectangular sample is first attached
to the polishing mount using Crystalbond™ as shown in Figure 3.6 (b). Note the sample is
extending out of the edge of the polishing mount a little to allow abrasion and the sample edge
should be as parallel as possible to the edge of the polishing mount as recommended by ref. [159].
The applied glue needs to be evenly smeared to the mount to avoid any tilting of the samples during

polishing. Then the polishing mount is attached to a cam-lock adapter shown in Figure 3.6 (c).
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Adapter

Polishing
mount

Figure 3.6 Illustration of the sample mounting process and polishing on the first surface. (a) The stage used to mount
the samples; (b) top-view schematic illustration of sample mounting during the first surface polishing; (c) adapter to
which the polishing mount is attached; (d) digital indicator used to measure the relative thickness reduction during
polishing.

Mechanical polishing is then applied using a set of sandpapers with a particle size of 6 um, 3 um,
1 pm, and 0.5 pm. Starting from the coarsest one (6 um), the polishing rate is held constant at 20
rpm, and lubricant is constantly added throughout the polishing process. It should be noted that
polishing produces visible debris on the sandpaper and should be cleaned constantly. Though it is
hard to measure the exact thickness of the sample, the relative thickness reduction can be monitored
by a digital indicator attached to the polishing machine as shown in Figure 3.6 (d), by simply

comparing two values taken before and after polishing. The first polishing is only aimed to remove
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any large scratches or defects on the surface, thus the only requirement is to keep a minimum
polishing thickness of 20 um for each polishing pass. Once the first surface is free of visible large
scratches, a heating stage is used to melt the Crystalbond™ and detach the sample from the mount.
To minimize possible oxidation, heating should stop as soon as the sample can be detached. It
should also be noted that should any Crystalbond™ become attached to the polished surface,
soaking in an acetone bath should be performed to completely dissolve the glue to improve the
further polishing quality. Henceforth, any manipulation of the sample is recommended using a
vacuum tweezer, as the small sample size makes it easy to mishandle using conventional tweezers,
causing possible damage to the sample. The Crystalbond™ remained on the polishing mount needs
to be removed completely, a parallel polishing on 6 um sandpaper for one minute can effectively

clean all the remaining glue in most cases.

3.2.1.2 Polishing the Second Surface and Introducing the Wedge

For polishing on the second surface, the sample needs to be glued using superglue in the same
manner as the first surface shown in Figure 3.6 (b), note that the polished first surface needs to face
the sample mount. Crystalbond™ is not recommended during the second polishing, because the
sample tends to detach from the mount as the thickness reduces. A polishing using sandpaper series
of 6 um, 3 um, 1 pm, and 0.5 um, similar to the first surface polishing, is done first before
introducing the wedge, to get rid of anything attached to the surface and ensure a relatively flat and

scratch-free surface.
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Figure 3.7 lllustration of the second surface polishing. (a) Angular adjustments knobs, the left one is for front and back

(axial) adjustment, the right one is for left and right (radial) adjustment, in the current case, only the left one is needed

for the polishing of wedge sample; (b) side view illustration of how the wedge is introduced; (c) cross-section viewing
using an optical microscope to monitor the remaining thickness.

To introduce the wedge needed for TEM observation, one of the angular adjustment knobs of the
polishing machine shown in Figure 3.7 (a) is needed. These two knobs provide both radial and axial
adjustments, but only axial adjustment is required for the preparation of wedge samples. Thus the
right knob is held constant while the left one is set so that the sample is tilted 4°along the axial
direction. Once the tilting angle is set, the polishing process shown in Figure 3.7 (b) can be
conducted to produce the wedge sample. It is important to note that the polishing direction
(indicated by the red arrow in Figure 3.7 (b)) should always be facing the wedge, otherwise the

wedge can be easily damaged due to the polishing process.

The tilted polishing also uses the same sandpaper series (6 um, 3 um, 1 um, and 0.5 um) to gradually

reduce the thickness of samples, avoiding any large scratches. Although precise thickness
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measurement is not essential to the current polishing technique, it is a good practice to keep track
of the remaining thickness during wedge sample preparation. An optical microscope can be very
helpful, a cross-section observation as shown in Figure 3.7 (c) is recommended to keep monitoring

the remaining thickness of the wedge sample.

In the preparation of wedge TEM samples of non-metal materials, the completion of the polishing
is usually determined by the presence of interference fringes coming from a very thin edge as shown
in Figure 3.8 (a) [159]. However, in the current case of Mg alloys, it is usually hard to see these
fringes even when the edge is formed or on samples that have been checked as good under TEM,
possibly due to the limited magnification of the optical microscope used in the current study.
Alternatively, another simpler criterion has been created to mark the completion of the polishing
process. As illustrated in Figure 3.8 (b), due to the geometrical set-up of the polishing, a “blank”
area indicated by the red line appears between the sample tip and the polishing mount edge once
the wedge is formed, therefore such “blank™ area can be used as an indicator to the formation of
the wedge, as demonstrated by the experimental image shown in Figure 3.8 (c). As pointed out by
Li et al. [161], the tolerance of such polishing technique is high due to the material removal pattern
shown in Figure 3.8 (d). When the wedge is formed, even if one continues polishing, the sample
essentially recedes laterally, keeping the thin tip part at all times. However, in practice it is
recommended to stop polishing quickly after the “blank™ area is observed, to reduce the change of

potential damage to the tip due to further polishing.
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Figure 3.8 Detailed polishing and sample removing set-up. (a) Interference fringes near the prepared wedge in the
TiO2/Si sample, which can be used as a sign for the completion of the wedge, adopted from ref. [159]; (b) illustration
of when the wedge is formed, note the “blank” area (marked by the red line) between the wedge and the edge of the
polishing mount; (c) an experimental image showing the “blank” area once the wedge is formed; (d) schematic of high
angle wedge polishing, adopted from ref. [161].

Once the polishing completes, the wedge sample needs to be soaked in acetone to dissolve the
superglue used for mounting. Due to the extremely small size of the sample, collecting it from the
beaker can prove challenging and risks damaging the tip. Thus a filter paper rolled into a conical
shape is put into the beaker to collect the sample once it is detached from the polishing mount, as
illustrated in Figure 3.9 (a). Using the filter paper approach, transferring the sample from the beaker

involves simply unfolding the paper and waiting for it to dry up.
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Figure 3.9 Sample collecting and mounting of the prepared wedge samples. (a) Collecting detached sample in acetone
using folded filter paper; (b) illustration of how the prepared wedge sample is glued onto the half Cu ring for further
TEM observation.

To make the wedge sample compatible with the TEM holder, an additional fixture needs to be
attached to the wedge sample. ®3 copper ring with a central hole is cut into half, epoxy glue is then
used to mount the prepared wedge sample to the half ring as illustrated in Figure 3.9 (b). The
mounted sample is stored in a vacuum chamber to prevent oxidation and wait for the epoxy glue to
solidify. Once the glue is fully solidified, the wedge sample is now ready to be directly used for

TEM observation.

3.2.2 Experimental Design for Studying the Deformation Mechanisms of Intermediate-
sized Nano-crystalline

Mg-Gd (2 wt.%) wedge TEM samples prepared using the direct mechanical polishing approach

described above are used in the current study. Prior to any TEM observation, plasma-cleaning using

argon for 5 min was conducted to clean the sample of possible contamination.

The in-situ TEM nano-indentation tests were conducted on a Hysitron P195 picoindenter equipped
with a Berkovich tip, under load-control mode with a loading rate of 0.1 uN/s. The holder and tip
used in the current study are shown in Figure 3.10 (a, b). The as-prepared wedge TEM samples are
directly attached to the sample mount using superglue which will then be mounted to the holder for
further indentation test. An illustration of the sample mounting is shown in Figure 3.10 (c), note

that the flat surface should be facing the mount to reduce any tilting of the sample, care should be
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taken during mounting to avoid any superglue contamination on the wedge tip. It is also worth
mentioning that the original mount thickness marked as red “t” in Figure 3.10 (c) is too thick for
the TEM stage to bring the wedge samples into focus, thus the thickness has been reduced using
manual polishing until the sample can be correctly focused. It is practically difficult to judge how
far the thickness is from the acceptable value in TEM, so a try-and-error approach was used for the

thickness reduction polishing. All TEM observation was carried out on an FEI Talos TEM operated

at 200 kV.

Wedge sample

Sample mount

Figure 3.10 Instruments used in current in-situ nano-indentation. (a) A TEM image of the Berkovich indentation tip
and (b) the Hysitron PI-95 picoindenter used in the current study; (c) side-view illustration of the sample mounting
process.

As mentioned earlier, current characterization techniques all suffer from certain drawbacks in
capturing the dynamic deformation process during in-situ TEM mechanical tests, HCDF is
proposed for the first to be used to track the grain re-orientation in real-time during in-situ TEM
nano-indentation. As a variation to conventional DF imaging, HCDF also selectively uses certain
parts of diffraction by the insertion of an objective aperture to form the image. The main difference
is that the incident beam is tilted away in HCDF imaging so that the interested diffraction is brought
to the center of the optical axis, and by rotating the incident beam around, the whole diffraction

ring can be brought into the collecting range of the objective aperture. Thus given that an exposure
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time longer than the rotation period is used, the whole diffraction ring essentially contributes to the
imaging, in contrast to a very limited portion of the ring contributed to imaging in conventional DF,
making the HCDF imaging technique exceptionally powerful in the characterization of nano-
crystalline materials. Because HCDF imaging is essentially based on Braggs’ law of diffraction the
same as conventional DF imaging, all traits belonging to conventional DF imaging like the direct
orientation-contrast relationship should still hold, which will be further demonstrated using

modified multi-slicing simulation later.

The schematic illustration of HCDF used in the current in-situ nano-indentation test is shown in
Figure 3.11 (a). From the figure, it can be perceived that HCDF imaging is analogy to using an
annular objective aperture. The speed of the beam rotation is set to 0.1 s for one complete circle,
and the exposure time of HCDF is set to 0.2 s, longer exposure time yields a better signal-to-noise
ratio thus improving image quality, but at the price of lower frame rates. It should be noted that the
exposure time needs to be set to integer times of the beam circling period to minimize any potential

artifact.
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Figure 3.11 Experimental set-up for HCDF imaging combined with in-situ hano-indentation. (a) Schematic illustration
of the HCDF implementation used in in-situ TEM nano-indentation test, the dark-blue arrow indicates the indenter tip;
(b) SAED pattern of the nano-grains, the white dashed circle indicates where the objective aperture is inserted; (c)
diffraction plot showing major diffractions of pure Mg, note the large gap between the pyramidal Il and the three
innermost reflections and multiple reflections that are not from any slip planes in between.

The objective aperture used in the current study yields an approximate collecting range of 8.4-11.7
mrad, as indicated by the white dashed circle in the selected-area electron diffraction (SAED)
pattern shown in Figure 3.11 (b). Such collecting range allows tracking of three major slip planes,
namely, basal {1010}, prismatic {0001}, and pyramidal 1 {1011} planes. As can be seen in the
diffraction scattering angle plot shown in Figure 3.11 (c), if the pyramidal 1l planes were to be

included, a much large aperture needs to be used, which not only includes unwanted information

43



Chapter 3. Experimental: Challenges and Solutions

from the non-slip planes in-between, but also deteriorates the image quality, as more inelastic
electrons will be included, causing image blurring [140]. A specifically designed objective aperture
with a nonconventional shape might solve this problem, but is beyond the scope of the current study,
thus the pyramidal II {1022} planes are not included. It should be noted that although <c+a>
dislocations gliding on pyramidal 11 {1022} planes have been reported [162] to actively contribute
to the plastic deformation of Mg and its alloys, its CRSS is believed to be very close to that of
pyramidal | planes [20], indicating their similar activity under the same loading condition.
Therefore, although the orientation change of pyramidal 1l planes cannot be tracked under the
current experimental setup, it is reasonable to assume similar behaviors to that of the tracked

pyramidal I planes.

3.2.2.1 In-situ Technigque: Nano-indentation (stress distributions)

The TEM observation region, which is thin enough to ensure electron transparency (i.e., a few
hundred nanometers in thickness), is deemed under a plane stress condition since the indenter, with
negligible changes in shape for a few hundred nanometers along the beam direction, applied load
only along the sample plane. Our indenter has a Berkovich tip, which ideally is a three-sided
pyramid with an apex angle of 142.321In reality, the indenter tip is always blunted, with a sphero-
conical shape over a few hundred nanometers. Accordingly, the current experimental setting can
be deemed as 2D indentation with a cylinder shape indenter. In order to consider the effects of a
real Berkovich tip, 2D indentation using a wedge shape probe is also considered as the comparison
for the case with cylinder shape indenters. The theoretical stress distribution is estimated according

to Hertzman’s contact theory (assume the elastic deformation) [163].

As illustrated in Figure 3.12 (a), a force F is applied to a cylindrical indenter with a radius R on a
flat sample. The indentation depth &, referring as the displacement, corresponds to a contact area
of radius a. Therefore, the stress distribution under the indenter can be expressed using Equation

3.1.
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Equation 3.1 Equations describing the stress distribution around a cylindrical indenter with radius R [163].

In which,

1
m? = E{\/(az —x2+y2)?2 + 4x%y? + (a® — x*? +y2)}
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As we assume plane stress condition, the effective Young’s Modulus can be calculated using

Equation 3.2 [163]:

1 1 1
— = +
E Eindenter EMg

Equation 3.2 Equation used to calculate the effective Young’s Modulus from Young’s Modulus of the indenter and Mg.

Accordingly, the max shear stress distribution can be estimated from Equation 3.3 [163]:
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Equation 3.3 Equation used to estimate the maximum shear stress distribution.

and is plotted in Figure 3.12 (b). The max shear stress is ~0.3Pmax at a depth of ~0.78a.
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Figure 3.12 Stress distribution estimation of the conical tip case. (a) Schematic illustration of the conical tip indenter
and (b) the corresponding calculated stress distribution.

In the case of wedge indenter, the max shear stress occurs along the y-axis. At the apex of the
indenter, the pressure is infinite however the principal shear stress is finite. The plot comparing the

principle shear stress of cylindrical indenter and wedge indenter is shown in Figure 3.13.

Figure 3.13 Comparison between the shear stress distributions along the y-axis of conical (black line) and wedge
shaped (red line) indenter tip.
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3.2.2.2 Thickness measurement

The contrast we see in low-magnification TEM micrograph rises from two major sources: mass-
thickness contrast (attenuation due to incoherent elastic scattering--Rutherford scattering) and
diffraction contrast (coherent elastic scattering — Bragg diffraction) [138]. When crystals are not
orientated along zone axes, the contribution from diffraction contrast decreases, and the images can
be approximately treated as a mapping of its mass-thickness distribution. In the case of
homogeneous materials where density remains unchanged throughout samples (as in the current
case), it means the contrast we see in the image is directly linked to the thickness of the samples
given no strong Bragg’s diffraction is activated. Such relationships can be described using Equation
3.4, where C is the image contrast, lo is the intensity of electrons measured at the empty area
(without any specimen), lr is the intensity of transmitted electrons measured after going through
the specimen, k the proportional factor, Z and A the atomic number and atomic weight of the
components, respectively [164], the exponential coefficient x varies with accelerating voltage.
Detailed procedures for thickness measurement using mass-thickness contrast have been elaborated
by Pozsgai [164]. Given the same accelerating voltage and similar TEM illumination conditions
are used, the equation obtained by Pozsgai [164] as shown in Equation 3.5 has been adopted for
the thickness measurement of the wedge sample. All images for thickness measurement were taken

without any objective aperture to minimize the influence of diffraction contrast.

c=1 ]0)—1( Z
= ngo(]tr =Kp )

Equation 3.4 Equation describing the mass-thickness contrast in TEM [164].

I, 1.44*10%0g¢,pt7%-%
C=log (D)= 0P
1 A

Equation 3.5 Mass-thickness contrast equation obtained experimentally by Pozsgai [164] for accelerating voltage of
200 kV.
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3.2.2.3 HCDF Contrast Simulation Using Modified Multi-slicing Algorithm

Although HCDF is not a new technique, it was mostly used for measuring grain size, characterizing
dislocations, etc. in previous research [138-140]. While HCDF is proposed to track the orientation
change of slip planes in the current study, there is yet to be any detailed contrast-orientation study
of HCDF. Thus to clarify such uncertainty, a self-modified multi-slicing algorithm has been used
to simulate the contrast of HCDF images along multiple different crystallographic axes. The
original multi-slicing code written by Kirkland [165] is an algorithm essentially simulating the
transmission process of electrons through thin foils inside TEM. The key idea of this model is to
slice the thin foil into atomic layers along the beam transmission direction (z-direction) as shown
in Figure 3.14 (a). The multi-slicing algorithm simplifies three-dimensional electron-matter
interaction as the propagation of two-dimensional interaction within each atomic layer over the
sample thickness. The transmission process of the incident electrons through the sample can be
divided into two parts: the transmitting part at the slicing layers marked by the horizontal black
lines and the propagating part through the vacuum between individual layers, if the slicing is done
such that the position of atoms in sample coincides with the slicing layers, very accurate simulation

results can be obtained.

To make the multi-slicing algorithm compatible with HCDF imaging, a virtual objective aperture
allowing conical illumination conditions is needed. In the original code, the insertion of the virtual
objective aperture is done by letting only electrons with scattering angle 6<x (x being the diameter
of the central hole in the objective aperture) contribute to the imaging process. As mentioned earlier,
the HCDF imaging achieved by tilting and rotating the beam is equivalent to using an annular
objective aperture, thus the HCDF imaging can be simulated by adding an inner limitation of
allowed electrons, namely, changing 6<x to y<6<x as the new criteria for electrons contributing to
the imaging process, where y is the inner radius of the annular aperture, a visualization of how the

modified code works in HCDF mode is shown in Figure 3.14 (b).
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Figure 3.14 Principle of multi-slicing model for HCDF imaging. (a) lllustration of the transmission process of the
incident beam in multi-slicing model, red and dark-blue circles represent atoms located at different layers in the
sample; (b) visualization of the annular collector used in the modified multi-slicing algorithm.
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Due to dynamic scattering effects, the intensities of both incident beam and diffracted beams
oscillate periodically, a common example being the thickness fringes found in BF and DF images
near the edge where thickness gradient exists [138]. Similar oscillation is expected in HCDF
imaging, so along with simulation for different zone axes, simulation for the same zone axis but
with different sample thickness is also required. Considering the fact that simulation program can
only manually input each simulation parameter, an overwhelming amount of time and effort are
needed if the job was to be handled manually. To make matters worse, each simulation requires an
individual atomic model as input, creating them manually is also daunting, to say the least. To
reduce the overwhelming task to an acceptable level, a series of automation scripts written in
Python have been created so that most work can be done automatically by the computer itself, the

detailed process will be introduced in the following.

The multi-slicing algorithm only accepts input with Cartesian coordinates, thus instead of
hexagonal lattice coordinates, an orthogonal unit-cell of Mg needs to be used. A base-centered
orthogonal unit-cell can be extracted out of the hexagonal lattice [138], as can be seen in Figure
3.15 (a, b). To transform between two unit-cell coordinates, one needs to know the relationship
between the three base vectors of two unit-cell. The c-axis ([0001]-direction) is essentially the same

for the two unit-cells, the relationship for the other two axes is shown in Figure 3.15 (c). Thus the
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relationship between two unit-cell can be mathematically described by three linear equations shown
in Equation 3.6 from which the transformation matrix B can be obtained as shown in Equation 3.7.
It should be noted pure Mg is used in the current simulation for simplification as minor alloying of

Gd in the current case is unlikely to drastically change the image contrast.
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Figure 3.15 Mg unit-cells in hexagonal and orthogonal coordinates viewed along [0001] for multi-slicing simulation.
Schematic illustration showing the (a) hexagonal unit-cell and (b) the base-centered unit-cell, uni-cells are multiplied
for better visualization; (c) relationship between base vectors of hexagonal and orthogonal unit-cell of Mg.
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a=-0.5%a"+0.5*b"+0*c’
b=1%a"+0*b"+0*c’
c=0%a’+0*b’+1%c’

Equation 3.6 Linear equations connecting the base vectors of hexagonal unit-cell (abc) and the orthogonal unit-cell
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Equation 3.7 The transformation matrix B connecting the hexagonal cell to the orthogonal cell, and the corresponding
transformation equation for plane index (hkl) and vector index (uvw) [166].

To simplify the simulation process, all crystallographic indices used for calculation is based on the
orthogonal coordinates except the output after finishing all the simulation. The calculated
orientations are generated by letting each index in <uvw> iterate from 0 to 4 (JOOO] is excluded),
yielding a total of 124 directions. However, due to the symmetry of hexagonal crystals, most of
them are crystallographically identical and give essentially the same simulation results. The multi-
slicing algorithm is computationally intensive, these redundant works are removed based on

symmetry before any real simulation starts.

After all zone axis indices are generated, super-cells of each direction need to be created to be used
as the input atomic structure of the multi-slicing algorithm. The multi-slicing code uses discrete
fast Fourier transformation (DFFT) to increase the calculation efficiency, consequently, a so-called
“wrap around” phenomenon occurs, meaning the left-and-right or top-and-bottom edges effectively
touch each other causing potential artifacts in the image. To reduce such artifacts, a periodical
boundary condition is required for the super-cell used for simulation [165]. Because the multi-
slicing code always uses the z-axis as the incident beam direction, a new “unit-cell” needs to be
found based on crystals rotated to a given zone axis, in order to meet the periodical boundary

condition criteria. There are few existing software like “Cartesian” [167], however, while the
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software gives the correct unit-cell for some low-index zone axes, it fails to find the correct unit-
cell for high-index zone axes which are also essential in the current study. To solve this problem,
a new program called “Super-cell” has been written by the author, the flow chart explaining how
the program works is shown in Figure 3.16 (a). Starting with the original unit-cell of Mg, the a, b,
c of the new unit-cell are initialized as all O; then checking on the product of a, b, ¢ will be applied,
if it doesn’t equal to 0, meaning a, b, ¢ have all been found, then the program outputs the new unit-
cell and lattice parameters, which will be used to generate series of supercells with different
thicknesses for further multi-slicing simulations. If the value of a>b>c equals 0, meaning at least
one of them has not been found yet (box too small to find). The unit-cell then gets expanded 3 times
along x, y, and z directions and rotated to a given zone axis whose algorithm will be described
shortly in the following part. Next, a searching algorithm based on the translational symmetry of
crystals is used to find possible a, b, and ¢ in the expanded super-cell. An example of how lattice
parameter a of the new cell is found for zone axis [0001] is shown in Figure 3.16 (b). It should be
noted that all computer uses limited precision for float number, causing inevitable round-off error
during each calculation, thus a small tolerance is used during the searching. The run time of this
program scales with atom numbers in the simulation box which increases to 3>3>3=27 times for
each expansion, for some high-order zone axis which has extremely large unit-cell parameters, the
computer used for simulation could run out of memory before finding every a, b, and c, thus a
maximum value of 40 A is set for the simulation box beyond which the program simply use 40 A
as the unfound parameters to generate the super-cell. Another reason for choosing such cut-off is
related to the run-time of the simulation algorithm itself. For a simulation box with non-periodical
boundary conditions, a simulation box as large as possible is good in terms of reducing the “wrap
around” error. However, due to the intensive computation power needed for multi-slicing
simulation, an extremely big simulation box too quickly drains out the computer, resulting in
unacceptable calculating time, thus a cut-off of 40 A is chosen as a compromise between accuracy
and running time based on the currently available computation resources which is a personal
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computer. Larger unit-cell with truly periodical boundary condition can be used, thus yielding

higher precision, given computer with higher computational power was used.

(@) (b)

Super-cell (unit-
cell, abc=[0,0,0])

False Return unit-cell
(all a, b, ¢ have and abc
been found)

Expand super-
cell 3 times along
Xyz

Rotate to uvw

found, update
abc

O 00 00 O
00 00 00
O 00 00 O
00 00 00
00 00 00 O
00 00 00
00 00 00 O

Set the expanded
cell as new input

o

Figure 3.16 Finding simulation boxes under given crystallographic axes. (a) Flow chart for the program “Super-cell”
responsible for creating unit-cells for any given orientation; (b) example showing how to find the lattice parameter a of
new crystal rotated to [0001], a search is conducted in x-y plane along the x-direction, the distance between the atom
at origin and the next repeating atom (red) is considered as the new lattice parameter along the x-direction (a),
similarly, b and c can be found given large enough super-cell.

Similar to the transformation matrix used to transfer plane/vector indices between hexagonal and
orthogonal unit-cell, the coordinates of crystal rotated to any specific zone axis can be related using
a rotation matrix R which is given by the angles between the old and new coordinates axis [166],

as shown in Figure 3.17.
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Figure 3.17 Rotation matrix R connecting the rotated and original crystals. The original and rotated coordinates are in
black and red, respectively; angles al, a2, and a3, etc. represent the angles between the rotated x’ axis and the
original x, y and z-axis, etc., and are visualized in the figure as light blue as examples.

One may have noticed that only one axis is fixed by a given orientation to which the crystal rotates,
to finalize the rotation, another base vector pointing to the horizontal direction is needed which
needs to be chosen for each zone axis. An easy way to find this vector is by the help of a simulated
diffraction pattern. By definition, any g vector (hkl) (or say reciprocal vector) in the diffraction
pattern of a zone axis is perpendicular to the zone axis [uvw] itself. Thus if we use these two vectors
as the base vectors of the rotated coordinates, due to the orthogonality of Cartesian coordinates,
another base vector can be then automatically calculated accordingly. It should be noted that the g
vector isa reciprocal space vector while the zone axis is a real space vector, transformation between

these two spaces is needed. The corresponding transformation matrix G is shown in Equation 3.8.

uvw’ = G~1 x hklT
a*a* a*b* a‘c*
G'=|b*a* b*b* b*c*
c*a* c*b* c*c”

Equation 3.8 Transformation matrix G connecting real space vector [uvw] and reciprocal vector (hkl), [166] where a",
b, ¢” represents the lattice parameters of the reciprocal lattice.

The validity of the “Super-cell” program can be demonstrated by the comparison shown in Figure

3.18 (a-c). It can be clearly seen from the figures that the new unit-cell generated by the “Super-
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cell” program correctly reproduces the minimal periodicity of the crystal along the [110] axis, while

the “Cartesian” program gives a non-primitive unit-cell with redundant atoms.
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Figure 3.18 Comparison between “Super-cell” and “Cartesian”. (a) Original orthogonal unit-cell viewed along [110],
note atoms at four corners have the same height (z-value); (b) [110] unit-cell generated by “Super-cell” and [110]
unit-cell generated by “Cartesian” [167].

&0 0O

Once all the simulation boxes are created using the above-mentioned “Super-cell” program, another
script named “ShellFile” is used to generate a Linux shell script named “Autorun.sh”, which
contains all command lines needed to run simulations over all simulation boxes. Upon running, the
“Autorun.sh” program automatically completes all the simulations and outputs series of simulated
HRTEM images calculated under different zone axes and sample thicknesses which will be used
for further analysis, for each zone-axis and sample thickness, both DF and BF images are calculated
for consistency check. It is worth mentioning that due to the small size of the simulation boxes
(maximum 4 nm* 4 nm), the area of any simulated HRTEM image is comparable to or smaller than
the size of one pixel in experimental HCDF images captured in the current study, thus it is only
reasonable to use the intensity averaged over entire simulated image to represent the HCDF
intensity. Additionally, to make all images directly comparable, all averaged intensity is normalized

based on the intensity of the direct beam, similar to what has been used in the quantification of
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HAADF images [168-170]. Thus the complete flow chart of the simulation can be summarized by
the plot shown in Figure 3.19, starting with an orthogonal Mg unit-cell, simulation boxes with
different orientations and sample thicknesses are automatically generated by “Super-cell”, based
on which a Linux shell file “Autorun.sh” is generated by “ShellFile”. As mentioned earlier, running
“Autorun.sh” automatically inputs all the simulation boxes into the “Multi-slicing” simulation

program for image calculation.

Simulation boxes Autorun.sh

Figure 3.19 Simulation flow chart for the HCDF image simulation
3.3 Experimental Set-up for Tailoring Dislocations via Hot Compression
In order to introduce the desired dislocation structure, uniaxial hot-compression tests were
conducted on the rectangular pure Mg samples at elevated temperatures (400 °C) along their long
axis until fracture. To preserve the microstructures obtained during hot-compression to room

temperature, an immediate water quenching was done on all samples after the deformation.

TEM can directly visualize defects like dislocations due to their strain field which causes
differences in Braggs’ condition, resulting in contrast differences around defects [138]. With the
help of double-tilt holders, TEM is also capable of viewing samples along different crystal zone

axis, which can be essential to the study of dislocations. To prepare the thin film needed for TEM
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observation, the as-quenched samples were first cut into thin slices 0.5 mm in thickness using wire
cutting, such that their surface normal either parallel or perpendicular to the compression direction.
This cutting strategy is to ensure wider coverage of orientation during TEM observation since the
tilting angle of the double-tilt holder is limited. Pre-thinning of these slices was carried out using
series of sandpapers until the thickness was reduced to ~0.12 mm. Disks of 3 mm in diameter were
then punched out of these pre-thinned slices for the final thinning. The final thinning was done
using a twin-jet polishing machine with a mixed solution comprised of 10 vol. % perchloric acid
and 90 vol. % ethanol. All TEM characterization was conducted on a JEOL 2100F TEM operated
at 200 kV. The ellipticity map of HRTEM images was created using an open-sourced Python library

called “Atomap” [171].

Atomic models of dislocation arrays used for diffraction simulation were built by periodically
inserting <c>-screw dislocations with alternating signs, forming a hexagonal pattern with an inter-
spacing of ~7 nm within a perfect Mg lattice, consistent with the experimental observation. A part
of this model is illustrated in Figure 3.20. The inserted dislocations are pure screw dislocations with
Burgers vectors either <c> or <-c>. The whole simulation box has the dimensions of 81 nm*81
nm*1.0 nm in the [1120] direction (x-axis), the [1010] direction (y-axis) and [0001] direction (z-
axis), respectively. An empirical potential developed by Liu et al. [172] was chosen to apply
additional structural relaxation to the model. Corresponding diffraction pattern simulation was
conducted using an algorithm proposed by Coleman et al. [173], which includes the effects of

atomic displacement on the diffraction patterns.
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Figure 3.20 Part of the atomic model used for diffraction simulation viewed along (a) [0001], (b) [7070] and (c)
[1120].
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Chapter 4 Results: Nano-crystalline Mg-Gd Alloys Synthesis

4.1 Microstructure of the Synthesized Nano-crystalline

As can be seen in the BF image shown in Figure 4.1 (a), contrary to the coarse-grained
microstructure observed in EBSD and twin-jet polished samples, multiple nano-grains with size
~100 nm can be clearly identified in the micrograph, the corresponding SAED pattern shown in
Figure 4.1 (b) also exhibits characteristic ring-feature of diffraction from polycrystalline materials.
Both image and diffraction indicate the presence of prevailing nano-grains, which is totally
unexpected for such samples subjected to high-temperature solid solution treatment. As such high
temperature treatment is known to cause recrystallization and grain growth, resulting in coarse-
grained microstructure [174], usually over micron scale. Additionally, these nano-grains are not
confined to specific areas but distributed almost homogeneously in all observable area near the
sample edge, as shown in Figure 4.1 (c), and judging by their continuous diffraction ring patterns
showing uniform intensity distribution, most areas possess a rather uniform orientation distribution
without strong texture. It is worth mentioning that no twinning is detected in any of the nano-
crystalline wedge samples, the possible reason will be discussed in the following part regarding the

formation of these nano-crystalline.
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Figure 4.1 Typical TEM micrograph of the wedge TEM samples. (a)BF image and (b) corresponding SAED pattern of
the wedge TEM sample prepared by direct mechanical polishing, showing diffraction rings belonging to Mg; both
images indicate that the microstructure is comprised of numerous nano-grains; (c) stitched image

Though judging from solid solution treatment parameters used in previous refs on Mg-RE alloys
[9, 10, 175], the temperature and duration in the current study should be enough to eliminate
significant inhomogeneity considering only 2 wt.% Gd is added into the system. To exclude the
possibility that these nano-crystalline are results of microstructural inhomogeneity, multiple wedge

samples taken from different locations of the raw ingot were prepared using the same preparation

60



Chapter 4. Results: Nano-crystalline Mg-Gd Alloys Synthesis

procedure described earlier, corresponding BF images and SAED patterns are shown in Figure 4.2

(a-d), all show similar microstructure comprised of nano-crystalline Mg.

Figure 4.2 TEM-BF images and SAED patterns of nano-crystalline from various positions. (a-d) BF images and
corresponding SAED patterns of wedge TEM samples taken from different locations of the raw ingot. All show nano-
crystalline microstructure similar to that of the solid-solution treated samples.

In addition, similar wedge samples have been prepared using all hot compressed with different
compression rates, as shown in Figure 4.3 (a-d), despite their different deformation history, all

wedge samples show nano-crystalline structures similar to that of the undeformed solid-solution
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treated samples. The similarity between these wedge samples indicates a likely common origin of
the nano-grains: the mechanical polishing process. Only two mutual preparation processes, solid-
solution treatment and wedge sample polishing, are shared by all these samples. The high-

temperature solid-solution treatment is highly unlike to produce such fine grains, leaving the only

possibility to the polishing process which will be discussed later in this chapter.

Figure 4.3 TEM-BF images and SAED patterns of nano-crystalline from samples subjected to different compression
rates. (a-d) BF images and corresponding SAED patterns taken from samples subjected to 400 °C hot-compression
with compression rates of 0.5 mm/min, 5 mm/min, 20 mm/min, and 200 mm/min, respectively.
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4.2 Grainsize distribution and sample thickness

Considering all wedge samples show similar microstructure, the undeformed solid-solution treated
wedge samples were used to measure the average grain size of the nano-crystalline wedge samples.
As can be seen in Figure 4.4 (a), it is hard to distinguish some grain boundaries in the BF image.
So instead of using BF for grain size measurement, HCDF imaging is used for better accuracy [138,
140]. The three innermost diffraction rings showing strongest intensity ({0001}, {1010} and
{1011}) are used in current study, the corresponding HCDF images is exhibited in Figure 4.4 (b).
It can be seen that compared to blurred grain boundaries in the BF image, many grain boundaries
are showing higher contrast in the HCDF image, making the grain size measurement easier and
more reliable [140]. The intercept method [176] has been used on multiple HCDF images to give
the grain size distribution graph shown in Figure 4.4 (c), the average grain size is calculated to be
~114 nm. It should be noted that even though HCDF is used to maximize the visibility of nano-
grains, there are still areas where grain boundaries are hard to distinguish, for instance, the area
enclosed by the red lines shown in Figure 4.4 (b). Such area is simply counted as one grain, however,
tilting experiments reveal that the above-mentioned area may also contain multiple nano-grains
once they are tilted to certain orientations, as will be discussed in detail in the next chapter where
multiple grains become visible due to grain rotation during in-situ TEM nano-indentation.
Therefore, the calculated average grain size shown here is likely slightly bigger than the actual

value.
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Figure 4.4 TEM characterization on the grain size distribution of the wedge samples. (a) BF and (b) HCDF images of
the same area, note the higher visibility of grains in HCDF image; (c) size distribution of the wedge TEM sample made
from solid-solution treated sample, values above each column correspond to grain numbers falling into such size
range.

The sample thickness was calculated based on multiple TEM micrographs using Equation 3.5, all
micrographs used for thickness measurement were taken without any objective aperture as
indicated in ref. [164] to minimize errors caused by strong diffraction contrast. An example of the
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thickness measurement is illustrated in Figure 4.5, from which shallow groves left by polishing
(roughly along the black double-headed arrow) can be seen. Two areas indicated by blue and red
lines (perpendicular to the polishing direction, thus supposed to have the same thickness along each
line) were used for thickness calculation, which gives the thickness of ~ 514 nm and 362 nm,
respectively. Since this calculation is purely based on mass-thickness contrast, those grains with
strong Bragg diffractions (under zone axis, shown as grains showing relatively black contrast in
the figure) will cause errors in the calculation. To minimize this effect, intensity averaged along
each line is used which is the lr in Equation 3.5. To get lo in Equation 3.5, one needs only to
measure the intensity outside the sample edge (blank area). The validity of the thickness
measurement can be checked by calculating the wedge angle against the theoretical one which is
4°, Using the thickness of two lines, the calculated wedge angle yields ~5.24°, fairly close to the
pre-set wedge angle, considering the inevitable mechanical error during the polishing process and
the roughness of the sample surface caused by polishing, the consistency is deemed good. Using
such thickness measurement method, the sample thickness of the wedge tip has been determined to

be in the range of approximately 300-800 nm, depending on the quality of the sample preparation.
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Figure 4.5 Thickness measurement used in the current study. Averaged intensity along each line is used for the
thickness calculation to minimize the effects of diffraction contrast.

4.3 Origin of the Nano-crystalline in Wedge Samples: Rotational Dynamic-
recrystallization (DRX)

The microstructural discrepancy between the nano-crystalline wedge TEM samples and the coarse-
grained initial solid-solution treated samples strongly suggests that these nano-grains originate
from the mechanical polishing process. This can be explained on the basis of SNC mentioned
earlier, applying surface plastic deformation (the mechanical polishing as in the current case) has
been used to produce nano-crystalline or gradient structures in previous research [64, 115, 116].

Understandably, the extent and effectiveness of mechanically induced SNC are directly
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proportional to the strain/strain rate applied to the materials, which causes the relationship between
the evolving strain/strain rate and the corresponding gradient structure shown in Figure 4.6 [177].
Consequently, in order to manufacture better nano-crystalline surface layers, methods capable of
introducing large strain/strain rate are usually used, for example, surface mechanical attrition
treatment (SMAT) [115], laser shot peening (LSP) [178], ultra-sonic shot peening (USSP) [179]
and surface mechanical rolling treatment (SMRT) [180], etc. Despite of different approaches used,
all these techniques share a similar idea of somehow deforming the surface layers, the major
difference is the severity of plastic deformation being introduced. And understandably, the more
severe the plastic deformation is on the surface, the finer and thicker the nano-crystalline layer
would be [181]. It is therefore quite intriguing that in the current case large area of homogeneous
nano-grains can be produced using such a low polishing rate (5 rpm) and relatively fine sandpapers
(0.5 um), considering that polishing using coarser sandpapers and higher polishing speed resulted

in only a small portion of nano-grains in Cu, despite its similar hardness with Mg [182].
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Figure 4.6 Schematic illustration of the evolution of strain/strain rate and corresponding microstructure along the
depth of the nano-crystalline layer, adopted from ref. [177].
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Though the majority of research on SNC in HCP materials is contributed to titanium (Ti) and its
alloys, a few studies on Mg has shown that the formation mechanism of SNC in Mg and its alloys
can be generally divided into the following three stages [115, 179, 183]: 1) activation of deformation
twinning caused by initial plastic deformation, which divides coarse grains into twin platelets; I1)
formation of shear bands, dislocation arrays, and sub-grains as the deformation proceeds; 1)
occurrence of DRX that leads to the formation of nano-crystalline. Unlike Ti and its alloys, Mg,
with a higher c/a ratio, possesses fewer slip systems at room temperature, leading to the frequent
activation of deformation twinning. Thus it is feasible for the twinning to take place in the early
stage of the SNC process to help accommodate the plastic deformation. It should be noted that in
the current case of wedge TEM samples, it is the top-most layer (which corresponds to stage 111)
that is essentially being observed, as a result, no deformation twinning has been found in any of the
wedge TEM samples. Although the most observable areas of the wedge TEM samples are
comprised of homogeneous nano-grains, there is still evidence of microstructural features from
stage Il in some area. As can be seen in Figure 4.7 (a, b), instead of well-defined nano-grains,
lamellae with a high density of dislocations marked by red arrows are presented, the discontinuity
in the corresponding SAED shown as the inset of Figure 4.7 (a) also demonstrates the presence of
high-density dislocations and sub-grains, few nano-grains as indicated by the red circle exist near
these lamellae. Though the high dislocation density in these areas makes it difficult to image
individual dislocation lines, small mis-orientation caused by the presence of dislocations in these
lamellae can be clearly seen via the convergent beam electron diffraction (CBED) patterns shown
in Figure 4.8 (b-d). Such microstructures have been well documented in stage Il of SNC in Mg and
its alloys, as can be seen in Figure 4.7 (c, d) [179]. The formation of such lamellar structure is
believed to be associated with the extensive activation of both basal and non-basal dislocation slips

as the extent of deformation increases progressively [183].
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Figure 4.7 Areas with high dislocation density and less well-defined nano-crystalline. (a) BF and (b) DF images of
areas containing highly deformed lamellae marked by red arrows, the corresponding SAED pattern showing
discontinues diffraction ring is shown as inset, note there is still the presence of few nano-grains as noted by the red
circle; (c) similar lamellae with a high density of dislocations in RE-Mg alloys prepared by USSP and (d) the
corresponding discontinuous SAED pattern, both adopted from ref. [179].
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Figure 4.8 Mis-orientation inside area with complex contrast, indicating a high density of dislocations. (a) A lamella
with a high density of dislocation inside, (b-d) CBED patterns taken at the red, yellow, and green circled areas,
respectively, showing observable mis-orientation.

Closer inspection of these lamellar areas shows that sub-grain boundaries consisting of dislocations
array can be found as exhibited in Figure 4.9 (a), similar to what is reported in ref. [183]. Though
not clearly visible in the BF image, the mis-orientation across the sub-grain boundary marked by
the red dashed curve can be seen unambiguously by the DF images using different diffraction spots

as shown in Figure 4.9 (c, d). The curvature of the sub-grain boundary indicates the presence of

70



Chapter 4. Results: Nano-crystalline Mg-Gd Alloys Synthesis

cross-slip during the deformation [184]. Due to limited available slip systems, the dislocation
density inside the dislocation array in Mg is usually not high enough to form actual grain boundaries
as in the case of cubic materials [185-187], instead, only sub-grain boundaries form which can store
a significant amount of strain energy, leading to possible activation of DRX [183] that form the
nano-grains observed in the current study. Those nano-grains inside the lamellar area (e.g., the one
marked by the red circle in Figure 4.7 (a)) are likely the first few grains in these areas that have

undergone such process.

g A ‘w\\\‘ ‘

Figure 4.9 TEM micrographs showing potential sub-structures inside nano-crystalline. (a) BF image of a nano-grain
containing a curvy sub-grain boundary marked by the red dashed curve and (b) the corresponding SAED pattern,
reflections marked by red and yellow circle were used to form the DF images shown in (c) and (d).
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Though DRX is mostly found in materials deformed at elevated temperature, pure Mg has a
relatively low melting point (650 °C), leading to a DRX temperature as low as ~200 °C [183], which
can be further decreased by the adding of alloying elements [188]. It is also known that the presence
of strain can decrease the melting point and thus decrease the DRX temperature [189]. There are
even reports on room temperature DRX happening in Cu which has a higher melting point than Mg
[182, 190, 191]. While the wedge TEM samples are prepared at ambient temperature, heat can be
generated through the mechanical polishing process, when the samples are thin enough, despite the
fact that fine sandpaper and low polishing rate are used, the actual strain rate at the tip of the wedge
may be high enough to cause a local temperature rising that is capable of triggering the DRX
process. In fact, in some SMRT processes, liquid nitrogen is used to compensate for the mechanical
heat caused by the deformation, to prevent the possible grain growth induced by the temperature
rising after DRX [180]. Such cooling is unnecessary in the preparation process of the wedge TEM
samples, due to their small size, low polishing rate, and liquid lubricant constantly applied, the heat
generated by the deformation process quickly dissipates once the DRX is triggered, leaving no

room for further grain growth.

The detailed DRX process involved in the formation of nano-grains in the wedge TEM sample may
be understood on the basis of adiabatic shear bands (ASBs). ASBs are defined as areas with
extremely localized plastic deformation, usually found in materials subjected to high-strain-rate
deformation [192]. Both originated from SPD, similar deformation-induced nano-crystalline and
lamellar structures have also been reported in the center and perimeter of ASBs [192, 193], which
corresponds to stage Il and stage Il in mechanically induced SNC. While many different variations
exist for the mechanisms of DRX, most of them can be classified into migrational and rotational
types as proposed by Derby [194]. Although migrational DRX is commonly observed in metals,
due to the extremely high strain rate, the deformation time is far too transient for the migrational

DRX mechanism to account for the formation of ABSs. Consequently, the rotational DRX
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mechanism, which is well-known in non-metallic geological materials like quartz [195], has been
proposed to explain the DRX process of ABSs. It has been shown by Yang et al. [193], on basis of
the rotational DRX mechanism, that nano-grains with sizes ranging from 100-500 nm can be
formed through rotation of the sub-boundaries as quick as 20 us, which can be even further
decreased given higher temperature or smaller sub-grain size. The time needed for heat to dissipate
from the wedge tip may be roughly calculated using Equation 4.1 [195], where x is the thermal
diffusion distance, A the thermal diffusivity, and t the time for thermal diffusion. Taking a sample
thickness of ~400 nm for the thermal diffusion distance, 0.41 cm?s for the thermal diffusivity
reported in alloys with similar chemical composition [196], the time needed to complete the heat
transfer is ~1 ns, if 30 min polishing was chosen for the final polishing, a total of 1 ns>30 min>&
rpm=150 ns=0.15 us can be obtained for the total time allowed for traditional migrational DRX.
With such transient growing time, it is highly unlike for the migrational DRX to be responsible for
the observed nano-crystalline [195]. Though the calculated growth time is relatively small
compared to what is reported in ref. [195], the small sub-grain sizes as can be seen in Figure 4.9
and the possible high strain rate at the wedge tip may help the activation of such rotation process

[197].

x=(t)"2

Equation 4.1 Equation for thermal diffusion distance [195].
4.4 Conclusions
In this chapter, nano-grains prepared via a novel sample preparation technique have been

characterized using TEM, major findings can be summarized as follows:

1. Taking advantage of the mechanically induced SNC process, the new mechanical polishing
approach combines the preparation of nano-grains and TEM thin film into one single step. No
complicated equipment or process is required, and it can prepare nano-crystalline TEM samples in
less than one hour out of coarse-grained Mg-Gd binary alloys with a good success rate, greatly
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improving the efficiency. Additionally, such sample preparation is likely applicable to a wide range

of metallic materials due to its surface treatment nature;

2. The prepared wedge TEM samples exhibit a rather homogeneous distribution of nano-grains
~114 nm across the sample tip. EBSD and TEM characterization on the initial solid-solution treated
samples reveal the origin of these nano-grains to be mechanically induced SNC introduced by the

polishing process;

3. The formation mechanism of these nano-grains is explained based on the rotational DRX process,
to which the high stress/strain rate at the wedge tip likely contributes, making its activation possible

at low temperatures.

Our current findings can be of great help to researchers interested in nano-crystalline materials by
introducing a simple, fast, cost-efficient yet versatile way to manufacture nano-crystalline wedge

samples used for TEM investigation.
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Chapter 5 Results: Deformation Mechanisms of Nano-crystalline
Metals

5.1 Feasibility of Using HCDF to Track Grain Re-orientation

The contrast-orientation relationship of HCDF needs to be confirmed before it’s used
experimentally. Shown in Figure 5.1 (a, b) is an example of the intensity oscillation curves with
increasing sample thickness and corresponding simulated HCDF image with a sample thickness of
200 A. The half oscillation periods of all calculated zone axes, which are obtained at the sample
thickness with the first intensity maximum in the oscillation curve, are plotted in Figure 5.1 (c),
from which it can be seen most zone axes have a half oscillation period around 200 A. The
fluctuation can be caused by slight differences in dynamics scattering of difference g-vectors, such
as [0001] and [1100]. The amplitude of such fluctuations can be also likely amplified by the slicing
error, because atoms are not exactly lying on flat planes for some high-order zone axis, causing
higher simulation error [165]. As expected for the contrast-orientation relationship of HCDF, all
zone axis containing at least one g-vector of the three slip planes (namely, slip plane(s) edge-on)
show relatively strong intensity, usually above 0.1. While for those without any g-vector of the
three slip planes, for example, the [2203] zone axis exhibits negligible intensity ~0.002 for all
calculated sample thicknesses up to ~400 A. To better visualize this result, an IPF color-coded
based on the intensity of each zone axis is shown in Figure 5.1 (d) using stereographic projection
[138]. All zone axes without any g-vector of the three slip planes are essentially shown as black
dots in the plot, blended with the background, the white edge around each data point merely serves

as an indicator of where the zone axes with near zero intensity are located in the plot.
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Figure 5.1 HCDF contrast with different crystallographic axes. (a) Intensity oscillation with sample thickness for
[0001] zone axis and (b) the corresponding simulated HCDF image with sample thickness 200 A; (c) half oscillation
period distribution of all calculated zone axis; (d) IPF color-coded based on the calculated intensity of each zone axis,
sample thickness was held constant at 200 Afor all data point in the plot.

Before jumping to the conclusion that HCDF can be indeed used for tracking orientation change
based on their contrast, the validity of the simulation needs to be checked first. The oscillation
curve of HCDF and BF images for the [0001] zone axis is shown in Figure 5.2, the self-consistency
of the Multi-slicing program is demonstrated by the complementary intensity of HCDF and BF
images at the same sample thickness, which roughly adds to 1, the flux for electron beam before
interacting with the sample. The reason for the values to be less than 1 is that the collecting range
of HCDF plus BF doesn’t cover the whole reciprocal space, leaving some electrons unaccounted
for. It should be noted that multi-slicing considers only the elastic interaction between electrons
and sample atoms, those electrons subjected to inelastic scattering will essentially be lost [165],
which is the reason that multi-slicing works better for very thin sample thickness where elastically

scattering of electrons dominates.
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Figure 5.2 Comparison between the intensity oscillation curves of HCDF and BF images. (a) HCDF and (b) BF,
showing complementary intensity given the same sample thickness.

To demonstrate that the modified virtual objective aperture is indeed working appropriately to form
HCDF images, images of the [1010] zone axis simulated with three specific collecting ranges are
shown in Figure 5.3 (a-c). When the collecting range is k<30 1/nm (Kk is in spatial frequency,
following the convention of k=1/d in ref. [165]), both g=(1210) and g=(0002), indicated by red and
green arrows in Figure 5.3 (d), are allowed to contribute to the image, since HRTEM image is
essentially phase contrast image caused by the interference between difference reflections [138], a
regular lattice image can be formed by the interference between g=(0002) and g=(1210). However,
if the collecting range is changed to 15 1/nm<k< 16 1/nm so that only g=(1210) is allowed to
contribute to the image. Since only one reflection is allowed to form the image this time, only fringe
image as shown in Figure 5.3 (b) can be formed. Similarly, if the collecting range is set to 8 1/nm
<k< 11 1/nm so that only g=(0002) contributes to the image, another image with perpendicular
fringes caused by the g=(0002) reflection is formed in Figure 5.3 (d). The consistency between the
collecting angle and the simulated images indicates that the modified virtual objective aperture for
HCDF imaging is indeed working appropriately. Therefore, it can be concluded, based on the above
simulation results, that it is feasible to use contrast changes in HCDF images to present the

orientation changes of Mg.
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Figure 5.3 Verification of applied virtual aperture. Simulated images taken with collecting angle of (a) k<30 1/nm, (b)
15 1/nm <k <16 1/nm and (c) 8 1/nm <k< 11 1/nm for [/010] zone axis; (d) simulated SAED pattern of [/010] zone
axis, g=(1210) and g=(0002) responsible for the fringes seen in (b) and (c) are noted by red and green arrows,
respectively.
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5.2 Significant Grain Re-orientation

TEM nano-indentation was conducted on the wedge sample and recorded in BF imaging mode, the
corresponding load-displacement curve and series of snapshots taken from the movie are exhibited
in Figure 5.4 (a, b). Contrast changes of nano-grains during indentation indicate possible orientation
changes, there are also abundant complex linear contrast moving quickly during deformation,

especially near the indenter tip, likely due to dislocation activities.
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Figure 5.4 In-situ TEM nano-indentation test recorded in BF imaging mode. (a) The corresponding load-displacement
curve and (b) snapshots taken from the movie, the color and value of the colored number in each image indicate where
at the curve and at which frame of the movie they are taken.

The original microstructure and corresponding SAED pattern before indentation are exhibited in
Figure 5.5 (a, c), the grain orientation shows a rather random distribution, as can be seen by the
spotty but rather homogeneous ring-like diffractions. The post-mortem inspection shown in Figure
5.5 (c, d) after the nano-indentation is performed shows that some grains have undergone noticeable
grain re-orientation, as demonstrated by the SAED pattern in (d) where less continuous diffraction
ring and redistribution of diffraction spots have been captured. Apart from grain rotation, some
grain boundary migration has also been noticed. As can be seen in Figure 5.5 (a, c), the grain
boundary of a nano-grain marked by the red circle in (a) has advanced towards the sample edge,
forming a tip-like grain boundary in (c), while other grain boundaries of the nano-grain show little
change. Such result hints at possible cooperation between these two mechanisms, as past MD
simulations suggest that these grain rotation and grain boundary migration can happen
simultaneously and the coupling between them likely leads to better plasticity of nano-crystalline

materials by reducing the CRSS of dislocation emission [127, 198].
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Figure 5.5 Comparison between the BF images and corresponding SAED patterns of the same area after deformation.
(a,b) before and after (d) indentation. Note the obvious redistribution of diffraction spots in SAED patterns and the
grain boundary migration marked by the red circle. The circles enclosing the images in (a) and (c) show the area
selected by the select-area aperture.

Although the above BF and corresponding SAED pattern give a rough idea that grain rotation might
have happened during nano-indentation, it offers no indication whatsoever of the nature of the
rotation process itself. The dynamic nature of in-situ nano-indentation imposes strong limitations
on the techniques that can be used for characterization, essentially excluding scanning-based

techniques like EBSD or TKD due to excessive time required. Atomic image approaches like
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HRTEM can be possible in certain cases [199, 200], but have rather strict limitations like limited
viewing area and is unable to track large angles of rotation. The most effective way used previously
is conventional DF imaging, however, few nano-grains can be tracked simultaneously due to the
fact that only a limited portion of diffraction is used for imaging while the most part of it is just
simply dumped, as can be seen in the previous research using conventional DF for imaging [137]
[201]. Additionally, if the grain rotates such that its diffraction moves out of the objective aperture
but still stays on another portion of the diffraction ring, conventional DF then fails to recognize it
and simply treated that plane as being rotated away from edge-on. These problems can all be solved
if HCDF is applied, as the whole diffraction rings are now being collected. A comparison of how
much more grains HCDF can track than conventional DF imaging is shown in Figure 5.6 (a, b),
where the HCDF image is clearly showing significantly superior imaging ability for nano-

crystalline materials. Thus HCDF is adopted in the in-situ TEM indentation test to study in more

detail what exactly happened during the indentation.

Figure 5.6 Comparison between HCDF and conventional DF imaging. (a) HCDF image formed using diffraction rings
noted by the red circle, showing multiple grains in bright contrast (slip planes edge-on) and (b) four conventional DF
images of the same area formed using one portion of the diffraction rings noted by the red circle, much fewer grains
are now in bright contrast.
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As can be seen in Figure 5.7 (a), the HCDF image taken before indentation, most areas like the one
marked by the red circle show none or dim contrast, meaning none of their three slip planes were
edge-on before indentation. According to the corresponding SAED pattern shown as an inset in
Figure 5.7 (c), the nano-grains before indentation show a rather homogenous orientation
distribution. However, as can be seen in the HCDF snapshot taken from the late stage of nano-
indentation shown in Figure 5.7 (b), numerous small grains near the indentation tip are now
showing bright contrast. Especially for the red-circle marked area that previously showed dim
contrast, where multiple nano-grains with high contrast are now clearly visible. The comparison
between these two images demonstrates that the rotation of these nano-grains is not completely
random, but follows a specific pattern such that more of their slip lanes are rotated edge-on. It
should be noted that despite having been carefully aligned with the indenter, bending of the sample
during indentation is practically inevitable, considering the previous random orientation
distribution, it is unlikely that the bending alone can cause simultaneously edge-on of slip planes
of multiple grains marked by the red circle in Figure 5.7 (b). The SAED pattern now shows fewer
continuous diffraction rings as shown in Figure 5.7 (d). Such “texture-like” feature is another
indication that grain rotation indeed happened during the indentation, after all, bending of the
sample cannot produce such diffraction pattern with preferential grain orientations (note the
concentrated diffraction arch indicated by the red arrows). Rotation of these grains (some as large
as ~100 nm) is rather uncommon as grain rotation is usually believed to be more favorable in small
grains with tens of nanometers in size. The possible reason could be that the GBs in current samples
might be non-equilibrium, as heating experiments have been shown that these nano-grains are not
stable and tend to grow easily at low temperature heat treatment (~170 °C). Thus the rotation
process might be driven by the energy reduction to transfer these unstable GBs to more stabilized
states. Another possible reason may be attributed to the two free surfaces presented in the case of
wedge samples, as compared to bulk cases where grain deformation is constrained by their
neighbors. Such rotation of grains has been observed in multiple indentations done in different
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samples, as can be seen in Figure 5.8, another indentation done at thicker sample (~200 nm). Most
indentations show edge-on of slip planes and tendency for grains to be linked together at the late

stage of deformation.

i 200 nem

Figure 5.7 Grain re-orientation during the in-situ nano-indentation. (a) HCDF image taken before the nano-
indentation and (b) HCDF snapshot taken from the movie at the late stage of indentation, note multiple areas
previously dim are now showing bright contrast; BF images and corresponding SAED patterns taken (c) before and (d)
after indentation.
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Figure 5.8 Another indentation done at a thicker sample. (a) Before and (b) at the late stage of indentation.

Though difficult to perform HRTEM during indentation, post-mortem HRTEM analysis can still
offer valuable information in addition to the in-situ data. As can be seen in Figure 5.9 (a), an
HRTEM image taken before indentation, the corresponding fast Fourier transformed (FFT) image
generated using the red-rectangular area indicates that only one set of (1101) planes marked by the
yellow line, which is the pyramidal | slip plane, was edge-on. Interestingly, after indentation, as
can be seen in Figure 5.9 (b), the corresponding FFT image reveals that despite that the (1101)
planes remain almost unchanged, the grain is now rotated to the [1213] zone axis, which means
two additional slip planes, pyramidal 1 (0111) and prismatic (1010) have been rotated edge-on.
Given the fact that the (1101) plane remains effectively unchanged throughout the indentation, the
rotation likely happened by rotating around the plane normal of the (1101) plane. Such observation
that more slip planes of Mg are being rotated edge-on agrees perfectly with the in-situ observation.
It is worth mentioning that similar to what was discussed in Figure 5.5, additional grain boundary
migration has also been captured. The angle between the lower grain boundary marked by the white
line and the horizontal was ~24.6° before indentation, however, this angle is increased to ~46.8°
after indentation, indicating the presence of grain boundary migration. This further demonstrates
the possible cooperative operation between grain rotation and grain boundary migration.
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Figure 5.9 HRTEM micrographs and the corresponding FFT images of the same nano-grain. Images taken (a) before
and (b) after indentation.

5.3 Dislocation Activities

Similar to those nano-crystalline produced by SPD or in the ABSs [193, 200], pre-existing
dislocations left by the preparation process have also been found in nano-crystalline of the current
samples. As can be seen in Figure 5.10 (a), complex contrast, which is a common indicator for
lattice dislocation and residual stress [200], can be seen in multiple nano-grains. Closer DF
examination using g=(1011) on a grain located at the center is exhibited in Figure 5.10 (b), where
the discontinuity in Moiré fringes marked by the red circle also indicates the presence of

dislocations [202].
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Figure 5.10 Evidence showing pre-existing dislocations inside nano-crystalline used in the current study. (a) BF image
showing complex contrast inside nano-grains; (b) DF image using g=(011) of the red-circled grain in (a), note the
discontinuity in the Moiréfringes indicated by the red circle.

Although dislocations abundantly exist in the as-prepared samples and likely are involved to the
plastic deformation during the nano-indentation, our HRTEM results show that newly formed
dislocations also contribute actively to the deformation process. As can be seen in Figure 5.11 (a),
an HRTEM image of a nano-grain under [0001] zone axis taken before indentation, Burgers’ loop
analysis on the upper part of the corresponding filtered inverse fast Fourier transformed (IFFT)
image is closed thus no dislocation existed in this part before indentation. However, as can be seen
in Figure 5.11 (c), the HRTEM of the same grain taken after indentation, once cleaned grain interior
now shows linear black contrast, indicating the possible presence of dislocations. Burgers’ loop
analysis was performed on the same area, this time, however, an opening in the loop indicated by
the red arrow appears, which means a dislocation with edge-<a> component has been created
during the indentation. Interestingly, the orientation of this grain barely changes after indentation,
as can be seen in the almost identical FFT images shown as insets in Figure 5.11 (a, ¢), despite the
fact that it is close to the indenter tip during the deformation. The reason might be the grain already
has 3 sets of {1010} slip planes edge-on under [0001] zone axis before deformation, making it easy

to deform without any rotation of the grain.
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Figure 5.11 HRTEM images of a nano-grain under [0001] zone axis. Taken (a) before and (c) after indentation,
showing unchanged orientation after deformation; Burgers’ loop analysis on the same area in IFFT images of the
nano-grain (b) before and (d) after indentation.

5.4 Cooperative Deformation Mechanism Involving Grain Rotation and
Dislocation Slip

Despite the fact that many researchers have found that both grain rotation and dislocation slip can
contribute to plastic deformation of materials with intermediate grain size [137, 198, 203, 204]
[205-2071], there are actually few experimentally demonstrate possible cooperative deformation of

these two deformation modes. Past researches on this topic largely remain in simulation. For
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example, Liu et al. reported that grain rotation facilitates the emission of dislocations from GBs by
significantly reducing the emission energy and the critical shear stress required for the emission
process [205]. Similarly, Zhang et al. claimed that the grain rotation process aligns the grains such
that the angle between their [110] direction (which is the slip direction) and the loading direction
converges to ~30° after deformation, indicating the occurrence of texture [125]. Though such
alignment cannot be directly observed in HCDF images, it may be linked to the “texture-like”
feature of the SAED pattern after indentation, as shown in Figure 5.7 (d), where most of the edge-

on slip planes are rotated to the strong diffraction arch.

If such collective deformation mechanism indeed happens during the nano-indentation, “softening”
of materials is expected due to the alignment of slip planes/directions as the deformation proceeds,
since the difficulty of dislocation emitting from or transmitting through grain boundaries highly
depends on how the slip planes/directions align with each other [208-211]. It should be noted that
although the 2D SAED patterns allow only inspection of the alignment of slip planes, considering
grain rotation already happened during the deformation, the slip directions likely will be aligned

too through grain rotation to reduce the flow stress needed for deformation.

The load-displacement curve of an in-situ nano-indentation and series of HCDF snapshots taken
from different data points in the curve are shown in Figure 5.12 (a, b). As can be seen in the load-
displacement curve, instead of work hardening conventionally observed during deformation, the
slope of the curve gradually decreases as indentation proceeds, indicating “softening”. As discussed
earlier, the corresponding HCDF snapshots show increased area with bright contrast, indicating the
alignment of slip planes/directions. It can be seen that the last HCDF snapshot taken at No. 1769
frame of the movie corresponds to where the plastic instability happens in the load-displacement
curves. Along with the large strain burst, large areas near the tip showing bright contrast are now
clearly visible in the image, in another word, these areas are now in a “soft” orientation for

dislocation slip, the complex linear-like features marked by the red circle also hints the extensive
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activity of dislocations. The whole deformation process of the nano-grains may be described as
following: at the beginning of indentation, activation of pre-existing dislocations and grain rotation
gradually rotate slip-planes of nano-grains to align with each other, facilitating the emission and
transmission of dislocations at grain boundaries, when enough area is effectively rotated to such
“soft” orientation, plastic instability happens showing as large strain burst at the late stage of the

load-displacement curve.
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Figure 5.12 The load-displacement curve of in-situ nano-indentation and a few snapshots taken from the corresponding
movie. (a) Load-displacement of an in-situ nano-indentation test; (b) series of HCDF snapshots taken from the video,
the color and value of the colored number in each image indicate where at the curve and at which frame of the video

they are taken.

5.5 Conclusions

In this chapter, HCDF has been used for the first time to track the slip planes’ re-orientation of

nano-crystalline during deformation, major conclusions can be drawn as follows:
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1. Multi-slicing simulation results show that HCDF can be used to track the change in orientation
in real-time using its contrast-orientation relationship in images. Additionally, given that an

adequate collecting range is used, tracking the re-orientation of certain slip plane(s) is also possible;

2. Significant grain rotation has been observed using HCDF imaging during in-situ TEM nano-
indentation, results suggest that grains tend to rotate such that more of their slip planes being edge-
on (parallel to the viewing direction). “Texture-like” feature in the SAED patterns taken after
indentation also indicates the possible alignment of slip planes/directions during the deformation

process;

3. Accordingly, a collective deformation mechanism involving both grain rotation and dislocation
slip has been demonstrated experimentally for the first time, which is further supported by the

consistency between the load-displacement curve and the corresponding HCDF snapshots.

Our findings here deepen the understanding of the deformation mechanism of Mg alloys with
intermediate grain size, experimentally validate the possible collective deformation mode between
grain rotation and dislocation slip suggested previously by simulations. And in doing so, introduced
HCDF imaging as a new effective characterization method for tracking the re-orientation of

grains/slip planes in real-time, offering new possibilities for in-situ TEM mechanical tests.
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Chapter 6 Results: Self-patterning <c>-screw Dislocation Arrays
in Pure Mg

6.1 Hexagonal Patterns Found in Hot-compressed Pure Mg

Hexagonal patterns, with an interspacing of approximately 5-15 nm, are frequently observed
viewed along [0001] during TEM inspection on the as-quenched high-purity Mg samples, which
resembles the <c>-screw dislocation array decorated with Gb segregation found in hot-extruded
Mg-Gd binary alloys [153]. A typical hexagonal pattern of a few microns in size located near a
low-angle grain boundary is shown in Figure 6.1 (a), the viewing direction is along the <c>-axis
(i.e. [0001] direction). Such hexagonal pattern resembles the lattice fringe image of Mg viewed
along <c>-axis, a quick measurement on the patterned area, however, shows that the inter-spacing
is approximately 7 nm, much greater than that of Mg lattice which is ~0.186 nm. Additionally,
extra satellite diffraction spots exhibiting six-fold symmetry have been found in the selected area
electron diffraction (SAED) pattern taken from the patterned area, as shown in Figure 6.1 (c). The
distance between these extra reflections and enclosed Mg reflection corresponds to a spacing of ~7
nm in real space, which agrees well with the measured inter-spacing of the hexagonal pattern. The
good agreement between the SAED pattern and BF image indicates that the extra satellite
reflections originate from the hexagonal pattern. Additionally, though it is practically impossible
to tilt the same hexagonal pattern to the perpendicular <b>-axis (i.e. <1100> direction) of Mg,
straight-line features are detected lying <c>-axis for another area viewed along <b>-axis, as shown
in Figure 6.1 (b). The corresponding SAED pattern presented in Figure 6.1 (d) can be indexed as
the [0110] zone axis of the Mg matrix, without sign of satellite spots around the Mg reflections.
Interestingly, the inter-spacing of these straight-line features falls also in the range of 5-15 nm,
similar to that of the hexagonal pattern viewed along the <c>-axis. The contrast of these features

resembles that of dislocations and is also commonly found near a low-angle grain boundary. The
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consistency between the interspacing observed from the above-mentioned two perpendicular
directions, along with the fact that they both originate from low-angle grain boundary, indicates
that they may share a common origin and these patterns are likely composed of straight dislocation

lines along <c>-axis, similar to the dislocation array reported in Mg-Gd alloy [153].

(0002) (2112)

[:::::::](2110)

Figure 6.1 Hexagonal patterns near low-angle grain boundaries in Mg. (a) BF micrograph viewed along <c>-axis and
(c) the corresponding diffraction patterns with additional six reflections around each Mg reflections; (b) BF
micrograph and (d) the corresponding diffraction pattern viewed along <b>-axis.
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6.2 <c>-screw Dislocation Arrays in Pure Mg

To clarify the nature of these hexagonal patterns, HRTEM images were taken on the patterned area
as shown in Figure 6.2. Viewed along <c>-axis as shown in Figure 6.2 (a), a close inspection on
the enlarged inset shown at the right upper corner reveals that the hexagonal patterns are actually
comprised of light-dark contrast area at each hexagonal node, as indicated by the area enclosed by
the red circle. Similar light-dark contrast has been repeatedly reported in samples containing edge-
on screw dislocations [212, 213]. Theoretically, no visible contrast is expected to rise for end-on
screw dislocations inside infinitely thick crystals, due to the fact that the atomic displacements of
end-on screw dislocations are entirely parallel to the viewing direction. However, in our case of
TEM observation, one deals with thin film with limited dimension along sample thickness. Such
finite dimension introduces surface relaxation to the dislocation stored inside, causing in-plane
displacement around the dislocation core (i.e., the so-called Eshelby twist [214]), responsible for
the reported light-dark contrast of end-on screw dislocations [212, 213] [215, 216]. Additionally,
the in-plane displacement caused by the Eshelby twist introduces observable ellipticity of atomic
columns recorded in HRTEM images. These unique characteristics of screw dislocations make it

possible to unambiguously confirm their existence in TEM samples.

To demonstrate that the patterned area is indeed comprised of end-on <c>-screw dislocations, an
open-sourced Python library, “ Atomap”, has been adopted to generate the ellipticity map of a light-
and-dark spot inside the patterned area as shown in the HRTEM in the lower part of Figure 6.2 (b),
the dislocation core locates at where the light and dark contrast meets and is marked by the red
arrow. The corresponding ellipticity map shown in the upper part of Figure 6.2 (b) shows clear
evidence of circular ellipticity of atomic columns around the dislocation core marked by the red
arrow, exactly as predicted by the Eshelby twist. It is worth mentioning that most ellipticity maps
are not symmetric around the dislocation core (e.g., the ellipticity map shown in Figure 6.2 (b) is

stretching from lower left to upper right), in contrast to the theoretical symmetric configuration.
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This is due to limited precision in peak finding of atomic columns which is subjected to influence
from experimental factors like sample drifting during image acquisition and the quality of TEM

samples.

Additional proof suggesting the existence of <c>-screw dislocations can be found along the
perpendicular <b>-axis direction. As shown in Figure 6.2 (c), distorted (0001) atomic planes are
clearly presented in the HRTEM micrograph, which resembles that of <c>-screw dislocations.
Corresponding simulated HRTEM was calculated using the multi-slicing algorithm code developed
by Kirkland [165], based on an atomic model consisting of <c>-screw dislocation dipole arrays.
The simulated image is overlapped on the left part of the experimental micrograph shown in Figure
6.2 (c), showing fairly good agreement with the experimental dislocation cores (indicated by the
red arrows). The consistency between HRTEM images acquired from two perpendicular directions
indicates that the observed hexagonal patterns are indeed comprised of <c>-screw dislocation

dipoles.
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Figure 6.2 Atomistic structures of hexagonal patterns. (a) Hexagonal patterns viewed along <c>-axis, the rectangular
area is enlarged in the upper right inset. (b) HRTEM micrograph and corresponding ellipticity map, showing circular
ellipticity around an end-on <c>-screw dislocation core; (c) The experimental HRTEM micrograph and
its overlapped simulation counterpart viewed along the <b>-axis, demonstrating the distorted (0001) atomic planes,
dislocation cores are indicated by red arrows.

Based on this conclusion, we constructed an atomic model consisting of patterned <c>-screw
dislocation dipoles with symmetric boundary conditions. One remaining problem is the origin of
the hexagonal satellite spots around Mg reflections, accordingly, a diffraction pattern simulation
algorithm proposed by Coleman et al. [173] was adopted to generate simulated diffraction patterns
based on the constructed model, in order to check if these satellite reflections can be explained by
the <c>-screw dislocation array theory. This algorithm uses a modified kinematic diffraction theory
approach where a discrete reciprocal mess is used to capture any change in the reciprocal lattice
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from which the diffraction pattern is generated. Due to the fact that the kinematic diffraction theory
inherently considers the atomic position of all atoms contributing to diffraction, this algorithm can
naturally reproduce minor changes in diffraction patterns caused by atomic displacement which in
our case originates from dislocations. To better visualize the atomic model used for diffraction
pattern simulation, shown in Figure 6.3 (a), atoms in the model are color-code based on their
displacement from perfect lattice position along the <c>-axis, which is a key characteristic of <c>-
screw dislocations. The corresponding simulated diffraction pattern is shown in Figure 6.3 (b),
similar to the experimental pattern shown in Figure 6.1 (c), satellite reflections showing hexagonal
symmetry can be found around each Mg {1010} reflection. The additional intensity seen in the
simulated pattern is caused by the finite size of the simulation box which causes elongated relrods,

a phenomenon well-known for diffraction from crystals with finite dimensions [138, 173].

1010)  (0110)

Figure 6.3 Atomic model of self-patterned dislocations. (a) A map of the atomic displacement along the <c>-axis, the
viewing direction is [0001] (i.e., <c>-axis), black and white dashed circles represent indicate the position of
dislocations with opposite signs, (b) the corresponding simulated SAED, showing similar six extra reflections around
each main reflection.

6.3 Ordered Structure or Projection Artifacts

Though all the above analysis based on both real-space and reciprocal space information gives

consistent agreement that the hexagonal pattern found in the current study is comprised of <c>-
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screw dislocation array, one may argue that a similar hexagonal pattern or the satellite pattern may
originate from simple projection artifacts during TEM observation. As all TEM micrographs are
projected images, this kind of ambiguity in projections commonly confuses TEM analysis, making
the interpretation of some TEM images less straightforward. The most commonly encountered one
is probably the so-called “Moirépatterns” where additional artifacts showing periodical structures
appear from the overlapping of two crystals with similar lattice constants [138]. It has been already
well-established in the literature that it is theoretically possible to generate periodical structure in
TEM images and corresponding satellite reflections by introducing double diffraction effects,
instead of coming from real ordered structures. For instance, twist grain boundaries, where two
grains with a certain mis-orientation stack over each other, are also capable of producing periodical
“Moirépatterns” along with similar satellite spots seen as in our case [217, 218]. However, in
addition to the evidence discussed previously, it can be shown that the possibility of twist grain
boundaries as the origin of current experimental results can be further excluded by careful analysis
on the nature of the low-angle grain boundary where the patterns are located and the diffraction

pattern with extra satellite reflections.

One important characteristic of the previously reported <c>-screw dislocation array found in Mg-
Gd binary alloys is that these structures always locate at low-angle tilt grain boundaries [153], as
shown in Figure 6.4 (a-c). In the current study, the same features have been found for hexagonal
patterns in pure Mg as shown in Figure 6.4 (d-e). Taking patterns in pure Mg shown in Figure 6.4
(e) as examples, it has been found by Burgers’ loop analysis that the low-angle grain boundary
consists of a row of periodically spaced dislocations with edge-<a> component (i.e., 1/3<1120>),
as indicated by the yellow arrows. Meanwhile, other patterned area away from the grain boundary
shows no opening of the Burgers’ loop, indicating no edge component for any dislocations in these
areas. The nature of tilting grain boundaries predicts that the mis-orientation (i.e., tilting angle)

between two adjacent grains is determined by the spacing of edge dislocations at the grain

97



Chapter 6. Results: Self-patterning <c>-screw Dislocation Arrays in Pure Mg

boundaries [138]. And identical to what has been shown in ref. [153], the mis-orientation of the
grain boundary at which the hexagonal patterns locate can be attributed entirely to the edge <a>
dislocation components revealed by the Burgers’ loop analysis. That is to say, the grain boundaries
where the hexagonal patterns locate are pure tilt grain boundaries. Since both the formation of
“Moirépatterns” and the occurrence of double diffraction requires overlapping crystals which can
only be achieved through twist grain boundary, this essentially excludes the “Moiré patterns”

interpretation of the hexagonal patterns.

Figure 6.4 Hexagonal patterns located at low-angle tilt grain boundaries. (a-c) are in Mg-Gd alloys, adopted from ref.
[153] and (d-f) are in pure Mg. (a) TEM image showing the edge of the hexagonal pattern. The interspacing of <15 nm
suggests dislocation patterns while the interspacing of >20nm is likely because of twist boundaries (artifacts from
“Moiré patterns”); (b) scanning transmission electron microscopy (STEM)-HAADF image showing the Gd
segregations at dislocation patterns (Z-contrast imaging, with Gd shown as bright dots). It should be noted that well-
formed Gd segregations were recorded in Mg-Gd alloys with a post heat-treatment at 200-300 °C while dislocation
patterns were found in as-deformation Mg-Gd alloys [153]. (c) STEM-HAADF image showing that the dislocation
pattern has a dislocation array with the edge component. Identified Burgers vectors of 1/3<7120> are labeled by
arrows. (d-e) TEM images showing the edge of hexagonal patterns (with an interspacing of <15 nm, top part in (a) and
right part in (d)). (f) HRTEM image taken at the edge of the hexagonal pattern, showing an array of edge dislocations
with identified Burgers vector of 1/3<1120>.
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As mentioned earlier, double diffraction from two overlapping crystals, as in the case of twist grain
boundaries, can produce similar satellite reflections to what is shown in Figure 6.1 (c). If we
consider a 3° twist grain boundary and allow the six innermost reflections ({1010}) of the [0001]
zone to contribute double diffraction process (which is reasonable, because the intensity of high
order diffractions quickly fades away, thus has limited impact on double diffraction), a similar
pattern with satellite reflections showing hexagonal symmetry can indeed be generated, as shown
in Figure 6.5 (a). However, one key characteristic of such double-diffracted pattern is that there are
always two sets of strong reflections coming from the upper and lower crystals which are color-
coded into red and black in Figure 6.5 (a), respectively. Such features have been reported for
satellite reflections caused by overlapping crystals [219], as shown in Figure 6.5 (c, d). Additionally,
another key feature of the double-diffracted pattern is its asymmetry showing the “rotation-like”
feature of the satellite spots, note how the intensity distribution of the six satellites shifts around,
as marked by the red ellipses in both simulated and experimental images shown in Figure 6.5 (a,
b). These features of the diffraction pattern are, however, totally absent in our experimental
diffraction pattern shown in Figure 6.1 (c). Therefore, even if the grain boundary at which the
patterns locate is a twist boundary in nature, which is unlikely based on the previous discussion, it

still cannot correctly reproduce the same experimental pattern obtained in the current study.
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Figure 6.5 Intensity analysis on the satellite diffraction pattern caused by double-diffraction. (a)Simulated diffraction
pattern of a 3° twist boundary allowing the inner most reflections for double diffraction, diffraction from upper crystal,
lower crystal, and double diffraction are color-coded into red, black and pink; (b) experimental diffraction pattern of
two overlapping crystals, main reflections are pointed out by red circle, reproduced from ref. [219]; (c, d) satellite
spots resulting from double diffraction of twist boundary and two stacking crystals, reproduced from ref. [220] and ref.
[219].
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6.4 Formation Mechanism and Possible Potential of the <c>-screw Dislocation
Arrays

Due to the rather low mobility of <c> dislocations originating from its large Burgers’ vector, it is
energetically unfavorable for <c> dislocations to directly move and self-assemble into the observed
dislocation patterns. Accordingly, an alternative formation mechanism for the <c>-screw
dislocation array observed in the current study has been proposed on the basis of dislocation
interactions, as shown in Figure 6.6 (a-d). Pyramidal <c+a> slip becomes more active in Mg and
its alloys when deformed at elevated temperature [221-223], <c+a> dislocations are consecutively
generated during hot-compression, forming the low-angle grain boundaries where the patterns
locate, the following <c+a> dislocations then pile-up which likely causes large stress concentration.
Then due to such large stress concentration, the newly arriving <c+a> dislocations may cross-slip
onto {1100} prismatic planes and then dissociate into individual <c> and <a> dislocations. Due to
the high mobility of <a> dislocations, the dissociated <a> dislocations quickly glide away and
annihilate with another opposite signed <a> dislocations, leaving only <c> dislocations behind.
Similar dissociation process of <c+a> dislocations has been proven possible under high stress using
MD simulation [26], and also experimentally reported in deformed Mg [156, 157]. The <c>
dislocation left on prismatic planes will then likely align along the <c>-direction due to the low
line energy associated with a screw dislocation, and finally self-assemble into the observed

hexagonal LEDS, in order to reduce the total strain energy.
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(@) (b)

Figure 6.6 Proposed formation mechanism of self-patterning <c>-screw dislocation array. (a) <c+a> dislocation
(marked by purple line) glides on pyramidal plane (pyramidal Il {1122} plane as an example shown in the figure) and
then a pure screw segment form on a {1700} prismatic plane, (b) the <c+a> dislocation on the prismatic plane
dissociates into one <c> dislocation (marked by red line) and one <a> dislocation (marked by blue line), (c) the <a>
dislocation glides easier than the <c> dislocation on prism plane, and can be annihilated with other <a> dislocations,
(d) <c> dislocations become screw type to reduce the line energy, and are patterned due to elastic interaction.

Unlike “Taylor lattice” found in fatigued cubic materials, this new LEDS can be manufactured by
simple hot-deformation, a much simpler and common practice compared to cyclic loading. Thanks
to its special orientation (perpendicular to the easy gliding basal slip), this LEDS is expected to
have a much higher work hardening effect due to more and stronger dislocation interaction with
the easy gliding basal slip, leading to better strengthening. Additionally, such orientation also
makes the chance of interaction with basal <a> slip higher than non-basal ones, leading to
preferentially strengthening of basal slip. Naturally, the CRSS ratio between non-basal and basal
slips can be reduced. As such high CRSS ratio is believed to be responsible for the poor ductility
of Mg under room temperature, lots of research has shown by reducing it, the ductility of Mg can
be significantly improved due to activation of more slip systems. For example, the addition of RE
elements like Y can preferentially enhance basal slip more than non-basal ones, resulting in a
significantly reduction in the CRSS ratio between basal and pyramidal II slip from ~100 in pure

Mg to ~3 in Mg-0.1Y alloys [20]. Therefore, such LEDS shows good promise as an effective yet
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easy-to-manufacture strengthening defect structure that likely improves both the strength and

ductility of Mg and its alloy.

6.5 Conclusions

In this chapter, by using pure Mg as the model system, it has been demonstrated that through simple
hot compression, periodical <c>-screw dislocation array, a promising effective strengthener for Mg
and its alloy, can be manufactured without the presence of any solute elements. Key conclusions

can be drawn as follows:

1. Combining HRTEM images and corresponding SAED patterns, it has been found that the
hexagonal patterns obtained in current hot compressed samples are comprised of <c>-screw

dislocations with alternating signs, similar to the “Taylor lattice” found in fatigued cubic materials;

2. The potential influence of solute elements structure has been decoupled and proven not essential
to the formation of such dislocation, indicating its possible application to a wide range of alloy

systems, though it may also serve as templates for periodical segregation as reported in ref. [153];

3. A possible formation mechanism for the <c>-screw dislocation arrays found in the current study
has been proposed on the basis of cross-slip and dissociation of <a+c> dislocations which show

enhanced activity during deformation at elevated temperature;

4. Due to its special configuration which intercepts perpendicularly with the easy-gliding basal slip,
the <c>-screw dislocation array found in current study is promising in terms of improving both the

strength and ductility of Mg and its alloys.

Our findings here might enlighten the design of new high-strength Mg alloy systems by introducing

a new strengthening dislocation sub-structure.
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Chapter 7 Summary and Future Works

7.1 Summary of the thesis

In this thesis, in order to reduce the addition of RE alloying elements used for manufacturing high-
performance Mg alloys, a promising alternative solution, defects engineering, which exploits the
defect structures naturally existing in real-world crystalline materials, is explored. Two
strengthening defects structures, including excessive grain boundaries within nano-crystalline
materials and a novel periodic dislocation structure, have been taken into account. The key findings

obtained in the current study will be briefly summarized in the following part.

Starting with the idea of introducing an excessive amount of grain boundaries to essentially form
nano-crystalline materials, which show many unique and superior mechanical properties compared
to their coarse-grained counterparts, a new nano-crystalline synthesizing technique using simple
mechanical polishing has been invented for the first time. By exploiting the mechanically induced
SNC effect, such mechanical polishing based approach effectively combines nano-crystalline
fabrication and TEM sample preparation into one single step. Nano-grained Mg-Gd binary with
grain size ~114 nm were successfully prepared using this new polishing approach. Procedures for
manufacturing such nano-crystalline wedge TEM sample that can be directly used for TEM
observation has been described in detail. Understandably due to its surface treatment nature, TEM
characterization on samples prepared out of materials with different initial microstructures revealed
that the initial microstructure has no noticeable impact on the nano-crystalline formed in the
prepared sample. The origin of the nano-crystalline in the current study is believed to be SPD
introduced by the mechanical polishing process, which leads to rotational DRX responsible for the
nano-crystallization, similar to the case in ASBs. Although it is quite remarkable that such fine
nano-grains can be obtained by very low-speed polishing at room temperature, the possible reasons

may be linked to the small size and the thin thickness of samples when the polishing is nearly
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finished. Using the proposed mechanical polishing approach, a nano-crystalline TEM wedge
sample can be easily prepared within less than 1 hour out of coarse-grained Mg-Gd binary alloys
despite of its initial microstructure with a good success rate. Additionally, such preparation
approach is likely applicable to other Mg alloy systems or other metals, considering its SPD nature
and numerous success in fabricating nano-crystalline using SPD in various metals. Our findings
here offer a simple, fast yet cost-effective way to manufacture nano-crystalline TEM samples by
controlled mechanical polishing, no sophisticated equipment or additional preparation process are
needed. This finding can be valuable to many researchers interested in nano-crystalline materials,
as it offers a simple and versatile solution to the common problem in these studies as to how to

manufacture the nano-crystalline samples in the first place.

With the nano-crystalline Mg-Gd sample manufactured, we turned to the long-standing controversy
on the deformation mechanism of nano-crystalline with intermediate grain size to which the
prepared nano-crystalline belongs. Trying to clarify the possible coupling between grain rotation
and dislocation activity in intermediate-sized nano-crystalline, a new approach using HCDF
imaging was proposed to track the grain/ slip planes re-orientation, as an improved technique to the
conventional DF imaging used in past research. To demonstrate the feasibility of using HCDF
imaging, several automation Python scripts have been written to simulate the HCDF contrast using
a self-modified Multi-slicing algorithm. Simulation results suggest that as expected the contrast
change in HCDF imaging is indeed directly linked to orientation changes and thus can be used to
do the proposed tasks. HCDF imaging combined with in-situ TEM nano-indentation tests was then
carried out to study in real-time the dynamic deformation process of the nano-crystalline used in
the current study. Systematic TEM analysis shows that both grain rotation and dislocation activities
operate actively during the deformation process. With further analysis on the indentation load-
displacement curve and corresponding movie, it has been first experimentally demonstrated that a

cooperative deformation mode involving both grain rotation and dislocation activity contributes to
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the deformation process, leading to the “softening” phenomenon observed as the indentation
proceeds. Along with proposing a better characterization technique for the study of nano-crystalline
materials, our findings also offer new insights into the detailed deformation process of
intermediate-sized nano-crystalline, possibly pushing the development of high-performance Mg

alloys achieved by grain refining.

Apart from grain boundaries, another common defect, dislocations, has also been studied trying to
maximize its strengthening effects. Unlike past research which focuses mostly on the
density/distribution of dislocations, in this study we explored the possible impact of the type and
configuration of dislocations. Starting with a novel hexagonal LEDS decorated with Gd segregation
[153] which shows promising potential as an effective strengthener, we used pure Mg as the model
system to decouple the possible effect of alloying elements from the formation of such dislocation
structures. By using a similar hot deformation approach as reported in ref. [153], area with
hexagonal patterns was obtained by simple uniaxial hot compression. To clarify the origin of such
patterns, detailed HRTEM and SAED analyses were conducted combined with image/diffraction
simulation. All experimental and simulation results indicate that the hexagonal patterns are
comprised of <c>-screw dislocation dipoles, likely the same LEDS structure reported in ref. [153]
but formed without the help of any alloying elements. The formation mechanism of such LEDS has
also been tentatively discussed based on dislocation interactions. Due to its unique dislocation
configuration, such LEDS not only promotes dislocation interactions causing more work hardening
that improve the strength, it also likely selectively enhances the easy-gliding basal slip to reduce
the CRSS ratio between non-basal and basal slip, thus contributing to the ductility of materials. Our
findings here demonstrate the formation of such LEDS is independent of alloying elements and is
thus likely available to a wide range of alloy systems, offering new insights into the design of high-

performance Mg alloy.
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7.2 Suggestions for Future Work

With the fast mechanical polishing method invented for nano-crystalline TEM sample preparation
and HCDF imaging proposed for characterizing the deformation process of nano-crystalline
materials, the future goal of this work should focus on two directions: first, on the sample
preparation technique, a more detailed formation mechanism of the nano-crystalline found in the
current study and the possible influencing preparation parameters should be further studied; second,
although the cooperative deformation modes involving grain rotation and dislocation activity has
been demonstrated in our sample, further study is still needed to clarify other potential deformation

mechanisms like grain boundary sliding and partial dislocations, etc.

7.2.1 Understanding the formation mechanism of nano-crystalline and possible
influencing preparation parameters.
Although nano-crystalline can be fabricated by the proposed mechanical polishing approach and
the mechanical SNC phenomenon is attributed to its formation, how such fine nano-crystalline
could form under current preparation conditions remains elusive, considering the much higher
milling speed and temperature in the conventional SPD. Comparison experiments can be done by
preparing wedge TEM samples using different polishing parameters, like applied loading,
temperature, polishing speed, etc. Current experimental results suggest that the microstructures of
prepared wedge TEM samples are not sensitive to the initial microstructure, but some
inhomogeneous area with less defined nano-grains suggests that the microstructure of prepared
samples can be tuned by different polishing parameters. As can be seen in Figure 7.1, it has been
found that compared to samples prepared using brand new diamond sandpaper film, those prepared
by used sandpapers, which likely have weaker abrasive powers, instead of well-defined nano-
crystalline, areas with a high density of dislocation in the form of dislocation forest/cells can be

observed throughout the sample. Apart from further supporting that these nano-crystalline are a
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direct result of the mechanical polishing process, such difference indicates the possibility to tune

the nano-crystalline by changing the polishing parameters.

Figure 7.1 Wedge TEM sample prepared with used sandpapers, showing dislocation forest/cells instead of well-defined
nano-crystalline.

It is still experimentally challenging to use coarse sandpapers to do the final polishing which forms
the wedge for TEM observation, due to the fact that the higher removing ability of coarse
sandpapers is easier to damage the thin tip. However, if the polishing parameters could be optimized
in the future, it is promising that a range of microstructures with different grain sizes/dislocation

densities could be manufactured using the mechanical polishing approach.

7.2.2 Study on Other Possible Deformation Mechanisms in the Deformation of Nano-
crystalline Materials
It is well-known that as the grain size reduces, multiple additional deformation modes like partial

dislocations, grain boundary sliding, grain boundary migration, etc. can be involved [135, 203, 224-
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227], causing the rather complex deformation behavior of nano-grains which is still under debating.
In this thesis, only dislocation activity and grain rotation have been taken into account. The possible
coupling between grain rotation and grain boundary migration has been hinted by a few
experimental results, more detailed study is necessary to understand such deformation process.
HCDF imaging can potentially be used to study this process. While HCDF imaging in the current
study gives valuable information on grain orientations, the size limitation of the aperture prevents
individual analysis of different slip planes, due to their close d spacing. If a smaller aperture similar
to what is used for nano-beam electron diffraction [228] could be used, tracking individual slip
planes in real-time during in-situ nano-indentation tests can be possible. Grain boundary sliding,
which is considered to play an important role in the deformation of nano-crystalline, likely took
place in the indentation process of the current samples, but it can prove difficult to capture such
sliding with conventional imaging approaches. Liu [229] has successfully captured the grain
boundary sliding under SEM using a marker line approach. In future work, similar markers may be
used to serve as references so that sliding can be simply revealed by the displacement of those

reference lines.

7.2.3 Study the Impact of the Dislocation Arrays on the Deformation Process of Mg

As the periodical dislocation arrays have been successfully introduced in pure Mg, the next research
plan on such structure is to study the deformation process of such structure using in-situ TEM.
Although judging by its configuration, the dislocation structure found in the current study is likely
superior in terms of strengthening, the absolute volume percentage of such structures in current
samplesis relatively small, making its contribution to the macro mechanical properties to be limited.
Thus it is hard to investigate its real impact on the mechanical properties of Mg using macro
mechanical testing techniques. To better understand the strengthening effects, we need to isolate
the dislocation structure and do mechanical tests at specific areas where the dislocation structures

locate. Considering the small scale of the dislocation structures and their defect nature, in-situ TEM
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nano-indentation is well-suited for such study and will be used to characterize the deformation

process and the possible influence on the mechanical properties of Mg in the future.
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