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ABSTRACT 

CoWAlloy1 is a new gamma prime (γ′) precipitation-strengthened cobalt (Co)-based superalloy 

that is developed to replace conventional nickel (Ni)-based superalloys for high-temperature 

applications in land-based and aero turbine engines. Welding superalloys is an essential part of the 

manufacture and repair of complex-shaped components of turbine engines. Unfortunately, joining 

precipitation-hardened superalloys such as CoWAlloy1 is severely limited due to their high 

susceptibility to cracking during welding. Therefore, this research conducts a comprehensive study 

on the cracking susceptibility and corresponding properties of CoWAlloy1 that is subjected to gas 

tungsten arc welding (GTAW) and develops an effective approach to eliminate/minimize cracking 

during welding.  

The numerical model developed to simulate GTAW shows an adequate level of accuracy for 

predicting the solidification behavior of the fusion zone (FZ) and selecting the window of welding 

parameters that prevent FZ cracking during the welding of CoWAlloy1. Although optimum 

GTAW parameters prevent cracking in the FZ, welding produces heat-affected zone (HAZ) 

cracking in the alloy. A careful examination of the microstructure shows that a primary cause of 

HAZ cracking in this alloy is intergranular liquation due to the subsolidus liquation reaction of the 

MC-type carbides and γ′ precipitates, which are identified by electron microscopy and 

spectroscopy to be present in the material before welding.  

Detailed weldability studies reveal that the grain boundary elemental segregation of boron (B) 

controls the cracking susceptibility of the HAZ during welding. In addition, it is observed that a 

reduction in grain size contributes to the resistance of CoWAlloy1 to HAZ cracking. Accordingly, 

a new pre-weld heat treatment that couples reduction in grain boundary segregation of B with a 
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small grain size is found to effectively inhibit HAZ cracking not only during welding but also after 

the post-weld heat treatment (PWHT). Furthermore, the new pre-weld heat treatment produces 

tensile properties and hot corrosion resistance after PWHT that are comparable to those of the 

alloy that has not been subjected to welding, which demonstrates that the new pre-weld heat 

treatment prevents the deleterious effects of welding on tensile properties and does not produce a 

substantial reduction in the hot corrosion resistance of this new superalloy.  
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CHAPTER 1 

Introduction 

1.1 Background Information 

Superalloys are used as the primary material for gas turbine components such as turbine blades 

and vanes. They are the material of choice due to their excellent ability to reliably operate at high 

stress and in elevated temperatures (750–1100°C [1]) and corrosive environments. Superalloys are 

classified into three main categories of nickel (Ni), iron, and cobalt (Co)-based superalloys.           

Ni-based and Co-based superalloys are extensively used in the hottest environments that require 

engine components (combustion section) to be operated at temperatures higher than 800°C. For a 

long time, Ni-based superalloys have been primarily used for hot-section components that require 

excellent high-temperature mechanical properties and hot corrosion resistance. The high-

temperature strength of Ni-based superalloys is mainly attributed to their precipitation 

strengthening by the gamma prime (γ′) Ni3(Al, Ti) precipitates. For the past 50 years [2], 

conventional carbide-strengthened Co-based superalloys have been employed in hot section 

components that require a higher degree of hot-corrosion resistance but relatively lower stress 

levels compared to Ni-based superalloys [1][3]. One of the most remarkable properties of Co-

based superalloys compared to Ni-based superalloys is their outstanding resistance against the 

attack of hot corrosive gases, which increases the operating life and reduces the maintenance of 

engine parts. However, the application of Co-based superalloys has been limited due to the lack of 

a comparable precipitation hardening mechanism which results in lower high-temperature strength 

compared to Ni-based superalloys. 
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The discovery of γ′ (Co3(Al, W)) precipitation-strengthened Co-based superalloys [3] has resulted 

in the development of novel γ′-strengthened Co-based superalloys. These superalloys have 

exceptional elevated-temperature mechanical properties compared to Ni-based superalloys that 

justify higher alloy cost [4][5][6][7][8][9]. Therefore, they can replace conventional Ni-based 

superalloys for high-temperature applications to enhance the efficiency of aero-engines and land-

based power generation gas turbines and reduce greenhouse gas emissions. Among these advanced 

superalloys, CoWAlloy1 is a new γ′ (Co3(Al, W)) precipitation-hardened Co-based superalloy, 

developed for high-temperature applications over 750ºC [10].  This alloy shows the remarkable 

characteristics of a large processing temperature window (235°C), a high volume fraction of γ′ 

precipitates (51%) [11], high oxidation resistance, and low creep rate [10], and therefore exceeds 

the capability of several other conventional Ni-based superalloys including IN718, Udimet 720Li, 

and Waspaloy. 

Due to the geometric complexities of gas turbines, the components of large sections are 

manufactured from smaller parts that are joined together with the most appropriate fusion welding 

process [12]. In addition, the repair of damaged or service-degraded parts is often preferred to total 

replacement owing to the high manufacturing cost of new components. Therefore, welding is a 

necessary process in the manufacturing and repair of gas turbine engine parts. Among the many 

fusion welding methods, gas tungsten arc welding (GTAW) is widely applied in the gas turbine 

engine manufacturing and repair industry [13]. However, welding precipitation-strengthened 

superalloys is often accompanied by cracking in both the fusion zone (FZ) and the heat-affected 

zone (HAZ) which significantly degrades the mechanical properties in both the HAZ and FZ [12]. 

To avoid cracking, the welding process needs to be precisely controlled and the microstructure 

needs to be changed before and after welding. 
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The final microstructure of the FZ has a considerable impact on the mechanical properties and the 

susceptibility of the FZ to hot cracking [14]. The FZ microstructure is significantly controlled by 

the solidification microstructure, which is affected by the thermal history of the FZ during welding 

[15]. The microstructure of the FZ can be predicted by evaluating the thermal history during the 

welding process. An exclusive experimental study is challenging because of the transient and 

spatial variations during solidification. However, numerical modeling, such as a finite element 

analysis (FEA), can help to predict the solidification behavior with high accuracy [16], which 

would be less costly and more time-efficient compared to random experimental trials. In addition, 

the weldability and welding process parameters for the newly developed Co-based superalloy, 

CoWAlloy1, have not been studied. Therefore, reliable numerical modeling of GTAW is required 

to evaluate the influence of GTAW variables on the FZ microstructure of CoWAlloy1. This 

numerical modeling would help to acquire the appropriate range of process parameters for welding 

CoWAlloy1 which could eliminate the formation of FZ cracks. 

In addition to FZ cracking, as with γ′-strengthened Ni-based superalloys [17][18][19][20],               

γ′-strengthened Co-based superalloys are also susceptible to HAZ cracking during welding [21]. 

Since HAZ cracking can deteriorate the elevated-temperature mechanical properties of weldments 

[17], enhancing resistance to cracking during the welding of CoWAlloy1 is vitally important in 

industrial applications of this new alloy. Although there have been several research works on the 

weldability of various Ni-based superalloys, there are few studies on the cracking susceptibility of 

the HAZ of γ′-strengthened Co-based superalloys [21]. Therefore, a systematic study on the 

primary factors that produce HAZ cracking in CoWAlloy1 needs to be conducted which could 

help to develop an effective approach to eliminate/minimize HAZ cracking during welding and 

post-weld heat treatment (PWHT).  
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Although altering the microstructure of the CoWAlloy1 during pre-weld and post-weld processes 

can eliminate/minimize the susceptibility to cracking during welding and PWHT, doing so may 

also deteriorate the mechanical properties and corrosion resistance of this alloy [22][23]. 

Considering the harsh conditions during service, it is crucial to investigate and understand the 

effect of microstructural modification on the mechanical properties and hot corrosion 

characteristics of CoWAlloy1 when subjected to GTAW.  

Due to the ever-increasing demand for increased turbine engine efficiency and reductions in 

greenhouse emissions, advanced heat-resistant materials such as CoWAlloy1 are in development 

for high-temperature applications to replace conventional Ni-based superalloys. Therefore, to 

successfully replace conventional Ni-based superalloys with CoWAlloy1, it is essential to 

significantly mitigate or eliminate the cracking problem in this alloy, with minimal deterioration 

of the mechanical properties and hot corrosion resistance. 

 

1.2 Research Objectives 

This research study conducts a systematic and comprehensive study on the hot cracking 

susceptibility of a newly developed Co-based superalloy, CoWAlloy1, which is subjected to 

GTAW, and ways to minimize/eliminate cracking during welding and PWHT. The following are 

the objectives to realize the work: 

1. To develop a numerical model of GTAW to obtain a window of optimum welding parameters 

that prevent cracking in the FZ.  
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2.  To conduct a systematic study on the primary factors that produce HAZ cracking in 

CoWAlloy1, which could contribute to the development of an effective approach to 

eliminate/minimize HAZ cracking during welding and after PWHT. 

3. To evaluate the effect of pre-weld microstructural modifications on the mechanical properties 

and hot corrosion resistance of CoWAlloy1 after PWHT. 

 

1.3 Research Methodology 

The following research methods are adopted to achieve the stated objectives: 

1. The development of a three-dimensional (3D) transient thermal model based on an FEA to 

evaluate the effect of GTAW parameters on the FZ microstructure of CoWAlloy1. 

2. The characterization of the pre-weld microstructure of CoWAlloy1 in the as-received and 

standard heat-treated (SHTed) conditions by using various advanced microstructural 

characterization techniques, including scanning electron microscopy (SEM), transmission electron 

microscopy (TEM), and differential scanning calorimetry (DSC). 

3. The optimum process parameters acquired from the developed numerical model are used to 

determine the GTAW performance.  

4. An analysis of the microstructure of the FZ is conducted by using various advanced 

characterization techniques, including SEM, TEM, and electron probe microanalysis (EPMA). 

5. The primary causes of HAZ cracking in CoWAlloy1 are investigated by using microstructural 

analysis techniques, including SEM and TEM. 
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6. The alloy microstructure is changed prior to welding through systematic exposure to various 

pre-weld heat treatments. 

7. The weldability is extensively examined and the effect of the factors that contribute to the 

cracking susceptibility of the HAZ is examined after applying pre-weld and post-weld heat 

treatments by using advanced microstructural characterization techniques including SEM and 

secondary ion mass spectrometry (SIMS). 

8. The γ′ re-precipitation behavior is examined through DSC and SEM. 

9. The mechanical properties and hot corrosion resistance of the PWHTed CoWAlloy1 are 

evaluated.  

 

1.4 Summary of Major Findings 

The numerical model developed to simulate the GTAW of CoWAlloy1 shows an adequate level 

of accuracy for predicting the solidification behavior of the FZ and selecting the window of 

welding parameters that prevent FZ cracking.  

The TEM analysis of the FZ confirms the formation of secondary solidification products that 

consist of MC-type carbides and γ-γ′ eutectics within the interdendritic regions. Furthermore, the 

TEM study confirms the inhomogeneous distribution of γ′ precipitates within the FZ.  

Although the optimum parameters of the GTAW inhibit cracking in the FZ, welding produces 

HAZ cracking in the alloy. A microstructural study shows that a primary cause of the HAZ 

cracking is intergranular liquation due to the subsolidus liquation reaction of MC-type carbide 

particles and γ′ precipitates, which are found to be present in the pre-weld condition. 
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A detailed weldability investigation and microstructural characterization of the HAZ reveal that 

the grain boundary elemental segregation of boron (B) controls cracking susceptibility during the 

welding of CoWAlloy1. In addition, a significant reduction in HAZ cracking during welding and 

PWHT is achieved by using the developed pre-weld thermal processing procedure based on 

minimizing the grain boundary segregation of B and grain size refinement. 

Significant degradation in the tensile properties due to the occurrence of HAZ cracking of the weld 

can be avoided in CoWAlloy1 if the material is subjected to the pre-weld heat treatment identified 

in this work. In addition, hot corrosion studies reveal that by using the new pre-weld heat treatment, 

welding does not produce a substantial reduction in hot corrosion resistance of the alloy. The slight 

reduction in hot corrosion resistance can be due to the preferential corrosion in the welded 

specimen as a result of elemental segregation.  

The newly developed pre-weld heat treatment procedure coupled with the selection of appropriate 

GTAW parameters is very effective in minimizing cracking both during GTAW and PWHT. In 

addition, the new pre-weld heat treatment has minimal deteriorating effects on the mechanical 

properties and hot corrosion resistance of CoWAlloy1. Therefore, the findings of this study 

provide practical insight into the fabrication and repair of gas turbine components made of 

CoWAlloy1 which could allow wider industrial applications of the new material developed for 

higher gas turbine efficiency. The results have already been published in four journals and 

presented at one conference at the time of writing of this thesis. 
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1.5 Thesis Organisation  

This thesis consists of six chapters as follows. 

Chapter 1 presents the background information, research objectives, research methodology, and 

a summary of the major findings of this research work. 

Chapter 2 is a literature review on the physical metallurgy of CoWAlloy1, welding metallurgy of 

superalloys, welding defects that occur during fusion welding, weldability testing techniques, and 

hot corrosion resistance of superalloys. Furthermore, the scope of this research is presented at the 

end of this chapter. 

Chapter 3 presents a detailed description of the developed numerical model, and experimental 

methods and equipment used in this research.  

Chapter 4 provides the results of the developed numerical model of the GTAW. Subsequently, 

the results of the microstructural characterization of CoWAlloy1 before welding are presented. 

This is followed by a detailed study of the FZ and HAZ microstructures and the investigation of 

the primary causes of HAZ cracking. Furthermore, detailed weldability studies and the 

development of an effective thermal treatment procedure for the alloy to minimize HAZ cracking 

during welding and PWHT are presented in this section. At the end, the effect of the developed 

pre-weld heat treatment on both the mechanical properties and hot corrosion resistance of 

CoWAlloy1 is discussed. 

Chapter 5 presents a detailed summary of the major findings of this research.  

Chapter 6 provides the recommendations for future work.  

Lastly, the research contributions and references are provided at the end of the thesis. 
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CHAPTER 2 

Literature Review 

2.1 Introduction 

This chapter provides a literature review on Co-based superalloys (Section 2.2) and the physical 

metallurgy of the newly developed Co-based superalloy - CoWAlloy1 (Sections 2.3 and 2.4). This 

is followed by a general review of the welding techniques for joining superalloys and GTAW 

process (Section 2.5). Details of the weld microstructure including the FZ and HAZ are discussed 

in Section 2.6. Subsequently, weld defects including residual stress, weld cracking, and the 

associated theories are reviewed in Section 2.7. In Section 2.8, various weldability testing 

techniques are discussed. This is followed by a review of the hot corrosion resistance of superalloys 

(Section 2.9) and ends with the objectives and scope of the thesis (Section 2.10).  

 

2.2 Co-Based Superalloys 

Co has a face-centered cubic (FCC) structure at high temperatures with a melting point of 1495ºC 

which is 40ºC higher than the melting point of Ni [24]. Co-based superalloys have been used in 

the wrought or cast form to manufacture gas turbine components since 1936 due to their excellent 

high-temperature creep, fatigue strength, resistance to hot corrosion, and wear resistance [25]. 

However, the development of γ′-strengthened Ni-based superalloys during 1950-1970 with higher 

strength at elevated temperatures has significantly surpassed the capabilities of Co-based 

superalloys. Consequently, conventional Co-based superalloys have now been relegated to a 

secondary position in the gas turbine industry as they are not able to compete with Ni-based 

superalloys for highly stressed parts, such as turbine blades. Therefore, conventional Co-based 
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superalloys are used for low-stress static components that are used for long periods of time, such 

as stator blades, nozzle guide vanes, and combustion chambers in gas turbines. 

The main reason that conventional Co-based superalloys are not widely used as Ni-based 

superalloys in the gas turbine manufacturing industry is due to the lack of a comparable 

precipitation hardening mechanism which results in a comparatively lower high-temperature 

strength. The high-temperature strengthening of conventional Co-based superalloys is 

accomplished mainly through the two mechanisms of solid solution and carbide precipitation 

hardening. Solid-solution alloying elements such as molybdenum (Mo), tungsten (W), tantalum 

(Ta), and niobium (Nb) tend to reduce the stacking fault energy, thereby inhibiting dislocation 

cross-slip and climb in the glide plane. Furthermore, carbide precipitation strengthening is quite 

effective in pinning glide dislocations and strengthening conventional Co-based superalloys. 

 

2.3 Newly Developed γ′-Strengthened Co-Based Superalloys 

The discovery of γ′ (Co3(Al, W)) precipitation-strengthened Co-Al-W ternary superalloys that was 

first reported by Sato et al. [3], has resulted in the development of novel γ′-strengthened Co-based 

superalloys. These superalloys have exceptional elevated-temperature mechanical properties 

compared to conventional Ni-based and Co-based superalloys including similar creep properties 

to first-generation Ni-based superalloys [4][5][6], higher liquidus and solidus temperatures, better 

hot corrosion and oxidation resistance [7], lower solidification segregation [8], and comparable or 

even higher flow stress above 900°C [9]. Therefore, they can replace conventional Ni-based and 

Co-based superalloys for high-temperature applications to enhance the efficiency of jet engines 

and reduce greenhouse gas emissions. 
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Since the discovery of Co-Al-W ternary alloys, several alloying elements such as Ni [26], 

chromium (Cr) [3], Ta [27], titanium (Ti) [28], hafnium (Hf) [29], B [30], silicon (Si) [7], Mo [31], 

zirconium (Zr) and carbon (C) [10] have been added to improve the high-temperature capabilities 

of these alloys. Among these advanced superalloys, CoWAlloy1 is a new γ′ (Co3(Al, W)) 

precipitation-hardened Co-based superalloy, developed for high-temperature applications over 

750ºC [10].  This alloy shows the exceptional characteristics of a large processing temperature 

window (235°C), a high volume fraction of γ′ precipitates (51%) [11], high oxidation resistance, 

and low creep rate [10], and therefore exceeds the capability of several other conventional Ni-

based superalloys including IN738, Udimet 720Li, and Waspaloy.  

 

2.4 Physical Metallurgy of CoWAlloy1 Superalloy 

CoWAlloy1 consists of an FCC γ, Co solid solution matrix hardened by a stable γ′ phase (up to 

950°C) with an L12 structure [3]. The nominal chemical composition of CoWAlloy1 is provided 

in Table 2.1. Adding Ni to Co-Al-W ternary alloys helps to stabilize the Co3(Al, W) intermetallic 

phase and widen the narrow γ/γ′ two-phase region in the phase diagram [26]. Ti, Ta, and Hf also 

partition to the γ′ phase aside from Ni, and improve the stability of the γ′ precipitates. Furthermore, 

Ti, Ta, and Hf slightly increase the γ′ solvus temperature which enhances the high-temperature 

properties of CoWAlloy1 [32]. Cr partitions preferentially to the γ matrix and acts as a solid 

solution hardener. In addition, a Cr content above a certain limit increases the oxidation and 

corrosion resistance [3]. The presence of B can improve the grain boundary strength, ductility, and 

oxidation resistance. The addition of Si reduces the oxide scale growth rate and enhances the 
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formation of chromia oxide scales. Zr and C strengthen the grain boundaries and form the     

carbides [10].  

There have been limited studies on the mechanical and physical properties of CoWAlloy1. The 

available mechanical and physical properties of CoWAlloy1 subjected to a standard heat treatment 

(SHT) are summarised in Table 2.2 [10][11][33]. This table clearly shows that CoWAlloy1 

maintains a high strength even above 750°C, while the conventional Ni-base superalloys exhibit a 

drastic decrease in strength at temperatures above 750°C [11].  
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Table 2.1. Composition of CoWAlloy1 (at. %) 

Alloy Co Ni Al W Ti Ta Cr Si Hf Zr B C 

CoWAlloy1 42.3 32 6 3 2.5 1.5 12 0.4 0.1 0.01 0.08 0.08 

 

 

 

 

Table 2.2 Mechanical and physical properties of CoWAlloy1* [10][11][33] 

Temperature  

(ºC) 

Tensile Yield 

Strength (MPa) 

Ultimate Tensile 

Strength (MPa) 

Elongation 

(%) 

500 971 - - 

600 941 - - 

750 969 1294 4.87 

800 862 - - 

850 717 848 4.5 

1000 411 385 4.61 

Solidus (ºC) 

Density (gr/cm³) 

1305 

8.83 

*Standard heat treatment (SHT): 1050°C, 4 hrs, oil-quenched (OQ) + 900°C, 4 hrs, air-cooled 

(AC) + 750°C, 16 hrs, AC [10]  

 

 

 



14 
 

2.4.1 Microstructure of Cast CoWAlloy1 

The SHTed CoWAlloy1 has a recrystallized microstructure, including coarse grains of 1600 µm 

in size and carbides within the grains and at the grain boundaries. The presence of two major 

phases of the γ matrix and γ′ intermetallic phase has been confirmed in CoWAlloy1 [10]. However, 

the formation of carbides and their chemical composition have not been confirmed in this alloy, 

until now. The main phases that can be found in CoWAlloy1 are the gamma (γ), gamma prime 

(γ′), carbide, boride, and topologically close-packed (TCP) phases. 

 

2.4.1.1 Gamma Phase  

The γ phase is a continuous matrix of close-packed FCC Co-based austenite and consists of a high 

percentage of solid solution elements, such as Cr, Ni, W, Al, Ti, and Ta, which their atomic 

diameters differ from Co by 1–18%. These elements are substitutional atoms in the Co crystal 

structure and produce a distorted lattice with a symmetrical stress field. The stress field can interact 

with the dislocation stress field, thus producing elastic interaction between the solute atoms and 

dislocations which results in solid solution strengthening [34]. In other words, the stress field 

formed around the solute atoms interacts with that of the dislocation and increases the stress 

required to move the dislocation. In addition, the solid-solution alloying elements tend to lower 

the stacking fault energy, which leads to an increase in the high-temperature stability of the alloy 

[25]. It is worth mentioning that as the diffusion of substitutional alloying elements tends to be 

slower in Co compared to Ni, Co-based superalloys show a lower creep rate compared to Ni-based 

superalloys [25].  
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2.4.1.2 Gamma Prime Phase  

The γ′ phase as the main strengthening phase in CoWAlloy1 is an FCC (L12) ordered intermetallic 

component with the basic composition of Co3(Al, W) [3][10]. The schematic diagram of the γ′ 

phase with an L12 crystal structure is presented in Figure 2.1. Although the γ′ precipitates have a 

similar crystal structure as that of the γ matrix and are coherent with the matrix, the lattice 

parameters of γ′ and the matrix are different. The degree of lattice mismatch (misfit) is known to 

impact the strengthening effect and morphology of γ′ precipitates [35].  The small lattice mismatch 

between the γ matrix and γ′ precipitates leads to the formation of coherent precipitates, thereby, 

elastic coherency strains in the matrix, which significantly contributes to alloy strengthening. The 

coherency or misfit hardening mechanism is attributed to the interaction of the glide dislocations 

with the elastic coherency stress field around the coherent γ′ precipitates. In addition, the γ/γ′ lattice 

misfit significantly affects the morphology of the γ′ precipitates. A lattice misfit between 0-0.2% 

leads to the formation of γ′ with a spherical morphology, between 0.5-1.0% cuboidal, and the γ′ 

precipitate morphology becomes a plate shape at mismatches above 1.25% [36]. A moderate misfit 

between the γ and γ′ [10] in CoWAlloy1 leads to the formation of a coherent two-phase 

microstructure where submicron cuboidal γ′ precipitates form [9][37].  

The exceptional high-temperature strength of superalloys is significantly controlled by the 

distribution, morphology, and size of the γ′ precipitates [35]. Once the critically resolved shear 

stress (CRSS) of a crystal is exceeded under the effect of a load, the slip plane is activated and 

dislocations can glide through the crystal. In γ′-strengthened superalloys, precipitation hardening 

is attributed to the interactions between the moving dislocations and γ′ precipitates. Generally, 

when the γ′ particle is small in size, the moving dislocations tend to shear the particle but bypass 

the γ′ particle when the particle size is large [38].  
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Figure 2.1 Unit cell that shows L12 ordered FCC lattice of γ′ phase 
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Several theories have been reported to explain for the dislocation-particle interaction in alloys. 

Among these theories, the precipitate cutting or shearing (order hardening) and the Orowan 

looping or by-passing mechanisms are the two main mechanisms that have been used to describe 

precipitation strengthening in many superalloys [38]. 

According to the order hardening mechanism, precipitation strengthening occurs when the ordered 

γ′ precipitates are sheared by a moving dislocation that glides through the matrix which creates an 

anti-phase boundary (APB) on the slip plane of the precipitate. The energy per unit area on the slip 

plane, γapb (APB energy) characterizes the force per unit length that resists the dislocation glide as 

it penetrates the particles. During shearing, the dislocations that cause plastic deformation travel 

in pairs. Therefore, the shearing of the ordered particles occurs by coupled pairs of dislocations. 

The passage of the trailing dislocation through the particles restores perfect order on the {111} slip 

plane in which an APB is created by the leading dislocation. This increases the amount of energy 

required to pass dislocations through the precipitates. The CRSS for the case of a single dislocation 

interacting with small particles is described as [38]: 

𝜏𝑐 =
𝛾𝑎𝑝𝑏

𝑏
(
3𝜋2𝛾𝑎𝑝𝑏𝑓𝑟

32Γ
)1/2 

(2-1) 

where b represents the Burgers vector, f denotes the precipitate volume fraction, r is the average 

particle radius and Γ is a parameter used to define the characteristics of the dislocation. A more 

accurate expression for CRSS, which considers the effect of the trailing dislocation, is: 

𝜏𝑐 =
𝛾𝑎𝑝𝑏

2𝑏
[(

3𝜋2𝛾𝑎𝑝𝑏𝑓𝑟

32Γ
)1/2 − 𝑓]   

(2-2) 
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For a dislocation pair, a simple and common assumption is that the second dislocation remains 

straight while the first dislocation bows out between the obstacles. Equation 2-2 proposes that, for 

an alloy hardened by the distribution of small spherical particles, the CRSS should increase with 

an increase in f and r within the particle size range for which the equation is valid. According to 

the literature, the order hardening mechanism appears to be the most dominant dislocation-particle 

interaction when the particle size is only a few nanometers [38].  

As the γ′ particle size increases, the moving dislocation tends to bypass the particles either through 

looping or climbing. The critical particle size for the change in mechanism from shearing to by-

passing depends on the alloy and varies from 300 Å to 2500 Å. According to the Orowan 

mechanism, particles are strong enough to withstand applied local stress from moving dislocations 

without shearing or fracturing. The dislocation bypasses the particles, leaving dislocation loops 

around them. The stress necessary for the dislocation to by-pass the γ′ particles is termed Orowan 

stress; the simplest form of which is [39]: 

𝜏𝑂 =
𝐺𝑏

𝜆
 

(2-3) 

where G is the shear modulus, b is the Burgers vector, and λ the mean spacing of the particles.   
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2.4.1.3 Carbides 

The addition of C in the range of 0.02–0.2 wt. % in superalloys leads to the formation of carbides. 

Carbides form as a result of the reaction between reactive elements, such as Ti, Ta, Hf, and Nb 

with C [34] and precipitate at both the granular and intergranular regions [36]. Although carbides 

can be beneficial in grain boundary strengthening of γ′-strengthened Co-based superalloys, they 

can significantly deteriorate the weldability of these novel superalloys. It is worth mentioning that 

the presence of carbide phases in CoWAlloy1 has not been confirmed in previous studies. 

Common types of carbides in Co-based superalloys are the primary carbides of MC and M7C3 

types and secondary carbides of M23C6 [1][2]. 

MC carbides are primary carbides and form from supersaturated solid solutions (melt) at high 

temperatures during freezing [36]. The preferred order of formation (decreasing stability) for these 

carbides is HfC, TaC, NbC, and TiC [36]. MC carbides have a discrete blocky morphology with 

regular geometric features, such as diamonds or cubes, and are found in random positions such as 

interdendritic, intergranular, or granular sites [2]. The basic formation reaction of MC carbides is 

as follows [2]:  

𝑀 +  𝐶 →  𝑀𝐶 

(𝑇𝑖, 𝐻𝑓, 𝑁𝑏, 𝑊, 𝑇𝑎, 𝑀𝑜) + 𝐶 →  (𝑇𝑖, 𝐻𝑓, 𝑁𝑏, 𝑊, 𝑇𝑎, 𝑀𝑜)𝐶 

M7C3 carbides are primary, Cr-rich carbides that typically form in Co-based superalloys with a 

low Cr/C alloying ratio [1][36][40]. Generally, M7C3 forms at the grain boundaries and has a 

blocky shape morphology [36]. The basic formation reaction of M7C3 carbides is [41]: 

𝑀 +  𝐶 → 𝑀7𝐶3 

(𝐶𝑟, 𝐶𝑂, 𝑊) + 𝐶 → (𝐶𝑟, 𝐶𝑂, 𝑊)7𝐶3 
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The primary carbides of MC and M7C3 which form during solidification can be degraded to 

secondary carbides (M23C6) during long-service exposure or heat treatment [2]. 

The M23C6 carbides that form in Co-based superalloys have a high Cr/C alloying ratio [40]. These 

carbides precipitate primarily at the grain boundaries and have an irregular, a discontinuous, 

rounded, or blocky morphology [36]. The formation of M23C6 carbides in Co-based superalloys 

increases the stress and creep rupture resistance by impeding grain sliding. M23C6 contains Co and 

W, in substitution for Cr, and forms during heat treatment and service from the degeneration of 

MC and M7C3 carbides [2][36][41]: 

𝑀𝐶 +  𝛾 →  𝑀23𝐶6 

(𝑇𝑖, 𝐻𝑓, 𝑁𝑏, 𝑊, 𝑇𝑎, 𝑀𝑜)𝐶 + (𝐶𝑜, 𝐶𝑟, 𝐴𝑙, 𝑇𝑖) → (𝐶𝑟, 𝐶𝑂, 𝑊)23𝐶6 

 

𝑀7𝐶3 →  𝑀23𝐶6 

(𝐶𝑟, 𝐶𝑂, 𝑊)7𝐶3 → (𝐶𝑟, 𝐶𝑂, 𝑊)23𝐶6 

 

2.4.1.4 Borides  

The addition of B in superalloys can lead to the formation of borides as a result of the reaction 

between B and the reactive elements. Typically borides precipitate at the grain boundaries and 

increase resistance to grain boundary sliding and enhance creep-rupture properties [34]. In Co-Al-

W ternary Co-based superalloys, a higher content of B above 0.04 at. % promotes the formation 

of W and Hf-rich borides with a blocky or half-moon morphology [36][42]. Similar to carbides, 

the presence of borides at the grain boundaries in superalloys can negatively affect the weldability 

of the superalloy. 
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2.4.1.5 Topologically Close-Packed Phases 

A high percentage of refractory elements such as Cr, Mo, and W in Co-based superalloys can result 

in the formation of TCP phases. These phases form during heat treatment or service with a plate 

or needle-like morphology. TCP phases are generally undesirable and detrimental to the 

mechanical properties of superalloys at high temperatures. Co-based superalloys are more 

susceptible than Ni-based superalloys in the formation of these unwanted phases [2]. TCP phases 

that have been observed in Co-based superalloys are the sigma (σ), mu (µ), and Laves phases. The 

σ phase is based upon stoichiometry A2B and has a tetragonal crystallography; for example 

Cr61Co39. The μ phase is based on the ideal stoichiometry A6B7 and has a rhombohedral 

crystallography including W6Co7 and Mo6Co7 [34]. The Laves phase precipitates in both the 

acicular and/or blocky morphologies with AB2 structures such as Co2W, Co2Ta, and Co2Ti [1].  

 

2.4.2 Precipitation Behaviour of γ′ in Cast CoWAlloy1 

As stated earlier, CoWAlloy1 is a potential replacement for several other types of Ni-based 

superalloys, so it is critical to study the precipitation behavior of the γ′ phase during service and 

material processing such as additive manufacturing, welding, and work hardening. It has been 

reported that continuous and rapid cooling during these processes can change the γ′ characteristics, 

which directly influences the strength and weldability of the material. For example, Bennett et al. 

[43] investigated the effect of the cooling rate on the mechanical properties of IN718 produced by 

laser deposition additive manufacturing. The authors concluded that as the cooling rate is reduced, 

the ultimate tensile strength (UTS) decreases due to the formation of a coarse microstructure [43]. 

Similarly, Sajjadi et al. [44] concluded that increasing the cooling rate of Udimet 500 results in 
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microstructural inhomogeneity, an increase in strength and a decrease in ductility [44]. 

Mallikarjuna et al. [45] studied the characteristics of the γ′ precipitates in IN738LC during different 

cooling rates and concluded that as the cooling rate increases, the corrosion resistance deteriorates 

due to the formation of smaller and spherical precipitates [45]. Mei et al. [46] investigated the 

effect of cold rolling on the precipitation kinetics and morphological changes in IN718 alloy using 

DSC experiments. The authors observed that an increase in the percentage of cold rolling results 

in shifting the DSC peaks to lower temperatures, which is attributed to an increase in the 

precipitation rate [46]. 

Masoumi et al. [47] used a differential thermal analysis (DTA) to study the effect of the cooling 

rate on precipitate behavior in AD730TM. They reported butterfly-shaped and spherical-shaped γ′ 

precipitate morphologies at low and high cooling rates, respectively. Similarly, Yang et al. [48] 

investigated the morphologies of different γ′ precipitates obtained at various cooling rates in a K5 

Ni-based superalloy. They found that increasing the cooling rate results in the formation of small 

spherical precipitates [48]. In contrast, Behrouzghaemi and Mitchell [49] observed that γ′ 

precipitates exhibit a cloverleaf-shaped morphology with increases in the cooling rate of IN738LC. 

They attributed this behavior to morphological instability [49]. The stability of the γ/γ′ 

microstructure at high temperatures is controlled by the solute diffusivity in the matrix [50]. 

Several authors [51][52][53][54][55] have extensively studied the γ′ precipitation kinetics in Ni-

based superalloys and agreed that the kinetics follow the theory proposed by Lifshitz, Slyozov, 

and Wagner (LSW). According to this theory, the solute diffusion through the matrix is a rate-

limiting step, which tends to control the precipitation behavior of the γ′ phase [56]. Similar studies 

have been carried out in Co-Al-W ternary alloys, which show good agreement with the classical 

LSW theory [56][57]. 
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2.5 Welding 

The welding process involves joining two similar or different materials with or without a filler by 

applying pressure or/and heat to obtain continuity between the two materials. Owing to the 

structural complexity of the gas turbine engine, the components of large sections are manufactured 

from smaller parts that are joined together using a welding process to form an integrated part. 

Furthermore, due to the cost of replacing the damaged parts of the gas turbine engine, repair is 

preferred by using welding. Therefore, welding has become an essential part of the manufacturing 

and repair processes in the gas turbine industry. Three main welding processes of solid-state, 

brazing, and fusion welding can be applied to all types of superalloys [34].  

Solid-state welding is capable of producing the same result as fusion welding by applying pressure 

at a temperature below the melting temperature of the material to be joined. This joining method 

usually uses a bonding aid, such as an interface foil or coating, to facilitate bonding and prevent 

the formation of low-temperature eutectics or brittle phases. Therefore, in this welding method, 

the defects accompanying the FZ and HAZ such as elemental segregation, and cracking do not 

occur. However, due to low solubility for interstitial elements in Ni-based and Co-based 

superalloys, these alloys are not easy to join through solid-state welding (diffusion bonding) [58].  

The brazing method relies on the melting and subsequent solidification of an interlayer (braze 

metal) without any melting of the base metals (BMs). The brazing process is very similar to 

soldering but with higher bond strength and application temperature (above 450°C). Although this 

process avoids melting BMs, the service temperature of the joined parts is restricted to the braze 

metal melting point as at elevated temperatures, braze metal loses its stability. Considering that 

novel Co-based superalloys are developed for elevated-temperature applications which are 



24 
 

significantly above the melting point of conventional braze metals, applying this method requires 

careful development of brazing material and brazing cycle.  

Fusion welding methods involve the melting and solidification of the components to be joined 

with or without a filler material. These welding methods are the most promising and practical ways 

to manufacture and repair gas turbine components [59]. The three major types of fusion welding 

processes are [36]: 

1. Gas welding such as oxyacetylene welding (OAW). 

2. Arc welding such as GTAW, shielded metal arc welding (SMAW), plasma arc welding (PAW), 

gas–metal arc welding (GMAW), flux-cored arc welding (FCAW), submerged arc welding 

(SAW), and electro slag welding (ESW). 

3. High-energy beam welding such as electron beam welding (EBW) and laser beam welding 

(LBW). 

Among all the fusion welding processes, GTAW which is also called tungsten inert gas (TIG) 

welding is the most widely applied method to join superalloys. Figure 2.2 shows the schematic of 

GTAW. In this method, an arc is created between the non-consumable tungsten electrode and the 

workpiece [60]. The BM is melted and filler metal is fed in this arc manually or automatically. 

Some applications such as welding thin plates and bead-on-plate (BOP) welding do not require a 

filler metal. In GTAW, a protective gas such as argon is supplied by a welding torch and covers 

the weld area to protect the weld bead and HAZ from the oxygen (O), nitrogen, and hydrogen 

contained in the air atmosphere [2]. This versatile method produces high-quality welds with little 

distortion as a result of precise control over the welding process. In addition, this process does not 

create any spatters that must be later cleaned up.  
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Figure 2.2 GTAW process: a. Overall process, and b. Welding area (magnified) [60]. 

(Reproduced with permission from John Wiley and Sons) 
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Rapid heating and cooling during GTAW can result in the formation of several defects in the weld 

zone such as hot cracking which is considered as one of the major defects in the welding of 

superalloys. Furthermore, the lack of fusion, surface oxidation, and discontinuity in bead formation 

are the other possible weld defects that can be minimized by properly controlling the welding 

process and adjusting the input parameters, including the welding speed and arc power. The 

welding process and formation of defects can significantly affect the mechanical and physical 

properties of the superalloy and cause failure in gas turbine engines [12]. Therefore, a detailed 

analysis of the metallurgical phenomena during welding superalloys is essential.  

 

2.6 Weld Microstructure  

Typically, weldments consist of three separate regions: the FZ, HAZ, and unaffected BM [62]. 

The FZ is the region in which the complete melting and resolidifying occur during fusion welding. 

This zone is often metallographically distinct from the HAZ and BM. Based on the usage of filler 

and the filler material in the welding process, there are three main types of FZ: autogenous FZ in 

which no filler is used and FZ essentially has the same composition as the BM, homogeneous FZ 

in which filler with a similar composition as the BM is used, and heterogeneous FZ in which a 

dissimilar filler material is used [61][62]. The HAZ is the region between the FZ and the unaffected 

BM. As the temperature in this zone is below the alloy solidus temperature, often all the phase 

transformations occur in the solid state. The different weld zone regions in GTAW are illustrated 

in Figure 2.3. 
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The mechanical properties of fusion welds significantly depend on the solidification behavior of 

the weld pool, which is primarily controlled by the cooling rate that deviates from equilibrium. 

Cooling rates in welds vary from 10 to 103 Ks-1 for conventional oxyfuel and arc welding 

processes, including SMAW, FCAW, SAW, ESW, GTAW, and GMAW [61]. Due to rapid heating 

and cooling, the welding process always occurs under non-equilibrium conditions in which 

diffusion is often limited. Thus, weld solidification is accompanied by the nucleation and growth 

of dendrites, segregation, and diffusion processes, causing local compositional variations which 

can lead to welding problems and influence performance in service. Many metallurgical processes 

in weldments occur in the solid state, including phase transformations, diffusion, precipitation 

reactions, recrystallization, and grain growth. However, liquation reactions may also occur in the 

weldments and affect their properties. For example, liquation reactions in which liquid films may 

form outside of the FZ can result in cracking problems [62]. 

Figure 2.4 shows a schematic of the interaction between a moving heat source and the metal part 

in an autogenous welding process [63]. During the welding process, the welding speed and heat 

input alter the solidification rate (R) and temperature gradient (G) around the molten pool which 

significantly affects the weld pool geometry as well as the FZ microstructure. Typically, a molten 

pool formation in an elliptical or circular shape can be seen in the process, including during the 

use of high-energy beam welding and arc welding at low speeds. These molten pool structures 

result in the formation of a finer FZ grain structure. However, at high welding speeds and heat 

inputs, a teardrop-shaped molten pool appears and leads to large columnar grain growth [14]. It 

can be observed in Figure 2.5 that for all weld pool shapes, the degree and direction of the G, and 

the R vary in the molten pool [64]. The parameters of G and R can be used to predict the FZ 

dendritic and grain structure developed during solidification. 
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Figure 2.3 Typical weld zone regions in GTAW  

 

 

 

Figure 2.4 Schematic diagram of interaction between the heat source and the BM [63]. 

(Reproduced with permission from Springer Nature) 
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Figure 2.5 Variations in the G and R, and grain structure development for various pool shapes:     

a. Circular, b. Elliptical, and c. Tear-drop [64]. 

(Reproduced with permission from AIP Publishing) 
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2.6.1 Fusion Zone  

Due to the complete melting and re-solidifying of the material during GTAW, the solidified 

microstructure of the FZ is considerably complex and depends on the alloy composition and 

solidification conditions [62]. During the fusion welding process, the weld zone can be considered 

as a small casting process. Therefore, the existing BM grains at the fusion line act as a mold and 

the substrate for the nucleation of crystals from the liquid. In autogenous or BOP welding, epitaxial 

nucleation and growth take place in which nucleation occurs near the fusion line without altering 

the existing crystallographic orientations of the BM. However, further from the fusion line, the 

grain structure is controlled by a competitive growth mechanism. During FZ solidification that 

takes place further from the fusion line, the grains tend to grow in the direction perpendicular to 

the molten pool boundaries as this direction provides the maximum G and hence maximum heat 

extraction. However, columnar or cell dendrites within each grain tend to grow along the easy-

growth direction. Therefore, during solidification, grains with their easy-growth direction 

essentially perpendicular to the molten pool boundaries will grow more easily and crowd out the 

less favorably oriented grains, as shown schematically in Figure 2.6. The competitive growth 

mechanism dominates the grain structure of the bulk weld metal [60]. 

During FZ solidification, the shape of the solid-liquid (S/L) interface affects the development of 

the microstructural features. The stability of the S/L interface is mostly controlled by the thermal 

and constitutional conditions (constitutional supercooling) that are found near the S/L interface. 

Depending on these conditions and due to the composition and cooling rate variations in FZ, 

solidification can occur through different modes including planar, cellular, columnar dendritic, and 

equiaxed dendritic. The solidification mode is controlled by the material system as well as the 

welding condition. Typical microstructures of the FZ are shown in Figure 2.7 [60]. 
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The planar solidification mode is mainly affected by heat flow and characterized by preventing the 

formation of the substructure (Figure 2.7a). In this solidification mode, the direction of growth is 

perpendicular to the solidification front which is along the direction of the maximum thermal 

gradient. Lancaster [65] reported that a high G and low R facilitate the planar solidification mode 

in an S/L interface. The cellular solidification mode is characterized by the formation of several 

cells that grow relatively and uniformly parallel to one another. Similar to planar growth, the 

direction of the cell growth is also controlled by heat flow conditions (Figure 2.7b).  

Contrary to the planar and cellular growth modes, dendritic growth is controlled mainly by the 

crystal orientation. Thus, grains with a preferred crystallographic axis that closely aligns with the 

heat flow directions survive while others that are not so well aligned are eliminated. In alloys with 

a body-centered cubic (BCC) and FCC crystallography, the <100> directions are the preferred 

directions [60]. Dendritic growth consists of two main types of growth: columnar and equiaxed 

dendritic growth. The former is defined as the growth of a packet of dendrites along the same 

direction which combines to form one grain with a well-developed substructure. On the contrary, 

the latter is defined as the growth of dendrites with different orientations in a liquid-cooled 

sufficiently below the liquidus temperature, so that spontaneous nucleation is possible. 

Neighboring dendrites are not necessarily parallel to each other and therefore each dendrite 

consists of a separate grain in the final solidified structure.  

As mentioned earlier, the cooling rate within the molten pool directly affects the solidification 

mode of the FZ microstructure [66]. As the cooling rate varies within the molten pool, any 

combination of columnar and equiaxed grains may form in the FZ. Lampman [14] reported that a 

coarse columnar grain size increases the susceptibility of a microstructure to hot cracking, while 

an equiaxed microstructure with a finer grain size is highly resistant to hot cracking. In addition, 
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the mechanical properties of a weld greatly depend on the (polycrystalline or single crystal) grain 

structure of the FZ. For example, to enhance the creep resistance of a gas turbine blade, a columnar 

grain structure along the length of the blade is necessary [67]. Kurz et al. [67] reported that accurate 

control of the heat input is important for obtaining a desirable microstructure of the FZ. Several 

researchers have reported that the R and G are altered through heat input, which directly controls 

the columnar to equiaxed transition (CET) [68][69][70][71][72][73]. An enhancement in CET has 

been reported with an increase in the R and a decrease in the G. Therefore, a smaller G/R ratio 

means a more equiaxed grain structure [69]. Schempp and Rethmeier [70] showed that a low 

welding speed (large G/R ratio) throughout the GTAW of aluminum alloys leads to a columnar 

grain structure. In contrast, a high welding speed (small G/R ratio) leads to the formation of an 

equiaxed grain structure. Park et al. [71] concluded that reducing the laser power and welding 

speed can reduce the G/R ratio below the critical value and prevent the formation of new grains 

(stray grains) in welds. 
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Figure 2.6 Epitaxial growth of weld metal near fusion line and competitive growth in bulk FZ [60] 

(Reproduced with permission from John Wiley and Sons) 
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Figure 2.7 Various solidification modes in the FZ [60]: a. Planar, b. Cellular, c. Columnar 

dendritic, and d. Equiaxed dendritic solidification  

(Reproduced with permission from John Wiley and Sons) 
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2.6.1.1 Dendrite Arm Spacing 

Non-equilibrium solidification during GTAW leads to the formation of a dendritic microstructure 

in the FZ, which considerably affects its mechanical properties [14]. The solidification 

substructure can be quantified through primary and secondary dendrite arm spacings which can be 

used to measure the effect of the solidification conditions on the microstructure. Secondary 

dendrite arm spacing (SDAS) is the most common microstructural feature used to evaluate cast 

alloys and FZ mechanical properties and susceptibility to hot cracking [72]. Xue and Xu [73] 

concluded that refining the SDAS enhances the hardness of the alloy. Franke et al. [74] reported 

an inverse relationship between the cooling rate and dendrite arm spacing. Mei et al. [75] stated 

that a finer dendritic structure can be observed with the use of EBW as opposed to conventional 

fusion welding techniques. They attributed the microstructure changes to a higher cooling rate, 

resultant of the high heat input density of the focused beam with EBW [75]. Li et al. [66] showed 

that different cooling rates change the solidification mode of the microstructure, which transitions 

from cellular to columnar dendrite with distance from the fusion boundary. They also stated that 

an increase in heat input results in a reduction in the cooling rate, consequently increasing the 

primary dendrite arm spacing (PDAS) [66]. Similarly, Bal et al. [76] investigated the effect of 

voltage used during EBW and concluded that an increase in voltage results in a reduction in the 

cooling rate and enhancement of the SDAS. It has been well established that the SDAS can be 

evaluated by studying the cooling rate in the different areas of the FZ [77]. The following 

expression is used to calculate the SDAS [77]: 

𝜆2 = 𝑎(𝐺 × 𝑅)𝑏 (2-4) 

where 𝜆2 is the SDAS, a and b are constants with values that depend on the alloy, and 𝐺 × 𝑅 is 

the cooling rate.  
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2.6.1.2 Solute Partitioning 

High cooling rates during the welding process lead to inhibiting diffusion and solidification under 

non-equilibrium conditions which result in unavoidable redistribution or partitioning of the solutes 

between the liquid and solid [61][77]. Solute distribution or partitioning of alloying elements 

across the dendritic structure which is also referred to as microsegregation, is a critical 

phenomenon during alloy solidification that can considerably affect the weld microstructure and 

weldability [17]. Lampman [14] reported that non-equilibrium solidification during GTAW leads 

to dendritic microsegregation in the FZ. Dendritic microsegregation typically causes the formation 

of solidification constituents within the interdendritic region and the inhomogeneous distribution 

of secondary phase precipitates. These microstructural changes are known to considerably affect 

the properties of the FZ [14]. Ding et al. [78] reported that the formation of non-equilibrium 

eutectic-type microconstituents can reduce the resistance of the FZ to hot cracking. Brooks and 

Krenzer [79] showed that FZ cracking in the A-286 superalloy is attributed to the presence of a 

low melting Laves phase, which is a TCP phase, in the FZ. Similarly, Ding et al. [78] who 

investigated a Ni3Al-based alloy, IC6, showed that the formation of the NiMo (Y) phase leads to 

severe FZ cracking. Ojo et al. [80] concluded that the formation of low melting solidification 

constituents such as M3B2 and Ni7Zr2 in the FZ of IN738LC increases susceptibility to cracking in 

the PWHT.  

Furthermore, in some instances, the elements that form the main strengthening phase could 

combine with the subsequent non-equilibrium intermetallic precipitates, which leads to the 

inhomogeneous distribution of the γ′ strengthening phase particles. This can have detrimental 

effects on the mechanical properties at elevated temperatures [80][81]. Ojo et al. [80] also 

confirmed the formation of non-homogeneously distributed γ′ particles in the FZ of IN738LC. 
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They showed that the FZ microstructure consists of coarse γ′ precipitates in the interdendritic 

regions and fine γ′ precipitates in the dendrite core. Similarly, Chen et al. [82] observed the non-

uniform distribution of the γ′ precipitates in Fe-Ni-based alloy following post-weld aging. They 

concluded that this inhomogeneity results in reduced microhardness of the FZ compared to the 

BM with a uniform distribution of γ′ particles [82].  

The detrimental microstructural changes in the FZ summarized above can be remedied through a 

PWHT to modify the as-welded microstructure and release the residual stresses. Strum et al. [81] 

reported that as-weld microstructures are the primary factor that determines how superalloy welds 

respond to the PWHT.  

 

2.6.2 Heat-Affected Zone 

Microstructural changes in the HAZ are generally governed by the composition of the superalloy, 

previous processing history, and thermal factors associated with the welding process [14]. During 

the welding process, peak temperatures, as well as heating and cooling rates significantly affect 

the nature of the reactions in this region. The peak temperature found in the HAZ varies with 

distance from the fusion line. The maximum peak temperature is the liquidus temperature of the 

alloy at the fusion boundary [60]. Several metallurgical reactions including phase transformations 

and elemental segregation occur throughout the thermal cycle of the weld, which may affect the 

properties of the HAZ. Among these reactions, liquation is prominent and it is known to be a 

critical cause of grain boundary embrittlement both during welding and the PWHT. Liquation 

reaction and cracking in the HAZ are further discussed in Section 2.7.3.  
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2.7 Welding Defects 

During the welding of superalloys, several defects and discontinuities (flaws) may occur, either 

due to inappropriate welding techniques or metallurgical-related issues, which can significantly 

affect the high-temperature performance of the weldment [83]. Figure 2.8 shows some of the weld 

defects that occur during fusion welding. Typical weld defects include porosity, slag inclusion, 

lack of penetration, undercutting, and lack of fusion, which can be minimized/eliminated by 

optimizing the welding procedure and parameters. Porosity is defined as small cavities that form 

as a result of gas trapped in the weld metal (Figure 2.8a). The formation of porosity during welding 

is typically caused by improper amperage, inaccurate shielding, moisture, and excessive arc length. 

Slag inclusions (Figure 2.8b) happen when slag or other non-metallic matter is trapped in the weld 

metal and causes discontinuity which eventually leads to failure. Lack of penetration (Figure 2.8c) 

occurs when the weld metal has not penetrated the bottom of the weld joint. It is usually caused 

by improper welding techniques or incorrect root gaps. Undercutting (Figure 2.8d) refers to an 

unfilled groove left at the toe of the weld following the melting of the BM. This defect often occurs 

due to excessive amps/volts, excessive travel speed, incorrect electrode angle, or incorrect welding 

technique. The occurrence of this defect can lead to a reduction in the material thickness. Hence, 

concentrated stress emerges from which failure such as fatigue fractures can occur. Lack of fusion 

(Figure 2.8e) includes discontinuities as a result of the incomplete coalescence of some portion of 

the filler metal with the BM or between weld beads in the case of multi-pass welds. This defect 

usually forms in the direction of the welding with either sharp or rounded edges due to insufficient 

heat absorbed by the underlying metal from the weld which leads to incomplete melting.  

Cracking and micro-fissuring (Figures 2.8f and 2.8g) are metallurgical-related defects and refer to 

discontinuities that are produced by local ruptures. Cracks can occur in both the FZ and HAZ due 
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to high stress/strain generation during the welding process or PWHT in combination with inherent 

material properties. Contrary to the previously mentioned welding defects that can be eliminated 

by properly controlling the welding process, inhibiting or eliminating weld cracking requires 

extensive knowledge of metallurgical-related factors. A detailed review of the various types of 

cracking and associated mechanisms are discussed in Sections 2.7.2 to 2.7.4. 
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Figure 2.8 Typical fusion welding defects: a. Porosity, b. Slag inclusion, c. Lack of penetration,        

d. Undercut, e. Lack of fusion, f. Traverse cracking, and g. Longitudinal root cracking [83] 

(Reproduced with permission from Cengage Learning) 
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2.7.1 Welding Stress Distribution 

During the welding process, weldments are subjected to localized heating which results in the non-

uniform distribution of temperature in the weldments. Typically, the FZ and HAZ are subjected to 

temperatures considerably higher than those of the unaffected BM. As the cooling stage of the 

welding process begins, the FZ solidifies and shrinks, which induces stress to the HAZ and BM. 

When the FZ first solidifies, it is still hot and relatively weak; thus, it creates little stress. However, 

once the weld cools to room temperature, the stress in the weldment increases and eventually 

reaches the yield point of the BM and HAZ. As the welding process continues, the parts that have 

already solidified resist the shrinkage of the later portions of the weld bead. Therefore, the portions 

welded first are strained in tension in a direction longitudinal to the weld, that is, down the length 

of the weld bead, as shown in Figure 2.9. Furthermore, it can be observed in Figure 2.9 that, due 

to the shrinkage in the weld, transverse stress is also present. In addition, distortion may appear in 

the butt joints as both longitudinal and transverse shrinkage or contraction. It may also appear as 

an angular change (rotation) when the face of the weld shrinks more than the root (Figure 2.10). 

Angular change produces transverse bending in the plates along the weld length. Residual stress 

in weldments is defined as the stress that exists after all of the external loads are removed. It is 

worth mentioning that the residual stress that occurs due to non-uniform temperature distribution 

during the welding process is usually termed thermal stress [62][84]. 

Figure 2.11 schematically shows the variations in temperature and stress that occur during the 

welding process. Here, BOP welding is performed along line X-X. As shown in Figure 2.11a, the 

welding arc, which is moving at velocity v, is located at Point O. Figure 2.11b depicts the 

temperature distributions transverse to line X–X at locations A, B, C, and D. Across Section          

A–A, which is in front of the welding arc, the temperature variation (ΔT) is zero. However, the 
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temperature distribution is extremely steep across Section B-B, which crosses the welding arc. 

Along Section C–C, which is behind the welding arc, the temperature distribution is considerably 

less steep. Farther away from the welding arc, the temperature across Section D–D has returned to 

a uniform distribution. 

The normal stress distribution in the x-direction (σx) of Sections A–A, B–B, C–C, and D–D is 

shown in Figure 2.11c. The normal stress in the y-direction (σy) and the shear stress (τxy) also exist 

in a two-dimensional stress field, although these are not shown in Figure 2.11. In Section A–A, 

the thermal stress is nearly zero. There is almost no stress in the regions below the weld pool at 

Section B–B as the hot metal cannot support a load. Stress in the HAZ on both sides of the weld 

pool is compressive as the expansion of these areas is restrained by the surrounding metal that is 

at lower temperatures. As the temperature close to the arc is considerably high, and the resulting 

yield strength is low, the compressive stress will reach the yield level at the temperature of the 

metal. The level of the compressive stress peaks with increasing distance from the weld 

(decreasing temperature). Due to equilibrium conditions, at a certain distance away from the weld 

pool, the tensile and compressive stresses must balance in the HAZ. The stress distribution along 

Section B–B is presented in Figure 2.11c. 

In Section C–C, the weld metal and HAZ have cooled down. As they start to shrink, tensile stress 

is induced in the weld metal. This tensile stress is balanced by the compressive stress in the BM 

which has a lower temperature. The stress distribution is illustrated in Figure 2.11c. The final 

condition of the residual stress in the weld is shown in Section D–D. Along this section, high 

tensile stress is found in the weld and HAZ, while compressive stress is found in the BM away 

from the weld.  
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Figure 2.9 Longitudinal (L) and transverse (T) shrinkage stress in butt joint weld [84] 

(Reproduced with permission from American Welding Society) 

 

 

 

 

Figure 2.10 Schematic representation of distortion in a butt joint [84] 

(Reproduced with permission from American Welding Society) 
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Figure 2.11 Distribution of temperature, ΔT, and stress, σx, during BOP welding [84] 

(Reproduced with permission from American Welding Society) 
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The formation of tensile stress in the FZ and HAZ during the welding process plays a vital role in 

the occurrence of weld cracking in superalloys. This tensile stress is known as the main mechanical 

factor that extensively contributes to cracking during the fusion welding of superalloys. In addition 

to the tensile stresses that occur during the cooling stage of the welding process, other metallurgical 

factors are also contributors to the formation of weld cracks. Generally, cracking that occurs in the 

HAZ and FZ during welding and PWHT is termed hot cracking. Typical types of hot cracking in 

superalloys are: 

1. Solidification cracking or FZ cracking 

2. Liquation cracking or HAZ cracking  

3. PWHT cracking which can occur in both the FZ and HAZ  

 

2.7.2 Solidification cracking  

Solidification or FZ cracks that form along the grain boundaries have an intergranular nature and 

mostly occur along the centreline of the FZ. Solidification cracks form during the terminal stage 

of the FZ solidification in which the tensile stresses developed across the adjacent grains exceed 

the strength of the almost completely solidified weld metal. Figure 2.12 illustrates the solidification 

cracking mechanism. During solidification, the alloying elements with a low partitioning 

coefficient tend to segregate into the solidifying liquids and form low melting phases and eutectics 

with the metal which results in grain boundary wetting by the liquid film. The prevalence of liquid 

films at the grain boundaries when the weld is partially solidified reduces the ductility of the 

solidifying weld metal. Therefore, the grain boundaries are weakened and cracks form under the 

effect of the tensile stresses that are produced during the cooling stage of the welding process 

[60][85]. 
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Figure 2.12 Schematic diagram of the mechanism of solidification cracking [85] 

(Reproduced with permission from the Royal Society (U.K.)) 
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Susceptibility to solidification cracking is affected by several metallurgical and mechanical 

factors. Metallurgical factors that have been reported to affect the susceptibility of a weldment to 

solidification cracking are [85]:  

1. Solidification Temperature Range: Typically, as the solidification (freezing) temperature range 

increases, susceptibility to solidification cracking is also enhanced due to a larger and weak mushy 

zone. The presence of undesirable impurities such as sulphur (S) and phosphorus (P) or 

intentionally added alloying elements can enhance the solidification range and solidification 

cracking susceptibility. In addition, phase transformations, especially eutectic reactions, can often 

occur during the terminal stage of solidification and extend the solidification temperature range. 

2. Amount of Liquid during Terminal Solidification: There is a threshold amount of liquid between 

grains that can lead to maximum solidification cracking.  Pure metals are known to be immune to 

solidification cracking due to the absence of low-melting-point eutectics at the grain boundaries 

that cause solidification cracking. On the other hand, in highly alloyed metal, the amount of 

eutectic liquid at the grain boundaries can be considerably large to induce crack healing. Therefore, 

the maximum cracking susceptibility occurs somewhere in between these two composition levels, 

where the amount of the liquid can be just adequate to form a thin, continuous grain boundary film 

to make the materials rather susceptible to solidification cracking but without extra liquid for 

healing cracks.  

3. Grain Structure of Weld Metal: The grain structure can significantly affect the susceptibility of 

superalloys to solidification cracking. Fine equiaxed grain structures are less susceptible to 

solidification cracking compared to coarse columnar grain structures. This is because fine equiaxed 

grains deform more easily to accommodate contraction strains. In addition, as the surface area of 
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the grain boundaries is much larger in a fine equiaxed microstructure, segregates of the melting 

point depressant elements are less concentrated at the grain boundaries. Furthermore, liquid 

feeding and healing of incipient cracks can also be more effective in fine equiaxed grains [60]. 

4. Ductility of Solidifying Weld Metal: Reduction in the ductility of solidifying weld metal can 

lead to an increase in the susceptibility to solidification cracking.  

Solidification cracking does not occur without the presence of stresses acting on adjacent grains 

during solidification which is considered as a mechanical factor that contributes to the formation 

of solidification cracking. Such stresses can be due to thermal contraction or solidification 

shrinkage or both. The degree of restraint of the workpiece is another mechanical factor that 

contributes to solidification cracking. For the same joint design and material, solidification 

cracking will more likely occur in a workpiece with a higher degree of restraint. Generally, thicker 

or stronger plates require a higher degree of restraint which leads to more residual stress and 

susceptibility to solidification cracking. 

 

2.7.3 Liquation Cracking 

HAZ liquation cracking is the most common defect in welding superalloys [61]. Contrary to FZ 

cracking which can be eliminated by properly controlling the welding process, HAZ liquation 

cracking is a considerably challenging defect with several metallurgical and mechanical factors 

that contribute to the cracking. Generally HAZ cracking occurs due to both the formation of a 

liquid film along the grain boundaries and the effect of tensile stress produced during weld cooling 

[86]. Figure 2.13 shows the occurrence of liquation cracking in the HAZ in which the formed 

liquid wets the grain boundaries and spreads along them to create a continuous film. Subsequent 
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to the complete formation of the continuous intergranular film, cracks can form along the grain 

boundaries and extend into the FZ due to sufficient tensile thermal stresses [85]. 

Generally, the liquid film in the HAZ can form through either non-equilibrium phase 

transformation below the alloy solidus temperature (subsolidus) or melting above the solidus 

temperature (supersolidus). The latter is anticipated to occur in all weldments due to heating above 

the equilibrium solidus temperature of an alloy [87]. The formation of subsolidus liquation is more 

damaging in terms of HAZ cracking because it increases the melting range of the alloy and affects 

the characteristics of the supersolidus melting by forming a non-equilibrium liquid film at lower 

temperatures [88]. 

Two main mechanisms have been reported to describe the occurrence of sub-solidus liquation in 

the HAZ; grain boundary penetration and grain boundary segregation [86]. The former involves 

the eutectic melting of constituents formed at the grain boundaries such as MC carbides, borides 

(M5B3 and M2B), and γ-γ′ eutectics [89], and constitutional liquation of second-phase particles in 

the HAZ during welding. Subsequently, the resulting liquid film penetrates the grain boundary 

regions. The latter includes the segregation of surface-active elements such as B to the grain 

boundaries which results in a localized composition with a lower melting point.  In reality, both 

grain boundary penetration and segregation can be attributed to the occurrence of HAZ cracking.  
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Figure 2.13 Schematic diagram of liquation cracking [85] 

(Reproduced with permission from the Royal Society (U.K.)) 
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2.7.3.1 Constitutional Liquation  

The constitutional liquation mechanism, first proposed by Pepe and Savage in the 1960s [90], 

requires a eutectic reaction between the surrounding matrix and second-phase precipitates. Under 

the conditions of constitutional liquation, the second phase particles do not melt, however, local 

melting occurs at the constituent/matrix interface, hence the term constitutional liquation. Two 

conditions need to be satisfied for this mechanism to be viable [91].  

1. The constituent particles must react with the surrounding matrix to create a composition gradient 

around the particles. 

2. The reaction zone composition must undergo melting below the melting temperature of the 

surrounding matrix. 

Figures 2.14 and 2.15 describe the constitutional liquation mechanism. Figure 2.14 shows a binary 

phase diagram for a eutectic reaction between a particle AxBy and the matrix α. From this figure, 

a reaction between the matrix and the particle occurs as an alloy with a composition of CA is heated. 

Figure 2.15 schematically illustrates the nature of that reaction at temperatures T1, T2, Te, and T3. 

From Figure 2.15a, the spherical particle AxBy resides in a matrix of composition C0 at an ambient 

temperature. During slow heating (equilibrium heating), the particle dissolves through a 

diffusional process as the temperature exceeds the solvus temperature at about T2. Further 

increases in temperature at the same slow heating rate to around T3 just below the solidus 

temperature of the alloy would not lead to any phase transformation, but rather, the occurrence of 

grain growth and equilibrium grain boundary segregation. However, during rapid heating (non-

equilibrium heating conditions) which occurs in the HAZ during most welding processes, not only 

does the particle not dissolve entirely, but also starts to react with the surrounding matrix at T2. As 
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equilibrium is normally maintained at the particle-matrix interface, the particle of composition 

AxBy is in contact with a matrix composition specified by Point b on the solvus line. A composition 

gradient that originated from the partial particle dissolution is now found in the matrix. This occurs 

in the reaction zone that surrounds the particle where B atoms are diffusing into the surrounding 

matrix (Figure 2.15b). The slope of the concentration gradient produced depends on: 

1.  The heating rate: Higher heating rate results in a steeper concentration gradient. 

2. Solute diffusivity: Slower diffusivity of the solute B atoms leads to a shallower concentration 

gradient. 

3. Accommodation factor: More easily accommodated solute atoms within the α-matrix result in 

a shallower concentration gradient. 

As the alloy is heated from T2 to Te, the interface composition continues along the solvus line of 

the phase diagram. When this composition reaches Point c at the eutectic temperature as seen in 

Figure 2.15c, equilibrium dictates that a liquid of composition d must be in contact with the solid. 

Therefore, a liquid of eutectic composition is formed in the system within the reaction zone. This 

liquid completely surrounds the particles and characterizes the onset of constitutional liquation. 

Further heating to T3 leads to the formation of additional liquid in the system. The composition of 

this liquid ranges from g at the particle interface to f at the matrix interface (Figures 2.14 and 

2.15d). The composition of the matrix in contact with the liquid is now signified by Point e on the 

solidus line. Again, all of the interface compositions must have microscopic equilibrium as dictated 

by the phase diagram. Note that a solute hump is predicted in the solid matrix within the reaction 

zone. This occurs because the solid composition achieved at Te (Point c) has now decreased to e 

since the solid composition must lie along the solidus line. Above T3, additional constitutional 



53 
 

liquation will occur around the particles until the alloy exceeds the solidus temperature and bulk 

melting of the matrix begins. 

Therefore, under rapid heating (non-equilibrium), constitutional liquation occurs and leads to the 

formation of solute-rich liquid pools at temperatures well below the equilibrium solidus of the 

alloy. During fusion welding, interactions between these liquated regions and the grain boundaries 

result in a microstructure that is susceptible to intergranular liquation cracking. 
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Figure 2.14 Binary phase diagram used to describe constitutional liquation [91] 

(Reproduced with permission from John Wiley and Sons) 
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Figure 2.15 Schematic illustration of constitutional liquation mechanism [91] 

(Reproduced with permission from John Wiley and Sons) 
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2.7.3.2 Grain Boundary Segregation  

Another mechanism that can lead to the formation of liquid film at the grain boundaries is grain 

boundary segregation. This mechanism occurs due to the segregation of the melting point 

depressant elements to the grain boundaries, which decreases the melting point of the grain 

boundaries compared to the surrounding matrix and results in sub-solidus grain boundary melting 

in the HAZ during welding [12]. Grain boundary elemental segregation can occur both before and 

during the welding process. The grain boundary elemental segregation before welding is more 

critical and categorized as equilibrium and non-equilibrium segregation. Equilibrium segregation 

occurs during heat treatment when solute atoms diffuse from within the grain to the grain boundary 

to reduce the grain boundary free energy. The extent of this segregation increases with a decrease 

in the heat treatment temperature [88]. Non-equilibrium segregation takes place during cooling 

from high temperatures and relies on the formation of vacancy-solute complexes. The reduction 

of the concentration of vacancies at the grain boundary during cooling from high temperatures 

leads to a concentration gradient of the vacancy-solute complexes, which results in the diffusion 

of the complexes from within the grains to the grain boundaries. This diffusion induces a high 

concentration of solute atoms in the vicinity of the grain boundaries. The extent of the non-

equilibrium grain boundary segregation is mainly governed by the initial temperature and cooling 

rate. Adequate time available during air cooling allows vacancy-solute complexes to diffuse to the 

grain boundaries, thus resulting in enhanced non-equilibrium segregation. Furthermore, at the 

same cooling rate, increasing the heat-treatment temperature leads to an increase in non-

equilibrium segregation. However, this type of segregation is less affected by the cooling rates at 

lower temperatures [92]. 
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Huang et al. [93] found that the heat treatment condition significantly influences the grain 

boundary elemental segregation of B in IN718. They reported that even though increasing the heat 

treatment temperature reduces the extent of equilibrium segregation, doing so leads to an increase 

in non-equilibrium segregation. In addition, every heat treatment consists of both equilibrium and 

non-equilibrium segregations which result in a certain amount of grain boundary segregation. 

Furthermore, Huang et al. [93] identified a transition temperature at which the least segregation of 

the grain boundaries occurs as shown in Figure 2.16. Therefore, equilibrium segregation is 

predominantly found below the transition temperature, while non-equilibrium segregation is found 

above the transition temperature which mainly controls the extent of the total segregation.  

Several studies have reported a close relationship between the grain boundary segregation of minor 

elements and cracking susceptibility of the HAZ in superalloys [12][19] [93][94]. Huang et al. [93] 

studied the HAZ cracking susceptibility of IN718 and showed that increasing the pre-weld heat 

treatment temperature first leads to a reduction in the cracking susceptibility of the HAZ. However, 

a further increase in temperature above a critical temperature increases the cracking susceptibility. 

Huang et al. [93] reported that the trend similarity between B segregation variation with 

temperature and the total crack length (TCL) of the HAZ suggests that the grain boundary 

segregation of B controls the TCL of the HAZ. They confirmed this observation by using a SIMS 

analysis on welded samples which showed the strong segregation of B along the HAZ crack region. 

Therefore, it can be concluded that HAZ cracking is reduced as a result of the balance between 

equilibrium and non-equilibrium elemental grain boundary segregation.  
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Figure 2.16. Effect of temperature on grain boundary elemental segregation of B in IN718 [93] 

(Reproduced with permission from Elsevier) 
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2.7.4 Post-Weld Heat Treatment Cracking in Superalloys  

PWHT is an essential process after welding superalloys as the process reduces the residual stresses 

that occur during welding, restores the weldment strength, and enhances other mechanical 

properties [95]. The PWHT of γ′-strengthened superalloys typically consists of two stages; 

solutionizing and aging to form the γ′ precipitates [96]. Sidhu et al. [97] reported that the 

precipitation of the γ′ phase occurs at temperatures where welding stress relief is normally 

expected, which can lead to the hardening of the material. The combination of welding residual 

stresses with hardening due to γ′ precipitation can lead to PWHT cracking in the HAZ which is 

also referred to as strain age cracking either through the extension of cracks that have already 

occurred during welding or by the formation of new intergranular cracks [96]. 

 

2.8 Weldability Testing Techniques 

Joining superalloys is often accompanied by some defects (as discussed in Section 2.7) which can 

significantly affect the high-temperature properties of superalloys. To evaluate the properties that 

can be affected during welding and after PWHT, weldability testing techniques are used. These 

techniques are intended to assess actual service conditions through the responses of the alloy to 

various actual or simulated welding conditions. Weldability tests can be divided into two major 

types of tests [61]:  

1. Direct tests, in which actual samples of the weld metal or entire weld zone, are evaluated, such 

as crack-susceptibility tests performed after the welding process. 
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2. Indirect tests in which examination is carried out based on metallurgical and mechanical 

principles and performed by simulating the weld thermal cycle and in some cases strain conditions 

to create a simulated weld zone. The best-known example of an apparatus to accomplish this is the 

Gleeble system.  

 

2.8.1 Self-Restraint Tests  

Self-restraint tests use the restraint within the specimen without external loading to form cracking 

in weld metal or BM. The specimen is designed to induce varying restraint intensities on the weld 

joint, thus causing cracking. Figure 2.17 shows an example of a self-restraint test called Lehigh 

restraint test to qualitatively evaluate the extent of restraint at which cracking occurs in weldments 

during cooling. As can be observed in Figure 2.17, a plate with slots machined onto the sides and 

ends is used in the Lehigh test. A single pass weld is made along a groove that has been previously 

machined along the centerline of the plate. The restraint from the plate and slots forms different 

levels of cracking in the weld. The level of restraint is modified by changing the length of the slots. 

The restraint is measured as 2x, where x is the distance from the centerline of the weld groove to 

the bottom of the slots (Figure 2.17). A variety of samples with different lengths of slots are usually 

welded. The threshold level of restraint is determined as a width that is just sufficient to cause 

cracking [98]. 
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Figure 2.17 Schematic of slotted plate specification for Lehigh restraint test [98] 
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2.8.2 Externally Loaded Tests 

As opposed to self-restraint tests, externally loaded tests involve an external load to evaluate the 

sample weldability during welding. To modify the stress state and consequently the severity of the 

cracking, the externally applied load is often varied. Figure 2.18 shows an example of this type of 

weldability test called the Varestraint test (hot cracking test). As can be observed in Figure 2.18, 

one side of a rectangular bar (usually 205×50×6.4 mm) is fixed while the opposite side is attached 

to a pneumatically operated ram. In this method, GTAW is usually used to produce a weld at the 

top of the plate along its longitudinal centerline from the free end to the fixed end. Once the arc 

reaches a pre-determined location over the die block, the plate is bent to conform to the radius of 

the die block. This bending causes an augmented longitudinal strain on the welded surface of the 

specimen. To measure the strain level at which cracking begins, several die blocks with various 

radii can be employed. For material evaluation, however, a single die block of a known radius, 

which produces cracking in all of the samples, is used. Hot cracks usually form along the edge of 

the weld pool and in the HAZ. The mean values of the TCL, number of cracks, or maximum crack 

length in duplicate samples of each material are used as a quantitative means of evaluating BM 

weldability [98]. 
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Figure 2.18 Setup and sample specifications for the Varestraint test [98] 
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2.8.3 Gleeble Testing 

The Gleeble is a thermomechanical testing device that can replicate the thermal cycles and strain 

in a workpiece during welding [61]. Gleeble testing is used in a wide range of applications such 

as examining hot ductility [99], mechanical properties of the HAZ [19], continuous cooling 

transformation diagrams [100], stress relief cracking, precipitation kinetics [47], strain age 

cracking [101], constitutional liquation [102], and liquid metal embrittlement (LME) [103]. The 

Gleeble test method is shown schematically in Figure 2.19. A cylindrical specimen is held in a pair 

of water-cooled copper grips and tested under load and no-load conditions as shown in Figures 

2.19a and 2.19b, respectively. In this method, the specimen is heated at rates up to 20,000°C/s by 

using a low-frequency alternating current introduced through the copper grips. By properly 

sequencing preprogrammed time cycles of temperature and displacement or force, the gauge 

region of the specimen develops the same microstructure as the actual weld [98]. The Gleeble is a 

fully computer-interfaced system, readily programmed to provide reference signals for closed-loop 

control of both thermal and mechanical operations. The feedback signal necessary for closed-loop 

control is typically acquired from a fine wire thermocouple percussion welded to the surface of the 

specimen at the gauge region. However, for temperatures above the operating limits of 

thermocouples, a radiation pyrometer can be used for some sacrifice in the overall response time 

of the system [14]. 

. 
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Figure. 2.19 Gleeble test method:  a. Primary components, b. Close-up view of a resistance heater, 

and c. Programmed thermal cycle [14]  
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2.8.4 Measurement of Total Crack Length  

The weldability of superalloys can also be evaluated by measuring the TCL in welded samples. In 

this method, the welded sample is sectioned transversely to the welding direction and the TCL in 

each section is evaluated by using microscopic techniques. The TCL can be used to study alloy 

cracking susceptibility in two different ways [104]. First, the TCL measured from various 

specimens can be compared to evaluate weldability. For this technique to be valid, the specimens 

must be welded by using the same set of welding parameters, which is anticipated to produce 

approximately the same HAZ size. The crack length in the transverse section of the specimen can 

be given as: 

𝐿 = ∑ 𝑙𝑛

𝑘

𝑛=1,2,…

 (2-5) 

where l is the length of an individual crack in a section and n stands for the number of cracks in a 

section. The welded specimens are usually sectioned into about 10 pieces or more and the sum of 

the L values from each section is calculated to determine the TCL which is given as: 

𝑇𝐶𝐿 = ∑ 𝐿𝑖

10

𝑖=1

 (2-6) 

Secondly, if the specimens are welded by using different sets of welding parameters or under 

different welding conditions, the calculation of the cracking index (CI) may be required. The CI is 

a measure of the TCL normalized with the total area of the HAZ and given by 

𝐶𝐼 = ∑ 𝐿𝑖/𝐴𝑇

10

𝑖=1

 (2-7) 
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where AT is the total area of the HAZ, measured from all the sections. The CI provides a 

quantitative evaluation of the weldability of a material in terms of the crack length per unit area. 

Other measurements that can be derived from the TCL measurement involve average total crack 

length (ATCL), the number of cracks, and maximum crack length (MCL). 

 

2.9 Hot Corrosion 

Superalloys, as the material of choice for the hot section of gas turbines, are continuously exposed 

to high temperatures and corrosive environments, especially in marine environments. The 

combination of elevated temperature and the presence of impurities in fuel such as S and vanadium 

(V) as well as atmospheric contaminants such as NaCl results in the formation of some low-

temperature eutectic salts and deposition of these salts on the surfaces of gas turbine components 

[105]. Hence, the occurrence of hot corrosion which, unlike oxidation, can degrade the material at 

an unpredictably rapid rate and consequently leads to catastrophic failure due to the loss of the 

structural material [106]. According to the exposure temperature and mechanism, hot corrosion is 

divided into the two main categories of Type I or high-temperature hot corrosion (HTHC), and 

Type II or low-temperature hot corrosion (LTHC) [106].  

Type I or HTHC mainly occurs over a temperature range of 800-950ºC. However, it has been 

reported that HTHC can also be observed at temperatures as low as 750ºC [107]. Initially, as 

superalloys are exposed to a corrosive environment, an oxide scale, including several oxide layers, 

is formed, followed by two stages of hot corrosion including the initiation and propagation stages. 

In the first stage (initiation), the alloy surface is exposed to the molten deposited salt due to the 

dissolution of the oxide scale by the molten salt or cracking of the oxide scale. Subsequently, the 
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propagation stage is initiated which is characterized by the severe attack of the Cr-depleted region 

through internal sulphidation/oxidation. As the propagation stage shows considerably higher 

corrosion rates than the initiation stage, it is reported that the turbine engine component must be 

removed from service at this stage [105]. Generally, the macroscopic appearance of HTHC is 

characterized by an internal sulphidation and a depletion region beneath the porous and 

nonprotective scales [106].  

Several mechanisms have been reported to describe the process of HTHC. Salt fluxing is the most 

accepted mechanism for HTHC [107]. According to this mechanism, the protection capability of 

the oxide layer might be lost due to fluxing of this layer in molten salt. Fluxing in which the 

dissolution of the protective oxide layers occurs is divided into two types of basic and acidic 

fluxing. Basic fluxing involves the dissolution of the protective oxide layer by a highly basic melt 

(Na2O rich) and the combination of oxides with O2- to form anions. On the other hand, acidic 

fluxing consists of the dissolution of the protective oxide layer by a highly acidic melt (SO3 rich) 

and the decomposition of oxides into the corresponding cations and O2-. Acidic fluxing has been 

reported to have considerably severe oxidation compared to basic fluxing and occurs when the O2- 

activity in the molten salt is significantly low. In general, the hot corrosion of superalloys with 

high contents of Al and Cr is often reported to occur according to the basic fluxing mechanism. 

On the contrary, hot corrosion of alloys with high contents of W, Mo, and V are often reported to 

follow the acidic fluxing mechanism [106]. 

The dominant salt in HTHC is sodium sulfate (Na2SO4) due to its high thermodynamic stability. 

The most significant source of Na is the marine atmosphere (sea salts contain NaCl), but can also 

be found in fuel. During the combustion process, Na2SO4 can form from the Na and S present in 

the fuel. Other impurities either in the fuel or air, such as V, P, lead (Pb), and chloride (Cl), can 
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combine with sodium sulfate to form a mixture of salts with a lower melting temperature. This 

results in broadening the temperature range of the attack and degradation of the structural 

components at lower temperatures. For example, the melting point of Na2SO4 (884ºC) can be 

lowered by the addition of NaCl. Na2SO4-NaCl eutectic is found to have a melting point of about 

620ºC [106].  

Type ІІ or LTHC is observed mainly within the temperature range 600-750ºC which is 

substantially below the melting temperatures of alkali sulphate [106]. In LTHC, the nature of the 

attack is attributed to a localized failure of the scale due to a local chloride attack, thermal cycling, 

or erosion. For example, salt may be trapped locally in crevices produced by scale cracking. Such 

deposits could be retained and allow local changes in salt composition to occur. A common 

mechanism for the occurrence of LTHC is the formation of a low melting point eutectic Na2SO4-

MSO4 (where M is either Ni or Co) through the reaction between BM sulphates and alkali metal 

sulphates, followed by a molten eutectic formation which degrades the component. In LTHC, the 

propagation of attack occurs as a result of migration of SO3 and Co or Ni inward and outward, 

respectively, through the liquid salt. Generally, the macroscopic appearance of LTHC is 

characterized by the formation of mixed oxide-sulphide scales and pitting attack with little or no 

internal sulphidation or alloy depletion [107]. 

As mentioned earlier in this thesis, Co-based superalloys are generally more resistant to hot 

corrosion compared to Ni-based superalloys mainly due to the following two reasons. First, it has 

been reported that the diffusivity of S in Co-based superalloys is approximately 100 times slower 

than that of Ni-based superalloys which results in much slower inward diffusion of S and internal 

sulphidation in Co-based superalloys compared to that of Ni-based superalloys. Second, during 

the hot corrosion of superalloys, low melting eutectic phases form that accelerate the hot corrosion 
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process. It has been reported that the melting temperature of Co-Co4S3 eutectic (877ºC) is 

considerably higher than that of Ni-Ni3S2 eutectic (645ºC) which leads to higher hot corrosion 

resistance in Co-based superalloys [108]. 

The hot corrosion resistance of superalloys is known to be affected by several factors including 

temperature, characteristics of the deposited salt, chemical composition of the superalloy, and 

primarily, the microstructure of the attacked material. Generally, the microstructure of the alloy is 

determined by the processing history such as casting, wrought, welding, and additive 

manufacturing. It has been reported that welding superalloys can reduce the resistance to hot 

corrosion due to chemical inhomogeneity [22][23]. Therefore, it is essential to study the effect of 

the welding process on the hot corrosion resistance of superalloys. 

 

2.10 Scope and Objectives of the Present Study 

As previously mentioned, due to the ever-increasing demand for improved gas turbine efficiency 

and reduction of greenhouse emissions, a new γ′ precipitation-hardened Co-based superalloy, 

CoWAlloy1, has been developed for high-temperature applications to replace conventional Ni-

based superalloys. CoWAlloy1 has unique characteristics that surpass the performance of some of 

the conventional Ni-based superalloys. Welding superalloys is a necessary process in the 

manufacturing and repair of gas turbine parts. Similar to γ′-strengthened Ni-based superalloys 

[17][18][19][20] and γ′-strengthened Co-based superalloys [21], CoWAlloy1 is susceptible to 

weld cracking which mainly occurs in the HAZ. Although there have been several research works 

on the weldability of various Ni-based superalloys, weldability and the factors responsible for 

cracking in CoWAlloy1 during fusion welding have not been reported prior to the present study. 
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Therefore, improving the crack resistance during the welding and PWHT with minimal 

deterioration of the mechanical properties and hot corrosion resistance is vitally important in the 

industrial application of this new alloy. The present study is initiated with the three following 

major objectives. 

1. To develop a numerical model of the GTAW to obtain a window of optimum welding 

parameters that prevent cracking in the FZ.  

2. To conduct a systematic study on the primary factors that produce HAZ cracking in CoWAlloy1, 

which could contribute to the development of an effective approach to eliminate/minimize HAZ 

cracking during welding and after PWHT. 

3. To evaluate the effect of pre-weld microstructural modifications on the mechanical properties 

and hot corrosion resistance of CoWAlloy1 after PWHT. 
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CHAPTER 3 

Modeling and Experimental Methods  

3.1 Introduction 

In this chapter, the numerical modeling and experimental procedures performed to achieve the 

objectives are presented in two sections. The first section (Section 3.2) applies the developed 

numerical model to simulate the GTAW of CoWAlloy1 and to determine the optimum window of 

parameters that would eliminate typical weld defects and FZ cracking. The second section (Section 

3.3) presents the materials and experimental procedures conducted in this research to achieve 

Objectives 2 and 3. In this section, the materials and experimental procedures performed to carry 

out GTAW, pre-weld heat treatment plan, and detailed microstructural characterization before and 

after welding, are presented. In addition, the experiments conducted to evaluate the effect of the 

pre-weld heat treatment and the welding process on the mechanical properties and the hot corrosion 

behavior of CoWAlloy1 are explained in this section.  

 

3.2 Numerical Modeling Using ANSYS  

3.2.1 Finite Element Model 

A finite element (FE) software - ANSYS was used to model the GTAW of CoWAlloy1 and analyze 

the thermal cycle history in the FZ. A 3D FE transient thermal analysis was carried out through 

coding with an ANSYS program designed language (APDL). A non-linear transient temperature 

field in the thermal analysis due to the volumetric moving heat source was evaluated by solving a 

constitutive equation for heat conduction with applied boundary conditions. The welding input 

parameters used in the FE transient thermal model are provided in Table 3-1.  
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3.2.1.1 Model Meshing 

During GTAW, the sample is exposed to a high heat input with a steep thermal gradient. To 

analyze the thermal behavior of the area that is affected, it is critical to maintain a finer mesh size. 

Sun et al. [109] reported that a reduced mesh size increases the accuracy of the calculations. 

However, this would also require a longer calculation time, which results in a large volume of 

processed data. In this work, the mesh size of the FZ is optimized to a value of 0.3 mm for greater 

accuracy and calculation efficiency. At the same time, the mesh size of the remaining parts is kept 

at 0.8 mm. Figure 3.1 shows the structural model for the simulation process. The FE 

model consists of 153,712 elements and 664,059 nodes and requires a simulation time of 

approximately 3 hrs. The model consists of quadratic brick elements with 20 nodes, a single degree 

of freedom, and the temperature of each node. A similar element has been used in previous works, 

which has shown a high level of accuracy for thermal analyses [110][111]. 

 

3.2.2 Model Description 

3.2.2.1 Volumetric Moving Heat Source Model  

The modeling of a moving heat source depends on the welding process, thermal field, and weld 

pool geometry [112]. For example, Bonifaz and Richards [68] used surface heat flux as a moving 

heat source to numerically model GTAW. However, Ghosh et al. [113] reported that using a 

volumetric moving heat source with a Gaussian distribution leads to enhanced model accuracy 

and, therefore, a more accurate prediction of the distribution of the transient temperature during 

GMAW. 

 

https://www-sciencedirect-com.uml.idm.oclc.org/topics/materials-science/finite-element-modeling
https://www-sciencedirect-com.uml.idm.oclc.org/topics/materials-science/finite-element-modeling
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Table 3-1 Welding parameters in FE modeling 

Parameter Weld 1 Weld 2 Weld 3 

Voltage (V) 10 10 10 

Current (A) 60 60 60 

Velocity (mm/min) 50 70 100 

Shielding gas flow rate (l/hr) 60 60 60 

 

 

 

 

 

Figure 3.1 FE model of specimen geometry and meshing conditions 
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In this research, a conical-shaped volumetric moving heat source with a Gaussian heat density 

distribution radially and a linear distribution axially (Figure 3.2) is applied to characterize the 

shape and distribution of the heat density during GTAW. Figure 3.2 schematically illustrates the 

heat source model. The mathematical form of the volumetric moving heat flux (Qv) is [111]:  
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where Qmax represents the maximum volumetric heat density and rc is the heat distribution 

parameter that shows the radius at height z, and r denotes the current radius, which is,  
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where ν is the welding speed, (x, y) the Cartesian coordinate of each node at time t, and (x0, y0) is 

the origin of the Cartesian coordinate system. The heat distribution parameter, rc, is calculated 

from Equation 3-3. 
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where ri and re are the smaller and larger radius of the conical-shaped volumetric moving heat 

source, respectively. Similarly, zi and ze are the lower and upper z-coordinates of the conical-

shaped, respectively. In Equations 3-4 and 3-5, the Qmax is obtained by integrating the conical-

shaped volumetric heat flux, Qv, over the conical-shaped region (Figure 3.2) and reordering it to 

the net heat input (Q0). 
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where Q0 is calculated by using VIQ 0
 in which I denotes the current, V represents the voltage, 

and 𝜂 is the process efficiency which for this model, a heat transfer efficiency (η) of 80% is used. 

 

3.2.2.2 Thermal Analysis 

The thermal cycle history at each point of the (x,y,z) coordinates and time (t) was calculated 

numerically by solving the constitutive equation of heat conduction and law of conservation of 

energy [109]:   
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where K(T), ρ(T), and Cp(T) are the temperature-dependent thermal conductivity, density, and 

specific heat, respectively, simulated by using JMatPro.  

The modeling of a volumetric moving heat source was performed by using APDL coding in the 

ANSYS workbench environment. APDL coding evaluates the temperature at each node for time 

and conical-shaped heat flux. The volumetric moving heat source model was calibrated by 

adjusting the heat source parameters (listed in Section 3.2.2.1) to match the weld pool geometry 

acquired from the GTAW experiment and the numerical modeling result.  
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Figure 3.2 Schematic of conical-shaped model of volumetric moving heat source  
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3.2.2.3 Initial and Boundary Conditions 

During GTAW, some of the energy is lost owing to convection and radiation heat loss. To 

accurately model this process in ANSYS, several initial and boundary conditions have been 

considered. Bonifaz and Richards [68] reported two types of convection heat loss of free and forced 

convections that occur during GTAW. The convection (qconv) and radiation (qrad) heat losses are 

calculated by using Equations 3-7 and 3-8, respectively, as the boundary conditions. 

)(  TThq cconv  (3-7) 

 )()(
44

absTTabsTTqrad    (3-8) 

where hc is the convection coefficient (free or forced), 𝑇∞
  is the ambient temperature set at 20ºC, 

Tabs is the absolute zero temperature, ε is the emissivity, which is assumed to be constant and 

similar to that of other superalloys (0.7) [68], and σ denotes the Stefan-Boltzmann constant 

(5.67×10-8 W.m-2. K-4). During GTAW, the area below the nozzle experiences forced convection 

owing to the shielding gas flow rate. The forced convection, according to the model in Bonifaz 

and Richards [68], is assumed to be constant with a value of 242 W.m-2.K-1. The convective 

coefficient for the other areas is considered to be a free convection value of 10 W m-2 K-1. 

 

3.2.2.4 Thermal Analysis Evaluation  

The cooling rate, G, and R at various regions of the FZ can be evaluated by using a thermal 

numerical model. It has been well established that the SDAS, as well as the grain microstructure 
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of the FZ, can be evaluated by studying the cooling rate in the different areas of the FZ [74].  The 

following equation is used to calculate the SDAS [68]: 

bRGa )(2   (3-9) 

where 𝜆2 represents the SDAS, a and b are constants and controlled by the alloy structure, and 

𝐺 × 𝑅 is the cooling rate. The values of a = 50 and b = 0.3 µm were adapted [68] to evaluate the 

SDAS from the calculated cooling rate. 

The FZ microstructure can be predicted by evaluating the ratio of the G to the R (G/R). The R, 

which is related to the shape of the weld pool [114], can be determined by using the following 

equation: 

𝑅 = 𝑣. 𝑐𝑜𝑠𝜃 (3-10) 

where 𝑣 is the welding speed, and θ represents the angle between the normal vector of the liquid-

solid interface and the welding direction (Figure 3.3). θ at each node around the weld pool is 

evaluated based on the weld pool geometries acquired from the numerical modeling. Therefore, G 

can be calculated by using the predicted cooling rate (G×R) and Equation 3-10.  

In this work, the CET criteria developed by Gäumann et al. [115] are used to predict the type of 

grain structure of the FZ.  Bonifaz and Richards [68] reported that this method can be applied to 

study the CET quantitatively during GTAW. According to this model, a fully equiaxed structure 

can be achieved when the 𝐺𝑛/𝑅 ratio is smaller than the critical value of K = 2.7 × 1024 (K3.4/m4.4s). 

The constant n depends on the alloy [115] and is considered to be 3.4. 
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Figure 3.3 Schematic of the relationship between welding speed υ and R. 
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3.3 Materials and Experimental Procedures 

3.3.1 Materials Preparation  

Cast polycrystalline CoWAlloy1 was received in a form of a plate with dimensions of 

304×75×25.4 mm from Sophisticated Alloys Inc. (Butler, USA). The alloy was manufactured 

through a vacuum induction melting process and subsequently subjected to hot isostatic pressing 

(HIP) at 1200ºC for 4 hrs at a pressure of 15 ksi. The chemical composition (wt. %) of the 

CoWAlloy1 is as follows: 30.6% Ni, 10.2% Cr, 9.0% W, 4.4% Ta, 2.6% Al, 2.0% Ti, 0.3% Hf, 

0.2% Si, 0.02% C, 0.02% Zr, 0.01% B, and balance Co. The welding coupons with dimensions of 

75×20×5 mm were machined by using an electrical discharge machine (EDM). Subsequently, the 

welding coupons were subjected to pre-weld heat treatments; see Table 3-2 for the details. For 

example, 870°C AC denotes that the sample was heat treated at 870°C for 4 hrs and then AC. 

These heat treatments were performed to help with the investigation of various aspects of 

microstructural variables known to characteristically affect the susceptibility of superalloys to 

weld cracking. Prior to GTAW, the heat-treated welding test coupons were surface grinded and 

polished to remove the surface oxide followed by solvent cleaning in an ultrasonic bath. 

 

3.3.2 Gas Tungsten Arc Welding 

The pre-weld heat-treated coupons were welded by using autogenous BOP GTAW along with a 6 

DOF Panasonic VR-004 robot (Figure 3.3) with the welding parameters provided in Table 3-3. 

Subsequently, 10 weld cross-sections were cut from each welded coupon by using the EDM and 

the samples were grinded and polished with standard metallographic techniques.  
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Table 3-2 Pre-weld heat treatments 

Code Heat Treatment Condition 

870°C AC 870°C, 4 hrs./ AC 

870°C WQ 870°C, 4 hrs./ WQ 

970°C AC 970°C, 4 hrs./ AC 

970°C WQ 970°C, 4 hrs./ WQ 

1010°C AC 1010°C, 4 hrs./ AC 

1010°C WQ 1010°C, 4 hrs./ WQ 

1070°C AC 1070°C, 4 hrs./ AC 

1070°C WQ 1070°C, 4 hrs./ WQ 

1170°C AC 1170°C, 4 hrs./ AC 

1170°C WQ 1170°C, 4 hrs./ WQ 

Note: AC = air-cooled, WQ = water-quenched 
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 Figure 3.4 TIG welder fitted with 6 DOF PANASONIC VR-004 robot 

 

Table 3-3 GTAW parameters  

Parameter  

Current (A) 60 

Voltage (V) 10 

Speed (mm/min) 50 

Shielding gas flow rate (l/hr) 60 
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3.3.3 Hardness Measurement 

The hardness of the various samples in the as-received, pre-weld heat-treated, welded, and 

PWHTed conditions, and DSC samples were measured by using a Buehler Vickers microhardness 

tester with an indenter size of 36.5 μm and an applied load of 500 gf. Ten measurements were 

made on each specimen with 0.01 mm spacing to average the hardness values along with the 

standard deviation. 

 

3.3.4 Metallographic Sample Preparation 

To study the microstructure of the as-received, pre-weld heat-treated, welded, and PWHTed 

conditions and DSC samples, they were first hot-mounted by using Bakelite. Subsequently, the 

mounted specimens were grinded with 600 and 1200 SiC papers followed by polishing with 6 µm 

and 1 µm diamond suspension, respectively. To examine the optical microstructure, the polished 

samples were chemically etched with 10 g of copper sulfate + 50 ml of distilled water + 50 ml of 

hydrochloric acid solution. Furthermore, the polished samples were electrochemically etched in 

80 ml of nitric acid + 96 ml of sulphuric acid + 24 ml of phosphoric acid solution at 5 V for 3 

seconds to study the details of their microstructure through SEM and EPMA. 

 

3.3.5 Optical and Scanning Electron Microscopies 

The preliminary microstructural study was performed on the chemically etched specimens by 

using a Zeiss Axiovert 25 inverted phase contrast microscope, equipped with CLEMEX Vision 

3.0 image analysis software. Furthermore, a detailed microstructural analysis and spectroscopy 
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were conducted by using a JEOL 5900 scanning electron microscope equipped with an Oxford 

(Oxford Instruments, Oxford, United Kingdom) ultra-thin window energy dispersive spectrometer 

(EDS). The cracking susceptibility of the HAZ was evaluated by measuring the average of the 

TCL in 10 cross-sections of each welded coupon with the optical and scanning electron 

microscopes. In addition, the average grain size of the alloy in the as-received and heat-treated 

conditions was measured by using optical micrographs and the linear intercept method.  

 

3.3.6 Electron Microprobe Analysis  

The composition of the dendrite core regions within the FZ was quantitatively determined by using 

a CAMECA SX100 electron microprobe analyzer (EPMA) equipped with ф (p,z) correction 

algorithm and operated at 15 keV with a beam current of ≤ 20 nA.  The EPMA is capable of 

quantitatively determining the composition of particles as small as 1 μm in diameter with adequate 

accuracy. 

 

3.3.7 Transmission Electron Microscopy  

A TEM analysis was carried out on as-received, SHTed, and welded specimens by using an FEI 

Talos F200X transmission electron microscope with a field emission electron source (X-FEG) 

equipped with an Oxford energy dispersive spectrometer. The TEM samples were produced by 

electro-polishing foils that are 3 mm in diameter with a thickness of 120 μm with 100 ml perchloric 

acid + 900 ml methanol solution at -30ºC and 1 V. The electropolishing involves the preparation 

of very thin foil with perforation suitable for TEM examination and analysis. A selected area 

diffraction pattern (SADP) analysis was used to identify the crystal structure of the various phases 
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found in the areas of interest on the thin foil. The lattice parameters of the phases were accordingly 

determined from reflections obtained from the SADPs.  

 

3.3.8 Secondary Ion Mass Spectroscopy  

Elemental grain boundary segregation was evaluated using time-of-flight secondary ion mass 

spectrometry (ToF-SIMS). In this method, the surface of the sample is bombarded with a primary 

ion beam which leads to the emission of secondary ions from the surface. The mass of sputtering 

atomic species can be analyzed by using a mass spectrometer to determine the elemental, 

molecular, or isotopic composition of the surface. Due to a spatial resolution of 150 nm and an 

elemental resolution of a few ppm, SIMS is capable of detecting trace amounts of elements on a 

surface. The primary ion beam species used in SIMS include Cs+, O2
+, O-, Ar+, Ga+, and Xe+ [116].  

The SIMS samples were cut by using the EDM into dimensions of 10×10×3 mm, followed by 

mounting in Bakelite. Subsequently, they were polished to 1 μm and marked with the nano-

indenter to identify the grain boundary location. The specimens were then carefully removed from 

the Bakelite, followed by solvent cleaning in an ultrasonic bath. The specimens were sent to the 

Chemical Imaging Infrastructure of the Chalmers University of Technology, and the University of 

Gothenburg for conducting the ToF-SIMS analysis with ToF-SIMS (IONTOF V) and primary ion 

beam of Cs+. SIMS line scans of B were performed by imaging positive secondary ions of B+. 
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3.3.9 Differential Scanning Calorimetry  

DSC was used to evaluate the main equilibrium phase transformation temperatures and study the 

γ′ precipitation behavior in CoWAlloy1. DSC is based on the principle of measuring heat flow 

variations with respect to phase transformation at specific heating or cooling rates. A DSC 404 C 

(Netzsch) equipped with a TASC 414/4 controller (Netzsch) with a maximum operating 

temperature of 1500ºC was used. The system can accommodate a maximum heating and cooling 

rate of 40ºC/min. The DSC setup was coupled with purging and vacuum systems. To avoid the 

oxidation of the specimens, N2 gas was used as the purging gas at a flow rate of 50 ml/min. The 

specimens (1.5×1.5×1.5 mm) were sectioned by using EDM, followed by grinding with 600 grit 

SiC paper to remove the oxide layer on the surface, and further degreased with acetone. Since DSC 

is a measure of heat flow per unit mass, all of the specimens were weighed before testing by using 

a highly sensitive electronic balance with a resolution of ±0.0001 g. Prior to the testing, the DSC 

equipment was calibrated by scanning two symmetric empty crucibles to obtain the baseline. The 

crucibles were first heated to 1200ºC and then cooled to 25ºC at a given cooling rate. In addition, 

to determine the sensitivity of the equipment at each cooling rate of interest, the baseline and 

specimen measurements were carried out by using standard specimens, including pure Ni, gold 

(Au), Al, bismuth (Bi), and indium (In). DSC studies were performed at four different cooling 

rates: 2.5, 10, 15, and 40ºC/min. The specimens were first heated to 1200ºC and then cooled to   

25ºC at the same rate. After calibration, thermographs for the material of interest were taken by 

using the same procedure as explained above for calibration purposes.  

The temperature and time-dependent enthalpy were used to study the precipitation behavior with 

DSC. The fraction of the phase transformation F(T), which is precipitated at a given temperature, 

is determined by using [47]: 
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where A(T) is the area of the peak, which is the area between the onset temperature Ti (beginning 

of precipitation) and a temperature T (any temperature on the signal), and A(Tf) is the area under 

the peak between Ti and the end temperature Tf (end of precipitation). In the DSC analysis, the 

precipitation rate, dF/dt, is correlated to the cooling rate, 𝛽, by [47]: 
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To determine the activation energy (Q) required for the γ′ precipitation, the Kissinger equation is 

used  [47]: 
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where TF is the temperature at which the maximum precipitation rate (dF/dt) occurs and R is the 

gas constant, J⋅K−1⋅mol−1.  

 

 

 

 



89 
 

3.3.10 Tensile Test 

The mechanical properties of the welded CoWAlloy1 subjected to the recommended SHT as the 

PWHT were evaluated by using a uniaxial tensile test. Sub-size tensile samples with the weld 

positioned in the middle of the gauge section were machined by using a water jet machine (Figure 

3.5) in accordance with ASTM-E8 standard [117]. The samples were then polished to achieve 

smooth, notch-free surfaces and remove any surface oxide. The tensile properties were acquired 

by using an MTS Landmark servo-hydraulic universal test system that has a maximum load-

bearing capacity of 100 KN at room temperature at a strain rate of 0.03 s-1. To ensure repeatability 

and accuracy, three tests were conducted for each heat treatment condition and the average of the 

three tests was calculated and used for the analysis reported in this study. 

 

3.3.11 Hot Corrosion Experiment 

The specimens for the hot corrosion test were cut into dimensions of 10×5×2 mm with the EDM 

from the welded CoWAlloy1 subjected to the recommended SHT. Figure 3.6 shows the profile of 

the hot corrosion specimen in the welded condition, which includes a BM, HAZ, and FZ. The hot 

corrosion specimens were first polished with SiC paper to 600 grit and then ultrasonically cleaned 

with acetone for 15 min. Approximately 3.0 ± 0.1 mg of a salt mixture of 75 wt. % Na2SO4 +         

25 wt. % NaCl was deposited on each of the test specimens. This salt mixture has been used in 

previous studies on the hot corrosion resistance of γ′-strengthened Co-based superalloys 

[118][119] [120]. A saturated solution was produced by dissolving  Na2SO4 and NaCl in distilled 

water at a ratio of 75:25, respectively, to prepare a low melting eutectic of Na2SO4-NaCl with 

eutectic melting temperatures of 630°C [121]. The hot corrosion specimens were heated to 150°C 
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by using a hot plate while simultaneously spraying the salt mixture on the surface with a spray 

gun. During the salt deposition, the specimens were weighed frequently to ensure that the proper 

quantity of salt was deposited. The coated specimens were individually placed in alumina crucibles 

and subjected to 750°C for 100 hrs. The hot corrosion experiment was repeated three times to 

ensure the reliability of the results. To evaluate the weight change, the weight of the salt-coated 

specimen was measured before and after the hot corrosion experiment by using a Sartorius Entris 

64-1S scale balance with an accuracy of 0.1 mg. To take the mass change into account precisely, 

all of the crucibles that contained specimens and spalled scales were weighed.  

To evaluate the detailed characteristics of the corroded specimens, an SEM microstructural 

analysis was used. In addition, to study the type of oxide layers and corrosion products formed on 

the surface of the corroded specimens, an X-ray diffraction (XRD) analysis was conducted using 

a Bruker D8 advance XRD instrument collected from 18 to 80° 2θ at a 0.02° step size and step 

time of 5 s.  
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Figure 3.5 Sub-size tensile sample dimensions (mm) 

 

 

 

 

 

 

 

Figure 3.6 Specimen dimensions used for hot corrosion test 
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CHAPTER 4 

Results and Discussion 

4.1 Introduction  

In this chapter, the details of the results and discussion of the study performed on the arc 

weldability of CoWAlloy1 are presented. First, the results of the developed numerical model for 

the GTAW which results in obtaining a window of optimum welding parameters are discussed; 

see Section 4.2. As the pre-weld microstructure significantly affects the superalloy behavior during 

the welding process, the results of the microstructural characterization of CoWAlloy1 before 

welding are subsequently provided in Sections 4.3 and 4.4. This is followed by a detailed study of 

the FZ and HAZ microstructures and an investigation of the primary causes of HAZ cracking in 

Section 4.5. The development of a solution to eliminate/minimize the HAZ cracking problem 

during welding and after PWHT is presented in Sections 4.6 and 4.7. The γ′ re-precipitation 

behavior which significantly influences HAZ cracking in CoWAlloy1 is discussed in Sections 4.8 

and 4.9. The effect of the pre-weld heat treatment procedure and welding process on the tensile 

properties and hot corrosion resistance of CoWAlloy1 is discussed in Section 4.10. Finally, the 

effect of overaging on the cracking susceptibility of HAZ during welding and PWHT is discussed 

in Section 4.11. 

 

4.2 Numerical Modeling of GTAW 

4.2.1 Physical Properties of CoWAlloy1 

To model the GTAW of CoWAlloy1, some physical properties need to be initially evaluated. The 

temperature-dependent thermo-physical properties of CoWAlloy1, such as density (ρ), thermal 
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conductivity (k), and specific heat (Cp), were evaluated over a temperature range of 0°C to 1400°C 

by using a thermodynamics simulation software called JMatPro. The properties are shown in 

Figure 4.1 and subsequently used to develop the FE transient thermal model.  

 

4.2.2 Differential Scanning Calorimetry Analysis 

To obtain the main phase transformation temperatures and evaluate the solidification range in 

CoWAlloy1, a DSC analysis was performed in which the specimens were heated to 1400ºC at the 

rate of 2.5ºC/min. As presented in Figure 4.2, the following transformation temperatures are 

obtained: liquidus temperature, TL=1384°C, solidus temperature, TS=1306°C, and γ′ solvus 

temperature, Tγ′ =1072°C, which are in good agreement with previous studies on CoWAlloy1 

[10][11]. The TS and TL temperatures in Figure 4.2 are used to calculate the solidification 

temperature of the alloy. Furthermore, the DSC results show an exothermic peak at a temperature 

of 1203°C (Figure 4.2) which could be related to the γ-γ′ eutectic temperature (T(γ-γ′)e=1203°C). 

 

4.2.3 Heat Source Verification 

To validate the model, a comparison was carried out between the experimental and simulation 

results of the weld pool geometry. Here, the volumetric moving heat source parameters (listed in 

Section 3.2.2) were adjusted to obtain a similar geometry as that of an actual molten pool.  The re, 

ri, and ze-zi were calculated to be 2.41, 1.23, and 1.13 mm, respectively. Figure 4.3 shows that 

there is a good agreement between the experimental and modeled results of the weld pool 

geometry. Furthermore, the modeled mushy region and fusion boundary are similar to those of the 

actual experiment. The optical microscope image shows that a mushy region is formed at the solid-

liquid interface (1306ºC-1384ºC) which has a coarse dendritic structure. Bonifaz and Richards 

[68] reported similar observations during the GTAW of IN738.   
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Figure 4.1. JMatPro predicted temperature dependence properties of CoWAlloy1: a. Thermal 

conductivity, b. Specific heat, and c. Density  
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Figure 4.2 DSC curve for CoWAlloy1 at a heating rate of 2.5°C/min. 
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Figure 4.3 Comparison between experimental and modeled results of molten pool geometry 
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4.2.4 Thermal Model Output  

Figure 4.4 shows the results of the numerical model simulation, including the weld pool geometry 

and G at the weld pool/fusion boundary interface. The thermal cycle history was evaluated at three 

different fusion boundary points (red/white color interface region), which are labeled as A, B, and 

C in Figure 4.4. The molten pool profile and thermal cycle at three different points, including along 

the centerline of the molten pool, depth of the penetration, and fusion boundary for three different 

welding speeds, are shown in Figure 4.5. It can be observed in the figure that at a constant arc 

power, the molten pool geometry increases in depth of penetration and width and becomes more 

elliptical in shape as the welding speed is reduced from 100 mm/min to 50 mm/min. Similarly, Liu 

and Zhang [122] reported that at a constant GTAW arc voltage, the molten pool width and length 

increase as the welding speed is reduced, which is attributed to an increase in total heat input. 

Furthermore, Sudhakaran et al. [123] showed that at a constant GTAW arc voltage, reducing the 

welding speed leads to an increase in depth of penetration, which is due to an increase in the total 

heat input. This phenomenon accounts for the change in heat input as a result of the various 

welding speeds. Furthermore, Figure 4.5 also shows that an increase in the welding speed leads to 

a reduction in the peak temperature at the centerline of the molten pool, which is also attributed to 

low heat input.  Moosavy et al. [124] stated that the mushy area is one of the factors that can be 

examined to determine the susceptibility of a weld to hot cracking during GTAW. They also 

reported that there is a direct relationship between the mushy zone thickness and hot cracking, in 

which an increased thickness of the mushy zone results in increased hot cracking [124]. In this 

study, a decrease in the welding speed increases the mushy zone thickness, which then increases 

the susceptibility of the weld to cracking. Coniglio and Cross [125] reported that increasing the 

welding speed reduces the mushy zone thickness, which consequently inhibits the formation of 

hot cracks.  
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Figure 4.4 Molten pool boundaries and solidification temperature range for Weld 1 
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Figure 4.5 Thermal cycle and molten pool geometry at different welding speeds: a. 50 mm/min, 

b. 70 mm/min, and c. 100 mm/min  
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Figure. 4.6 shows the thermal history from the centerline to the fusion boundary at different points 

around the molten pool. The figure clearly shows that the peak temperature at the centerline of the 

molten pool is the highest and gradually reduces with distance to the fusion boundary. This trend 

is more obvious at lower welding speeds. 

Figure. 4.7 shows the cooling rate variations in the molten pool for different welding speeds. The 

cooling rate is gradually reduced from the centerline to the fusion boundary. Furthermore, 

increasing the welding speed, which reduces the heat input, significantly accelerates the cooling 

rate in the molten pool. Li et al. [126] support these findings. The cooling rate variations at Points 

A, B, and C at various welding speeds are shown in Figure. 4.8. It can be seen that increasing the 

welding speed results in an increase in the cooling rate at Points A, B, and C. However, this 

increase is more significant at Point C. 

Many studies [76][127] have reported a relationship between cooling rate and dendrite arm 

spacing. For example, Geng et al. [15] found that the SDAS decreases with an increase in the 

cooling rate in the FZ. In this study, the SDAS is determined by using Equation 3-9, and the result 

is shown in Figure 4.9. It can be observed in the figure that the SDAS is increased from the 

centerline to the fusion boundary, which is attributable to a reduction in the cooling rate. 

Furthermore, increasing the welding speed results in the formation of a finer dendritic structure. 

Figure 4.9 also suggests that the variation in SDAS is more significant at lower welding speeds 

than at higher welding speeds. Figure 4.10 shows the SDAS at Points A, B, and C. It can be 

observed that the SDAS at Point C is the smallest compared to Points A and B, which is attributed 

to the higher cooling rate at Point C.  
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Figure 4.6 Thermal cycle history from centerline to fusion boundary at various welding speeds:   

a. 50 mm/min, b. 70 mm/min, and c. 100 mm/min  

a b 

c 
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Figure 4.7 Predicted cooling rates as a function of normalized distance around the weld pool at 

various welding speeds  

 

 

Figure 4.8 Predicted cooling rates as a function of welding speed at Points A, B, and C 
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Figure 4.9 Predicted SDAS as a function of normalized distance around the weld pool at various 

welding speeds 

 

 

Figure 4.10 Predicted SDAS as a function of welding speed at Points A, B, and C 
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Figure 4.11 shows the deviation of G and R around the molten pool for various welding speeds. It 

is obvious that the R changes from the minimum value at the fusion boundary to the welding speed 

at the centerline of the weld surface for all welding speeds, see Figure 4.11a. Furthermore, 

increasing the welding speed increases the R around the weld pool. This increase is significant at 

the centerline. Wei et al. [128] studied the thermal modeling of the GTAW of aluminum alloys 

and reported that R increases from the fusion boundary to the centerline. Furthermore, the authors 

concluded that R increases with increasing welding speed [128]. Figure 4.11b shows that G 

gradually increases from the centerline to the fusion boundary and this increase is more 

considerable at the fusion boundary. Furthermore, increasing the welding speed increases the G 

around the weld pool. Similarly, Geng et al. [15] examined the solidification behavior of aluminum 

alloy to show that G is dramatically reduced from the fusion boundary to the centerline.  

Kou [60] reported that the FZ solidification mode can be determined by evaluating the G/R ratio. 

The G/R ratio was therefore plotted for different points around the molten pool at various welding 

speeds, which is shown in Figure 4.11c. It can be observed from the figure that the G/R ratio is 

small at the centerline and shows no significant changes for all of the welding speeds from the 

centerline to the edge of the fusion boundary. At the edge of the fusion boundary, the G/R ratio is 

considerably increased for all welding speeds, and this increase is more profound for the lowest 

welding speed of 50 mm/min. Furthermore, at the edge of the fusion boundary, increasing the 

welding speed results in decreasing the G/R ratio. Wei et al. [128] and Ahn et al. [129] reported 

similar findings.  

 

 

 



105 
 

 

 

 

  

 

 

Figure 4.11 Variations of the solidification parameters around the weld pool for various welding 

cases: a. Solidification rate R, b. Temperature gradient G, and c. G/R ratio. 
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Gäumann et al. [115] developed a numerical model to describe the solidification morphology of 

CMSX-4 superalloy as a function of G and R. Their modeling showed that a higher G and lower 

R lead to the formation of a columnar structure. The impact of the welding speed on the dendritic 

structure in this study is shown in Figure 4.12. The microstructure is predicted to change from a 

mixed columnar-equiaxed structure at the centerline to a fully columnar structure at the fusion 

boundary for three welding speeds, as observed in Figure 4.12.  Gäumann et al. [115] reported that 

near the weld centerline (low G), equiaxed dendrites nucleate and grow, which inhibit the growth 

of the columnar dendrites. Furthermore, with an increase in the welding speed, the volume fraction 

of the fully columnar structure is reduced, and vice versa.  This reduction is the most considerable 

at the highest welding speed (100 mm/min). The predicted changes to the dendritic structure along 

the molten pool were experimentally validated at a welding speed of 50 mm/min.  

The optical microstructure of the FZ is shown in Figure 4.13, and the magnified areas of the SDAS 

(1-4 in Figure 4.13) are shown in Figure 4.14. It can be observed that the dendritic structure at the 

centerline is mixed columnar-equiaxed and fully columnar close to the fusion boundary, which are 

in agreement with the numerically modeled result shown in Figure 4.12. The SDAS as a function 

of the normalized distance around the weld pool for both the experimental and modeling results is 

shown in Figure 4.15. It can be seen that both results exhibit a decrease in the SDAS from the 

fusion boundary to the weld centreline. Although there is a deviation between the experimental 

measurement and the numerical model prediction, their trends are in good agreement. Kou [60] 

reported that a coarse columnar structure is highly susceptible to cracking. Therefore, a higher 

welding speed, which results in a less columnar structure, can be used to reduce the susceptibility 

of the FZ to cracking.  
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Figure 4.12 Differences in dendritic structure as a function of solidification variables at different 

welding speeds  
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Figure 4.13 Optical microscopy image of dendritic microstructure of the FZ at welding speed of 

50 mm/min 

 

 

Figure 4.14 Optical microstructures with variations (1-4) in SDAS and dendritic structure within 

FZ at welding speed of 50 mm/min  
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Figure 4.15 Comparison of experimental and modeled results for SDAS at welding speed of           

50 mm/min 
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Figure 4.16, which is plotted based on Figure 4.11 and the CET criteria in Kurz et al. [67], shows 

the variations in the calculated CET parameter, G3.4/R, around the weld pool at various welding 

speeds. It can be observed that G3.4/R is considerably reduced from a magnitude order of 1026 at 

the fusion boundary to 1022 at the centerline. This reduction suggests that there has been a columnar 

to equiaxed grain structure transition. The critical value (G3.4/R) for a fully equiaxed grain structure 

is shown in Figure 4.16. According to the CET criteria in Kurz et al. [67], the area where G3.4/R is 

smaller than the critical value is predicted to be a fully equiaxed region. Therefore, from the 

centerline to the edge of the fusion boundary, a fully equiaxed grain structure is predicted for all 

three welding speeds. Similarly, Villaret et al. [130] reported that the largest volume fraction of 

equiaxed grains is found at the centerline, which is reduced towards the fusion boundary. 

Furthermore, Figure 4.16 also shows that as the welding speed increases, the fully equiaxed region 

is slightly increased.  This is supported by the findings of Wei et al. [128] who found that increasing 

the welding speed promotes the formation of equiaxed grains within the FZ. These thus suggest 

that an increase in the welding speed could be beneficial to produce an equiaxed grain 

microstructure that may resist FZ cracking. 
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Figure 4.16 Variations of G3.4/R as a function of normalized distance around the weld pool at 

different welding speeds 
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4.3 Microstructure of As-Received CoWAlloy1  

The optical and SEM micrographs of the as-received material are shown in Figure 4.17. Using the 

intercept method, the average grain size is measured to be approximately 1600 µm; see Figure 

4.17a. Furthermore, CoWAlloy1 in the as-received condition exhibits an average hardness of       

442 Hv. The SEM analysis shown in Figure 4.17b reveals the monomodal γ′ particle size 

distribution (PSD) with a particle size that ranges from 0.15 to 0.30 µm and an area fraction of 

51%. In addition, the microstructure shows some blocky particles distributed randomly and along 

the grain boundaries that range from 2 to 6 µm in size. From the SEM-EDS analysis, these blocky 

particles were found to be rich in Ta, Hf, and Ti, which are MC-type carbide-forming elements. 

To positively identify the phases present in CoWAlloy1 in the as-received condition, a TEM 

analysis was conducted. Figure 4.18a shows a TEM bright-field image of CoWAlloy1 in the          

as-received condition with cuboidal γ′ precipitates. An analysis of the SADP taken from the [100] 

zone axis (Figure 4.18b) reveals superlattice reflections of the γ′ phase which confirms the 

presence of γ′ precipitates in the as-received condition. 

Figure 4.19a shows a TEM bright-field image of the blocky phase in CoWAlloy1 in the as-received 

condition. A TEM-EDS analysis on this blocky particle shown in Figure 4.19b indicates that this 

particle is rich in Ta, Ti, and Hf. An analysis of the SADPs acquired from various zone axes (Figure 

4.20) confirms that the phase is based on MC-type carbides with an FCC crystal structure and a 

lattice parameter of 4.32 Å. The presence of MC-type carbides has not been previously confirmed 

in CoWAlloy1. 
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Figure 4.17 Microstructure of CoWAlloy1 in as received condition: a. Optical micrograph of grain 

structure, and b. SEM micrograph of monomodal γ′ PSD and presence of blocky particles. 
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Figure 4.18 TEM analysis on CoWAlloy1 in as-received condition: a. Bright-field TEM image 

that shows cuboidal γ′ precipitates, and b. SADP taken from [100] zone axis that shows the 

superlattice reflections of γ′ phase in CoWAlloy1 

a 

b 
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Figure 4.19 TEM examination of blocky particle in CoWAlloy1 in as-received condition: a. TEM 

bright-field image, and b. TEM-EDS analysis on blocky particle  

Al
Hf

W

Ti

Ti

Ti

Hf

Ta

Ta

HfNi

Ni

Co
Co

Cr
Cr

Ti

Ti

Zr

Zr
Ta

C

a 

b 



116 
 

 

 

 

    

 

Figure 4.20 TEM analysis of CoWAlloy1 in as-received condition, SADPs that show reflections 

of MC-type carbide phase taken from a. [013], b. [110], and c. [112] zone axes. 
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4.4 Microstructure of CoWAlloy1 in Standard Heat-Treated Condition  

Figure 4.21 shows the microstructure of the CoWAlloy1 subjected to the recommended STH for 

the alloy. As can be seen in Figure 4.21a, the SHT does not considerably affect the grain structure 

and size. However, the SHT results in an increase in the alloy hardness from 442 Hv to 509 Hv. 

Figure 4.21b shows the detailed microstructure of the STHed CoWAlloy1 which consists of a 

bimodal γ′ PSD with primary γ′ precipitates that range from 0.2 to 0.4 µm in size and secondary γ′ 

precipitates that range from 50 to 90 nm in size. In addition, Figure 4.21b reveals the presence of 

some blocky and irregularly shaped particles in the SHTed CoWAlloy1. An SEM-EDS analysis 

of these particles suggests that they are rich in Ta, Hf, and Ti, which are MC-type carbide-forming 

elements. To positively identify the phases present in the SHTed condition, a TEM analysis was 

subsequently performed. Figure 4.22 shows a TEM bright-field image of the SHTed CoWAlloy1 

which confirms the presence of γ′ precipitates identified by the SADP taken from [111] zone axis.  

The TEM bright-field image of the blocky phase in the SHTed CoWAlloy1 is shown in Figure 

4.23a. A TEM-EDS analysis of this blocky particle shown in Figure 4.23b indicates that this 

particle is rich in Ta, Hf, and Ti. An analysis of the SADPs acquired from various zone axes  

(Figure 4.24) confirms that the phase is based on MC-type carbides with an FCC crystal structure 

and a lattice parameter of 4.32 Å. 
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Figure 4.21 Microstructure of SHTed CoWAlloy1: a. Optical micrograph of grain structure, and 

b. SEM micrograph of bimodal γ′ PSD and presence of blocky particles. 
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Figure 4.22 TEM analysis of SHTed CoWAlloy1: a. Bright-field TEM image of cuboidal and 

triangular γ′ precipitates, and b. SADP taken from [111] zone axis that shows presence of 

superlattice reflections of γ′ phase in SHTed CoWAlloy1. 
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Figure 4.23 TEM examination of blocky particle in SHTed CoWAlloy1: a. TEM bright-field 

image, and b. TEM-EDS analysis of blocky particle  
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Figure 4.24 TEM analysis of SHTed CoWAlloy1, SADPs that show reflections of MC-type 

carbide phase taken from a. [110], b. [013], and c. [001] zone axes. 
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4.5 General Microstructure of the Arc Weld Region 

Figure 4.25 shows the general microstructure of the autogenous BOP arc welded region in 

CoWAlloy1 in as-received condition by using the welding parameters listed in Table 3-3. It is 

worth mentioning that based on the developed model (Figure 4.16), all three sets of welding 

parameters result in an equiaxed grain structure in most of the FZ. Therefore, the lowest welding 

speed of 50 mm/min was considered for further investigation on the weldability of CoWAlloy1 

due to the highest depth of penetration compared to the other sets of welding parameters. Although 

the formation of cracks can be detected in the HAZ in Figure 4.25, cracks are not observed in the 

FZ of all the examined welded samples, regardless of the pre-weld heat treatment condition. 

Detailed analyses of the FZ and HAZ are presented and discussed in the following sections. 

 

4.5.1 Fusion Zone Microstructure 

4.5.1.1 Optical Micrograph and EPMA Analysis of FZ  

Figure 4.26 shows the optical micrograph of FZ of the sample welded in the as-received condition 

with a cellular-dendritic microstructure. The SDAS ranges from 6 to 10.4 µm, and the average 

value is calculated to be 8.2 µm. Equation 3-9 is used to evaluate the cooling rate from the 

calculated SDAS. Osoba et al. [86] reported that the degree of solid-state diffusion throughout the 

solidification process is mainly governed by the cooling rate. The cooling rate in the FZ is 

calculated to be around 414°C/s. The average chemical composition of 20 points in the center of 

the dendrite cores near the FZ boundaries was evaluated by using an EPMA and the values are 

summarized in Table 4-1. From the data, the partition coefficient of the solute elements, which 

represents the degree and direction of microsegregation throughout the solidification process, was 

calculated by simplifying the solute redistribution model developed by Bower et al. [131]. 
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Figure 4.25 Optical micrograph of weld FZ and HAZ that show crack occurrence in HAZ:  a. Low 

magnification, and b. High magnification 
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In this study, a rapid cooling rate is assumed to significantly limit the degree of solute back-

diffusion. Another implicit assumption is that throughout the solidification process, the solute 

elements are not significantly diffused throughout the solid. Therefore, by neglecting undercooling 

at the dendrite edges, the solute redistribution at the beginning of solidification can be described 

reasonably well by using: 

 
0C

C
k s  (4-1) 

where 𝐶𝑠 and 𝐶0 are the element compositions in the dendrite core and nominal composition, 

respectively, and k denotes the equilibrium partition coefficient. Table 4-1 provides the initial 

partition coefficients of the alloying elements at the beginning of the solidification process. The 

result shows that Co and Ni have K values near unity, thus indicating that these elements segregate 

fairly uniformly between the dendrite core and interdendritic regions. In contrast, W and Cr have 

a K > 1, which shows that they segregate to the dendrite regions, while Al, Ta, Ti, Hf, Si, and Zr 

have a K < 1, which shows that they partition to the interdendritic region. The observed 

microsegregation behavior of the elements is in good agreement with the findings of previous 

research work on Co-based superalloys [132][133][134][135][136][8]. The partition coefficients 

of B and C could not be evaluated due to difficulties in obtaining accurate quantifications for these 

two light elements, and the impact of their back-diffusion can be substantial throughout the 

solidification process. Liu et al. [21] showed that the partition coefficient of C in Co-Al-W based 

superalloys is less than unity and segregates into the interdendritic liquid during solidification. 

Similarly, Sun et al. [137] showed that the partition coefficient of B in a Co-based superalloy, 

DZ40M, is less than unity, and partitions to the interdendritic regions. Therefore, in the current 

work, it is reasonable to infer that during the weld solidification of CoWAlloy1, both B and C 
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mainly segregate to the interdendritic regions. Ojo et al. [80] also reported that even though the 

partition coefficients are not necessarily constant throughout the solidification process, they can 

be well adapted to explain the formation of interdendritic micro-constituents.   

 

4.5.1.2 Secondary Solidification Microconstituents in the FZ 

Figure 4.27 shows an SEM image of a typical FZ microstructure. It can be seen that the 

interdendritic areas contain isolated second-phase particles that have blocky and rod-like 

morphologies (Particles A) and micro-constituents with a crown-like morphology (Micro-

constituents B). An initial EDS analysis of Particles A by using SEM indicated that the particles 

are rich in MC-type carbide-forming elements such as Ta, Hf, and Ti. The SEM did not reveal the 

presence of γ′ precipitates in the FZ. In order to positively identify the interdendritic particles, 

Particles A and Micro-constituents B, TEM analyses were performed. Figure 4.28 shows the 

bright-field TEM image of a Particle A. The TEM-EDS microanalysis results on Particle A listed 

in Table 4-2 reveal that this particle is rich in the MC-type carbide forming elements of Ta, Ti, and 

Hf. An analysis of the SADP obtained from various zone axes (Figures 4.28b, 4.28c, and 4.28d) 

indicates that the phase is an MC-type carbide with an FCC crystal structure and lattice parameter 

of 4.32 Å. In addition to the MC-type carbides, the TEM analysis shows that Micro-constituents 

B are γ–γ′ eutectics, as confirmed through the SADP obtained from the [112] zone axis (insert of 

Figure 4.29). Furthermore, aside from the γ–γ′ eutectics, γ′ precipitates are also observed through 

dark field TEM imaging (Figure 4.29) to have formed within the FZ. However, the size of the γ′ 

precipitates varies with location, such that regions close to the γ-γ′ eutectics are observed to have 

coarser γ′ precipitates compared to regions further away from the eutectics (Figure 4.29). 
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Figure 4.26 Optical micrograph of FZ 

  

 

Table 4-1 Chemical composition (Wt. %) of dendrite core and calculated partition coefficient (K) 

Element Co Ni Cr Al W Ti Ta Si Hf Zr 

Dendritic Core 

(Wt. %) 41.72 29.56 11.18 2.34 9.71 1.44 3.43 0.012 0.057 0.006 

K=Cs/Co 1.02 0.97 1.09 0.88 1.08 0.74 0.77 0.68 0.19 0.42 
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Figure 4.27 SEM micrograph of FZ 
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Figure 4.28. TEM examination of Particle A: a. Bright-field TEM image of blocky-shaped particle 

and SADP of Particle A from zone axes of b. [101], c. [215], and d. [112] 

 

 

Table 4-2 Semi-quantitative TEM/EDS microanalyses of Particle A  

Element Co Ni Cr W Ti Ta Hf Zr 

 (Wt. %) 2.10 1.51 1.14 4.93 20.77 53.05 14.97 1.47 
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Figure 4.29 TEM analysis of FZ of welded CoWAlloy1: a. Dark-field TEM image that shows 

presence of γ–γ′ eutectics and γ′ precipitates with non-uniform distribution in the interdendritic 

region, and b. SADP obtained from the [112] zone axis  

b 
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4.5.1.3 Discussion on Microstructural Development in the Weld FZ 

The microstructural changes in the FZ are generally governed by two solidification processes: 

dendrite formation and solute distribution. JMatPro (7.0.0 version), a thermodynamics-based 

software, was used to study the solidification behavior in CoWAlloy1. The solidification reaction 

products were determined based on the Scheil-Gulliver solidification model. This model assumes 

no diffusion in the solid phase and infinite diffusion in the liquid phase (complete mixing in the 

liquid) during solidification [138][141]. Several studies have reported that the Scheil-Gulliver 

solidification model can accurately predict the solidification behavior of superalloys 

[138][139][140][141]. Figure 4.30 shows the schematic of the solidification reaction product 

sequence in CoWAlloy1. The solidification process is initiated with the formation of γ dendrites 

as the primary solid to form from liquid through the L1 → γ + L2 reaction (Figure 4.30b). As the γ 

dendrites gradually form and grow, elements with a partition coefficient less than unity are 

increased in the interdendritic liquid. As the solute rejection of the interdendritic liquid continues 

during cooling, the solubility limit of the γ dendrites will be exceeded. Thus, secondary 

solidification constituents form in the interdendritic region. In CoWAlloy1, the carbide-forming 

elements such as Ti, Ta, Hf, and C, show considerable segregation to the interdendritic region. 

Also, these elements show limited solubility in Co, which results in the formation of MC-type 

carbides within the interdendritic region through a L2 → γ + MC + L3 reaction over a range of 

temperatures (Figure 4.30c). As cooling continues, the supersaturation of the residual 

interdendritic liquid with γ′ forming elements such as Al, Ti, and Ta would occur and eventually 

lead to the formation of γ–γ′ eutectics through a L3 → γ + γ′ eutectic-type reaction over a range of 

temperatures (Figure 4.30). Zhou et al. [134] examined the solidification path of novel γ/γ′ in Co-

based superalloys and reported that γ-γ′ eutectics form at the terminal stage of solidification.  
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Further cooling to a temperature that is adequately lower than the γ′ solvus temperature of 1070ºC 

[10] would cause the formation of γ′ precipitates to commence. The segregation of γ′ forming 

elements during solidification can lead to the formation of γ′ precipitates in the interdendritic 

regions at higher temperatures. More Al and Ti in the interdendritic region are known to increase 

the γ′ solvus temperature [142][143]. Therefore, as more time is available for the γ′ precipitates to 

grow in the interdendritic region, this can lead to the formation of coarser γ′ precipitates in the 

interdendritic regions, as observed in the present work. The non-uniform distribution of γ′ particles 

can, however, deteriorate the high-temperature properties and is one of the main reasons that 

necessitate the use of PWHT of superalloy weldments. 
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Figure 4.30 Schematic of the solidification reaction product sequence in CoWAlloy1 that shows 

formation of: a. Liquid (L1), b. γ dendrite through L1 → γ + L2 reaction, c. MC-type carbide through 

L2 → γ + MC + L3 reaction, and d. γ–γ′ Eutectic through L3 → γ + γ′ eutectic-type reaction. 
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4.5.2 HAZ Microstructure of Welded CoWAlloy1 in As-Received Condition  

Although cracks were not observed in the FZ of all of the examined welded samples, microcracks 

were still observed in their HAZ regardless of the pre-weld heat treatment. It can be seen from 

Figure 4.25 that the HAZ cracks are intergranular with an irregular morphology which has been 

identified as the typical morphology of liquation cracks in superalloys [12]. An SEM examination 

of the crack region at higher magnification (Figure 4.31) reveals the presence of intergranular 

resolidified eutectic-like constituents along the crack paths. This observation suggests that the 

HAZ cracking occurred due to both the liquid film formation along the grain boundaries and the 

effect of the tensile stress produced during weld cooling. Generally, the liquid film in HAZ can 

form through either a non-equilibrium phase transformation below the alloy solidus temperature 

(subsolidus) or melting above the solidus temperature (supersolidus). The latter is anticipated to 

occur in all weldments due to heating above the equilibrium solidus temperature of an alloy [87]. 

The formation of subsolidus liquation is more damaging in terms of HAZ cracking because it 

increases the melting range of an alloy and affects the characteristics of supersolidus melting by 

forming a non-equilibrium liquid film at lower temperatures [88]. The most widely accepted 

mechanism to explain for the subsolidus grain boundary liquation is grain boundary penetration, 

in which the liquation of particles such as carbides, sulfide, boride, etc., forms a liquid film that 

penetrates and spreads along the grain boundaries [144].  

 

4.5.2.1 Liquation of MC Carbides 

The SEM-EDS line scan analysis results of the liquated film shown in Figure 4.31a are presented 

in Figure 4.31b. The liquated film is rich in Ta, Hf, and Ti which are MC-type carbide-forming 

elements. Furthermore, the SEM-EDS point scan of the bright particles adjacent to the crack path 
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shown in Figure 4.32 suggests that these particles are rich in MC-type carbide forming elements. 

An SEM investigation at a higher magnification (insert of Figure 4.32) reveals that the cracks are 

prone to propagate along the interfaces between the MC-type carbide and the matrix. Therefore, 

subsolidus liquation of intergranular MC-type carbides found in the pre-weld CoWalloy1 could 

have contributed to the intergranular liquation cracking in the HAZ. The contribution of MC-type 

carbide liquation to HAZ cracking in superalloys has been reported in several Ni-based superalloys 

such as IN738 [89], IN738LC [145], IN718plus [127], Rene80 [18], and Waspaloy [146]. 

However, there have been few studies on the causes of HAZ cracking in γ′-strengthened Co-based 

superalloys. The only study is Liu et al. [21] who examined the weldability of γ′-strengthened Co-

based superalloys to show that the liquation of M6C-type carbides that precipitate at the grain 

boundaries contributes to the liquation cracking of the HAZ.  

 

4.5.2.2 Constitutional Liquation of γ′ Precipitates 

In addition to the liquation of MC-type carbides in the HAZ, evidence of liquating γ′ precipitates 

along the HAZ cracks is observed in this alloy (Figure 4.33a). The SEM analysis (Figure 4.33b) 

reveals the formation of resolidification products mostly on one side of the crack with a eutectic 

morphology (γ–γ′). Ojo et al. [87]  reported that a rapid welding thermal cycle can cause the 

dissolution behavior of γ′ precipitates to deviate from equilibrium. Consequently, the existence of 

γ′ precipitates above the equilibrium solvus temperature of γ′ and until the temperature at which  

γ-γ′ eutectic reaction occurs, could lead to the constitutional liquation of γ′ precipitates and 

subsequent penetration of the liquid along the grain boundaries [87]. Based on the DSC analysis 

provided in Section 4.2.2 (Figure 4.2), it can be concluded that the transformation temperature of 

the γ-γ′ eutectics in CoWAlloy1 could occur at around 1203°C, which is considerably higher than 
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the solvus temperature of γ′ (1072°C) and lower than the solidus temperature (1306°C). These 

suggest the possible contribution of the sub-solidus liquation of γ′ to HAZ cracking in the 

CoWAlloy1 which was first introduced in Ojo et al. [87], and subsequently reported in several     

Ni-based superalloys [18][88][147][148]. 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



136 
 

 

 

 

Figure 4.31 SEM analysis of crack region: a. Resolidified products along the crack path, and      

b. SEM-EDS analysis of liquated film in HAZ 
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Figure 4.32 SEM micrograph that shows presence of MC-type carbides along crack path  
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Figure 4.33 SEM micrograph of HAZ cracks that show: a. Liquated γ′ particles along the crack 

path, and b. Presence of resolidified γ-γ′ eutectic constituent along the crack 
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4.6 Enhanced Resistance to HAZ Cracking in CoWAlloy1 - Pre-Weld Thermal Process 

Chaturvedi et al. [149] reported that HAZ cracking in superalloys can be minimized or eliminated 

through microstructural modifications with a pre-weld heat treatment. As explained in Section 

4.5.2.2, γ′ liquation could contribute to HAZ cracking in CoWAlloy1. Furthermore, γ′ is the 

primary strengthening phase with a high volume fraction (51%) in the as-received condition. Cao 

et al. [150] reported that to reduce the HAZ cracking during welding, generally, γ′ precipitation-

hardened superalloys need to use a pre-weld heat treatment that produces the dissolution of γ′ 

precipitates. Therefore, in this work, the pre-weld heat treatment temperatures that produce partial 

or full dissolution of γ′ precipitates are selected. Pre-weld heat treatment at 1170°C produces the 

complete dissolution of primary γ′ and at temperatures of 970, 1010, and 1070°C results in partial 

dissolution of the primary γ′. Figure 4.34 shows a comparison between the average TCL in the 

HAZ of the pre-weld heat-treated samples at various temperatures and cooling conditions. It 

should be noted that after these heat treatments, the average grain size of the samples remains 

unchanged (1600 µm). The average TCL values in the AC samples are found to be higher than 

those of water-quenched (WQ) at 4 different temperatures, i.e., 870, 970, 1070, and 1170ºC. 

However, heat treatment at 1010ºC shows a similar cracking susceptibility of the HAZ for both 

AC and WQ conditions. In addition, for both cooling conditions, increasing the heat treatment 

temperature from 870ºC to 1010ºC leads to a decrease in TCL. However, as the heat treatment 

temperature increases from 1010ºC to 1170ºC, the cracking susceptibility of the HAZ increases 

significantly. This behavior indicates that the TCL values of the HAZ follow a U-shape trend with 

an increase in heat-treatment temperature. It has been reported that HAZ cracking during welding 

superalloys is affected by both mechanical and microstructural characteristics [17]. In the 
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following sections, the effect of these factors on the cracking susceptibility of the HAZ of 

CoWAlloy1 is discussed.  

 

4.6.1 Effect of Hardness on Cracking Susceptibility of HAZ 

Pre-weld hardness is one of the factors that influence the cracking susceptibility of the HAZ during 

the welding of superalloys [151]. Generally, liquation cracking in the HAZ results from both the 

welding tensile stress as the mechanical driving force and embrittlement of grain boundaries 

caused by intergranular liquation as the metallurgical factor. The welding tensile stresses in             

γ′-strengthened superalloys arise due to thermo-mechanical stresses generated during cooling and 

shrinkage stresses as a result of rapid precipitation during cooling [144]. Osobo et al. [18] reported 

that the base alloy is capable of relaxing some of the stresses that are generated during welding. 

This behavior is related to the pre-weld material hardness that can considerably affect the welding 

stress magnitude in the HAZ. Therefore, a pre-weld condition with a lower degree of hardness can 

significantly reduce stress which is expected to enhance resistance to cracking in the HAZ.  

Figure 4.35 illustrates the hardness variations of the pre-weld heat-treated samples with the same 

average grain size for both the WQ and AC conditions. As the pre-weld heat treatment temperature 

increases, the hardness value of the WQ samples gradually decreases which is due to the 

dissolution of the γ′ precipitates. On the other hand, the hardness values of the AC samples are 

almost the same when they are heat-treated at temperatures that range from 870°C to 1070°C, 

followed by a decrease as the temperature is increased to 1170°C. In addition, at temperatures that 

exceed 870°C, the WQ samples show considerably less hardness than the AC samples at the same 

heat treatment temperatures, which is due to the higher volume fraction of γ′ precipitates formed 
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during air cooling. In this work, an increase in the hardness is not accompanied by increased 

cracking susceptibility of the HAZ which contradicts common expectations. As an example, 

although the pre-weld heat treatment of 1170°C of the WQ sample produces the lowest hardness 

values among all the samples, it is second in the highest cracking susceptibility of the HAZ. 

Furthermore, there is a considerable difference between the hardness values for samples heat-

treated at 1010ºC with the different cooling methods. However, the cracking susceptibility of the 

HAZ is comparable in these two samples. Therefore, in the CoWAloy1 samples which have the 

same pre-weld grain size, it is found that the hardness of the pre-weld alloy does not impact the 

cracking susceptibility of the HAZ during welding. This unusual behavior in CoWAlloy1 is 

discussed in Section 4.9.  
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Figure 4.34 Cracking susceptibility of the HAZ of CoWAlloy1 at different pre-weld heat treatment 

temperatures 
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Figure 4.35 Variations in hardness of CoWAlloy1 with different pre-weld heat treatment 

temperatures and cooling conditions. 
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4.6.2 Effect of Grain Boundary Segregation on Cracking Susceptibility of HAZ  

Another key factor that has been reported to affect the cracking susceptibility of the HAZ in 

superalloys, aside from hardness, is the grain boundary segregation of minor elements such as B 

[12], which can occur both before and during the welding process. The B total segregation as a 

function of temperature illustrated in Figure 2.16 shows a similar trend as the current work as 

shown in Figure 4.34 which is a U-shape relationship between the TCL in the HAZ and pre-weld 

heat treatment for both the AC and WQ conditions. This suggests that the grain boundary 

segregation of B controls the susceptibility of cracking in the HAZ of CoWAlloy1. Therefore, an 

increase in temperature from 870°C to 1010°C causes a shorter TCL in the HAZ possibly due to 

equilibrium grain boundary segregation. However, from 1010°C to 1170°C, the TCL increases 

which could be due to non-equilibrium grain boundary segregation. Furthermore, for the same 

temperatures as the cooling rate increases from AC to WQ, the TCL increases for all temperatures 

which is attributable to an increase in grain boundary elemental segregation. In addition, as the 

temperature increases, the contribution of non-equilibrium segregation is expected to increase, 

which can explain for the large difference in the TCL between the AC and WQ conditions at 

1170°C. The results presented in Figure 4.34 show that the cracking susceptibility of the HAZ of 

CoWAlloy1 appears to be minimum at 1010°C which may be due to a balance between equilibrium 

and non-equilibrium grain boundary segregation. 

To validate the dependency of the cracking susceptibility of the HAZ on the grain boundary 

segregation of B, a ToF-SIMS analysis was conducted on samples subjected to heat treatments at 

1010°C and 1170°C and then subsequently AC. These two pre-weld heat treatments result in the 

shortest and longest TCL in the HAZ, respectively (Figure 4.34). The samples were marked with 

a nano-indenter to identify the grain boundary locations, and a ToF-SIMS line scan was performed 



145 
 

from one indentation mark to another. As shown in Figure 4.36, the B intensity at the grain 

boundaries in the 1170oC AC sample is marginally higher than that in the 1010oC AC sample. This 

indicates a larger degree of grain boundary segregation of B when the sample is heat treated at 

1170oC and then AC as opposed to 1010oC and then AC. This result coupled with the analysis of 

the TCL in the HAZ (Figure 4.34) confirms that the grain boundary segregation of B controls the 

cracking susceptibility of the HAZ in CoWAlloy1.  

Ojo [17] reported that elemental grain boundary segregation contributes to the susceptibility of 

superalloys to HAZ liquation cracking. This process consists of the segregation of minor elements 

such as B at the grain boundaries which results in a localized composition with a lower melting 

point at the grain boundaries. During the welding process, preferential melting occurs along these 

boundaries above a critical temperature, which renders them susceptible to the formation of HAZ 

liquation cracking. Grain boundary elemental segregation increases the solidification temperature 

range as a result of the low partitioning coefficient of B in superalloys, therefore, a larger volume 

of liquid persists to lower temperatures which may reduce resistance to HAZ cracking [20][152]. 

Furthermore, grain boundary segregation of minor elements such as B has been reported to 

increase the wettability of the liquid formed on the grain boundaries by reducing the solid-liquid 

interfacial energy. This increase in wettability facilitates the spread of the liquid film along the 

grain boundaries [87] which makes the grain boundaries prone to cracking.  
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Figure 4.36 ToF-SIMS line scan profile of B intensity at grain boundaries of 1170°C AC and 

1010°C AC samples 
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4.6.3 Effect of Grain Size on Cracking Susceptibility of HAZ  

Another factor that affects the cracking susceptibility of the HAZ independent of second phases or 

composition, is the grain size [153]. To investigate the influence of grain size on the cracking 

resistance of the HAZ in CoWAlloy1, grain refinement was performed by using a cold rolling 

process and subsequent annealing heat treatment. Consequently, samples with an initial average 

grain size of 60 µm were obtained and subjected to three pre-weld heat treatments at temperatures 

of 870°C, 1010°C, and 1170°C and then AC, which produced a medium, the shortest, and longest 

TCL in the HAZ respectively, in the samples with a large grain size of 1600 µm (Figure 4.34). 

Figure 4.37 shows an optical micrograph of a weld region in the 1010°C AC sample with refined 

grains, which exhibits HAZ cracking. Figure 4.38 shows the TCL of the HAZ as a function of the 

three selected pre-weld heat treatments for two different grain sizes. The grain refinement from 

1600 µm to 60 µm leads to a reduction in the TCL of the HAZ by 69%, 70%, and 55% for 870°C 

AC, 1010°C AC, and 1170°C AC respectively. Therefore, a smaller grain size considerably 

reduces the cracking susceptibility of the HAZ in CoWAlloy1. Osoba et al. [19] reported that the 

grain size controls the grain boundary surface area over which the intergranular liquid must spread. 

As the grain size is reduced, more grain boundary surface area would be available which allows 

the intergranular liquid film to spread more widely, thus resulting in a decrease in liquid film 

thickness. Miller and Chadwick [154] found the following correlation among the tensile stress (σ) 

needed to form the liquation crack, the surface tension at the solid-liquid interface (𝛾𝑠𝑙), and the 

liquid film thickness (ℎ), 

𝜎 = 2𝛾𝑠𝑙/ℎ (4-2) 
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According to Equation 4-2, it can be observed that the reduced liquid film thickness as a result of 

grain refinement can increase the amount of stress required to form liquation cracks, which leads 

to an increase in the cracking resistance of the HAZ. In addition, grain size refinement can reduce 

grain boundary elemental segregation, improve stress relaxation capability through grain boundary 

sliding, and increase the number of grain boundary triple points which increases the probability of 

inhibiting cracking [17][155][156]. 

According to the results of the weldability studies performed on arc-welded CoWAlloy1, HAZ 

cracking during welding can be minimized by subjecting the alloy to a pre-weld heat treatment 

that combines the low grain boundary segregation of B (1010°C AC) with a small grain size. 
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Figure 4.37 Optical micrograph of 1010°C AC sample with refined grains: HAZ cracking 
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Figure 4.38 Cracking susceptibility of HAZ of CoWAlloy1 samples with different grain sizes 

subjected to various pre-weld heat treatments 
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4.7 Cracking Susceptibility of the HAZ during PWHT  

Aside from cracking during welding, γ′-strengthened Co-based superalloys are also expected to be 

susceptible to HAZ cracking during PWHT. Similar to cracking during welding, a major factor 

that is anticipated to influence PWHT cracking in superalloys is the hardness of the alloy prior to 

PWHT [97]. In this work, two pre-weld heat treatment conditions are selected to investigate the 

effect of PWHT on the cracking susceptibility of the HAZ in CoWAlloy1. The first condition is 

using the 1010oC AC sample with refined grains (henceforth 1010S) which produces the least 

amount of HAZ cracking during welding. The second condition is using the 1170oC WQ sample 

with a large grain size (henceforth 1170L) which produces the least amount of hardness. The 

welded samples were subjected to a SHT as the PWHT. Figure 4.39 shows an SEM micrograph 

of the HAZ crack region of the PWHTed 1010S. It can be observed that there is a bimodal γ′ PSD 

and considerable γ′ re-precipitation in the HAZ. 

Hardness measurements before and after the PWHT were conducted (Figure 4.40) and the 

hardness values of 1010S and 1170L were found to be 406 Hv and 348 Hv respectively. However, 

after the PWHT, both 1010S and 1170L exhibit the same hardness of 480 Hv. The measured TCL 

of the HAZ provided in Figure 4.41 shows that the PWHT increases the TCL by 215% and 111% 

for 1010S and 1170L, respectively. This shows that PWHT cracking of 1170L is less severe 

compared to 1010S. However, after PWHT, 1010S still has significantly less cracking at the HAZ 

overall compared to 1170L. This indicates that even though reducing the pre-weld hardness does 

not contribute to reducing the cracking susceptibility of the HAZ of CoWAlloy1 during welding, 

nevertheless, this minimizes HAZ cracking during the PWHT. Furthermore, minimizing HAZ 

cracking during welding appears to be more beneficial as the overall extent of cracking after the 

PWHT is governed by the extent of cracking of the HAZ which occurred during welding.  
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Figure 4.39 SEM micrograph of HAZ of PWHTed 1010S: re-precipitation of γ′ along a crack  
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Figure 4.40 Comparison of hardness of as-welded vs PWHTed 1010S and 1170L 

 

 

Figure 4.41 Cracking susceptibility of HAZ of PWHTed 1010S and 1170L 
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4.8 γ′ Re-Precipitation Behavior 

The mechanical factor that causes the cracking of the HAZ in γ′-strengthened superalloys is 

attributed to the thermo-mechanical stress created during the cooling stage of the welding process 

and shrinkage stress due to rapid γ′ re-precipitation [144]. CoWAlloy1 has a high volume fraction 

of γ′ before welding which leads to poor weldability as a result of rapid γ′ re-precipitation and 

creating large shrinkage stresses during weld cooling [157]. Therefore, as γ′ re-precipitation 

significantly influences the cracking susceptibility of the HAZ in CoWAlloy1, in this section, γ′ 

re-precipitation behavior is discussed through a DSC investigation.   

 

4.8.1 Analyses of DSC Curves for Cooling Rate 

DSC signals for continuous cooling rates are shown in Figure 4.42. It is clear that one endothermic 

peak occurs for each cooling rate. The endothermic peak in the DSC signal is attributed to the γ′ 

precipitation [47]. Figure 4.42 shows that an increase in the cooling rate shifts the endothermic 

peak temperature to a lower temperature. For instance, at a cooling rate of 2.5°C/min, the peak 

temperature is 1047°C, but reduces to 1033°C at a cooling rate of 40°C/min. A similar trend has 

also been observed in some of the earlier studies [47][158].  

Figure 4.43 is constructed by using the results of Figure 4.42 and Equation 3-11, which shows the 

extent of γ′ precipitates formed (F) as a function of temperature (T) for the four cooling rates. It is 

observed that precipitation initiates at ~1070°C for all conditions. However, the complete 

transformation temperature varies with the cooling rate. For example, the completion of γ′ 

precipitation occurs at 1028°C at a cooling rate of 2.5°C/min, while at this temperature, only 35% 

volume fraction of the γ′ precipitates is observed at a cooling rate of 40°C/min. This indicates that 

increasing the cooling rate can inhibit precipitation and complete precipitation occurs at a lower 
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temperature, which means the process requires a longer time. In other words, as the cooling rate 

increases, insufficient time is available for the solutes to diffuse and thus form precipitates. As a 

result, more energy is required for γ′ precipitation. According to Masoumi et al. [47], phase 

transformation processes in superalloys are diffusion-controlled. Furthermore, Azzam et al. [159] 

concluded that γ′ precipitate coarsening kinetics are controlled by the diffusion of W (in Co-Al-W 

ternary alloys).  

The precipitation rate (dF/dt) as a function of temperature is shown in Figure 4.44. The plot is 

constructed by substituting data in Figure 4.43 into Equations 3-11 and 3-12. It is clear in Figure 

4.44 that an increase in the cooling rate leads to a more rapid precipitation rate. However, the peak 

temperature at which the maximum transformation rate occurs shifts to lower temperatures. For 

instance, the maximum precipitation rate occurs at 1052°C at a cooling rate of 2.5°C/min, followed 

by 1047, 1044, and 1038°C at cooling rates of 10, 15, and 40°C/min, respectively. 

  

4.8.2 Activation Energy  

Figure 4.45 plots 𝑙𝑛(𝑇𝐹
2/𝛽) as a function of the inverse of temperature (

1000

𝑅𝑇𝐹
 ). The slope of the 

linear fit of these values gives the activation energy required for the γ′ precipitation. This is 

calculated to be 1775 kJ/mol for CoWAlloy1. The activation energy determined in the present 

study is higher than that of several other Ni-based superalloys [47][55][160][161][162]. Roy et al. 

[161] reported an activation energy of 337 kJ/mol for γ′ precipitates coarsening at the isothermal 

temperature in IN738LC. Masoumi et al. [47] provided a precipitation activation energy of 396 

kJ/mol for the γ′ precipitates in AD730TM.  Meher et al. [56] reported that the growth rate of γ′ 

precipitates in Co-based superalloys is slower than that of Ni-based superalloys due to the very 

low diffusivity of the γ′-forming elements. 
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Figure 4.42 DSC curves that show γ′ precipitation peaks during cooling 

 

Figure 4.43 Amount of γ′ precipitates (F) as a function of temperature 
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Figure 4.44 γ′ precipitation rate (dF/dt) as a function of temperature 

 

 

Figure 4.45 Relationship between 𝑙𝑛(𝑇𝐹
2/𝛽) and 1000/RTF 
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4.8.3 Influence of Cooling Rate on γ′ Characteristics 

Figure 4.46 illustrates the effect of different cooling rates on the morphology of the γ′ precipitates. 

It is clear that at all the cooling rates, the specimens show a monomodal γ′ PSD. In addition, the 

nucleation density increases with an increase in the cooling rate. The SEM microstructures of the 

specimens cooled at different cooling rates reveal that the γ′ morphology changes from cuboidal 

to near-spherical with increases in the cooling rate. An increase in the cooling rate reduces the time 

required for the growth of γ′ precipitates and allows them to retain their initial morphology i.e., 

spherical shape, to minimize the interfacial energy between γ/γ′. Elastic energy is another factor 

that determines the equilibrium shape of the precipitates [162]. This energy, which is related to the 

volume fraction of the precipitates and the extent of interaction between precipitates, enhances the 

growth of precipitates along the {001} plane during slow cooling rates. Therefore, the global 

internal energy increases as the γ/γ′ interfacial area increases [17]. To reduce the global internal 

energy, the morphology of the precipitates changes from spherical to cuboidal and then butterfly-

shaped.    

Figure 4.47 shows the relation between the γ′ precipitate size and the cooling rate. The figure 

shows that increasing the cooling rate reduces the size of the γ′ precipitates from 280 nm at 

2.5ºC/min to 60 nm at 40ºC/min. A similar trend has also been reported in Mallikarjuna et al. [45], 

where the size of the γ′ precipitates in IN738LC alloy decreases with increases in the cooling rate, 

which is attributed to the reduced transport of γ′-forming elements [45]. 

Figure 4.48 illustrates the micro-hardness of the specimens as a function of cooling rate. It is worth 

mentioning that the micro-hardness of superalloys can be controlled by both the volume fraction 

and size of the γ′ precipitates. The statistical analysis performed by using ImageJ software on the 

SEM images of the specimens cooled at different rates reveals that the volume fraction of γ′ at all 
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cooling rates is nearly the same (51%). Therefore, a change in hardness values is considered to be 

a function of the precipitate size. Based on the data presented in Figure 4.48, it can be observed 

that an increase in the cooling rate leads to an increase in hardness as a result of the smaller γ′ 

precipitates.    

As the precipitate size increases, the inter-precipitate distance also increases; see Figure 4.46. This 

microstructure is in good agreement with the work of Kakehi et al. [163] who concluded that an 

increase in inter-precipitate distance can facilitate dislocation movement through the matrix 

channel. Therefore, the strength of the material is considerably reduced. However, a smaller 

precipitate size can reduce the inter-precipitate distance and inhibit dislocation movement, 

consequently increasing the strength.  
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Figure 4.46 γ′ particle shapes: cuboidal at 2.5ºC/min to near-spherical at 40ºC/min 
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Figure 4.47 Average size of γ′ precipitates as a function of cooling rate 

 

   

Figure 4.48 Relation between cooling rate and Vickers hardness 
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4.9 CoWAlloy1 Unusual Behavior  

As discussed in Section 4.6.1, contrary to common superalloy behavior where increases in pre-

weld hardness is accompanied by an increase in the cracking susceptibility of the HAZ during 

welding, increasing the pre-weld hardness does not affect the cracking susceptibility of the HAZ 

in CoWAlloy1.  

The DSC studies (Section 4.8) showed that the γ′ precipitation activation energy is significantly 

higher than those of several other Ni-based superalloys. This means that γ′ precipitation in 

CoWAlloy1 has slower kinetics compared to the Ni-based superalloys. To validate this 

observation, the hardness values of CoWAlloy1 and commercially available cast Ni-based 

superalloy IN738LC were compared in the as-received condition and after being subjected to a 

temperature of 1170°C and then WQ (i.e., 1170°C WQ). The latter condition was selected to ensure 

the complete dissolution of the γ′ precipitates - Co3(Al, W) and Ni3(Al, Ti), at solvus temperatures 

of 1072°C and 1120°C [148], in CoWAlloy1 and IN738LC respectively. 

Figure 4.49 shows that there is a drastic reduction in the hardness of CoWAlloy1 after being 

subjected to a heat treatment at 1170oC and then WQ compared to the as-received condition. In 

contrast, the hardness value of IN738LC which is also subjected to a heat treatment at 1170oC and 

then WQ shows a significant increase compared to that of the as-received condition.  

Furthermore, an SEM analysis of IN738LC after being subjected to a heat treatment at 1170oC and 

then WQ shows the formation of secondary γ′ precipitates with an average size of 65 nm which 

formed during cooling after the complete dissolution of the primary γ′ precipitates in the alloy at 

1170oC. On the other hand, primary and secondary γ′ precipitates are not observed in CoWAlloy1 

after being subjected to a heat treatment at 1170oC and then WQ. As γ′ is the main strengthening 
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phase in both superalloys, the change in hardness values is attributed to the kinetics of the γ′ 

formation during cooling from 1170°C. This can be observed in Figure 4.50, where IN738LC 

shows the rapid formation of γ′ precipitates during cooling compared to CoWAlloy1. This 

confirms that the γ′ precipitation kinetics in CoWAlloy1 is much slower than that in IN738LC. As 

the γ′ precipitation kinetics in CoWAlloy1 are slow, shrinkage stresses generated during cooling 

from the welding temperature would be low and as a result, may not have a significant influence 

on cracking during the welding process. This may explain why the hardness of CoWAlloy1 before 

welding does not govern the cracking susceptibility of the HAZ. In contrast, several studies on the 

weldability of IN738LC have shown that its pre-weld hardness influences the cracking 

susceptibility of the HAZ [164][165]. 
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Figure 4.49 Variation of hardness in as-received conditions and solutionizing followed by water 

quenching: CoWAlloy1 vs. IN738LC   
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Figure 4.50 SEM micrographs of samples subjected to heat treatment of 1170°C and then WQ:     

a.  IN738LC (shows formation of γ′), and b. CoWAlloy1   
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4.10 Effect of Pre-Weld Heat Treatment and GTAW on Mechanical Properties and Hot 

Corrosion Behavior of CoWAlloy1 

4.10.1 Mechanical Properties Study 

To study the effect of pre-weld microstructural modifications on the tensile properties of the 

welded samples, a tensile test was conducted on the PWHTed samples (1010S and 1170L) and the 

alloy without welding but subjected to its full SHT. Figure 4.51 presents the stress-strain curves 

and ultimate tensile stress (UTS) for the various samples. It can be observed from Figures 4.51a 

and 4.51b that the PWHTed 1170L which exhibits the highest extent of cracking, shows very poor 

UTS and ductility. Even though both PWHTed 1170L and SHTed samples have a similar average 

grain size (1600 µm) and were subjected to the same PWHT, the strength and ductility of PWHTed 

1170L are significantly lower than those of the SHTed without welding, which is attributable to 

the detrimental effect of HAZ cracking. In contrast, no loss in strength and just slightly lower 

ductility are observed in PWHTed 1010S compared to the SHTed sample without welding. The 

slight loss of ductility could be due to the low extent of HAZ cracking and the small grain size in 

this condition.  

Tensile fracture locations of the two PWHTed samples are shown in Figure 4.52. In both samples, 

fracturing occurs at either the HAZ or FZ boundaries, which could be attributed to the formation 

of HAZ cracks in the welded samples. Overall, this work shows that by subjecting CoWAlloy1 to 

a pre-weld heat treatment that combines minimal grain boundary segregation of B with a small 

grain size, the HAZ cracking can be significantly inhibited both after welding and PWHT without 

major damage to its tensile properties.   
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Figure 4.51 Tensile test results for various samples a. Engineering stress-strain, and                                 

b. A comparison between ultimate tensile stresses 

a 

b 
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Figure 4.52 Location of the fracture in tensile samples: a. PWHTed 1170L, and b. PWHTed 1010S 
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4.10.2 Hot Corrosion 

To study the effect of pre-weld microstructural modifications and welding process on the hot 

corrosion resistance of CoWAlloy1, a hot corrosion experiment was conducted on PWHTed 1010S 

and a sample that did not undergo welding but was still subjected to an SHT. 

 

4.10.2.1 Weight Gain of Corroded Specimens 

Figure 4.53 shows the weight gain per unit area of the welded and unwelded CoWAlloy1 

specimens after 100 hrs of exposure to a corrosive environment at 750ºC. The welded specimen 

shows a slightly higher weight gain per unit area compared to the unwelded specimen which 

indicates that the former has a slightly lower resistance to hot corrosion compared to the unwelded 

specimen. However, the welded specimen still has higher resistance to hot corrosion compared to 

a conventional Ni-based superalloy, IN718 [121]. 

 

4.10.2.2 External Surfaces of Corroded Specimens 

SEM micrographs of the exposed surface for both conditions are presented in Figure 4.54. Both 

specimens exhibit a comparable corroded surface morphology after 100 hrs of exposure to a 

corrosive environment. Furthermore, a semi-quantitative SEM/EDS analysis on the surface of the 

corroded specimens reveals that the compositions of the oxide layers and corrosive products in 

both specimens are similar and rich in Co, Cr, Ni, Al, Ta, Ti, W, Si, O, and S.  

Asala et al. [23] reported that chemical inhomogeneity can lead to preferential corrosion in the FZ. 

To evaluate the occurrence of preferential corrosion in the welded specimen, the corroded surface 

of the FZ was studied at the early stages of the hot corrosion experiment (i.e., after 15 min of 

exposure). 
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Figure 4.53 Weight gain per unit area after 100 hrs of exposure at 750ºC: welded vs. unwelded 

specimens. 

 

   

Figure 4.54 SEM micrograph of exposed surface after 100 hrs at 750ºC: a. Unwelded specimen, 

and b. Welded specimen 
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An SEM analysis on the corroded surface of the welded specimen (Figure 4.55a) reveals periodical 

valleys and ridges which suggest the occurrence of preferential corrosion in the FZ. Figures 4.55c-

4.55i shows the results of the SEM/EDS line scan performed on the preferentially corroded region. 

This analysis reveals that the hill-like region is corroded more as this region is rich in O and S.  

Furthermore, the SEM/EDS analysis shows that the hill-like region is rich in Al, B, C, Zr, and Si 

which mostly segregate in the interdendritic region. This indicates that the corroded hill-like region 

is attributed to the interdendritic region and the corroded valley-like region which corrodes less is 

attributed to the dendritic core (Figure 4.55b). It has been reported that Cr is the main element that 

controls the hot corrosion resistance of Co-based superalloys [107][108]. In CoWAlloy1, Cr 

segregates mostly at the dendritic core which leads to higher corrosion resistance in this region 

compared to the interdendritic regions.  

Figure 4.56 shows the XRD results conducted on both the welded and unwelded specimens. The 

XRD results combined with the SEM/EDS analysis on the corroded surfaces reveal that the 

possible oxide layers formed on both specimens are Cr2O3, Al2O3, NiO, CoO, Co3O4, CoAl2O4, 

NiAl2O4, WO3, SiO2, TiO2, and TaO2. Furthermore, the possible corrosion products formed on the 

surface are Ni3S2 and Co9S8. These show that both the welded and unwelded conditions have 

similar oxide layers and corrosion products.  
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Figure 4.55 Microstructure of corroded FZ (a and b) and SEM/EDS line scan performed on the 

preferentially corroded region (c-i) 
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Figure 4.56 XRD results of the corroded surface of the welded and unwelded specimens after       

100 hrs of exposure at 750°C. 
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4.10.2.3 Cross-Section of Corroded Specimens 

The SEM micrographs of the cross-section of the welded and unwelded specimens after 100 hrs 

of exposure at 750°C, along with the corresponding SEM/EDS elemental mapping and line scans 

across the affected region, are shown in Figures 4.57 to 4.60. The cross-section morphology in 

both specimens is similar and includes three main sections of oxide scale, delamination, and 

internal sulphidation/oxidation. As can be observed from Figures 4.57a and 4.59a, the thickness 

of the oxide scale in the welded specimen is slightly higher than that of the unwelded specimen. It 

has been reported that the thickness of the oxide scale can significantly affect the degree of 

delamination [166][167]. Generally, delamination occurs during cooling to room temperature due 

to thermomechanical stresses [168]. The two figures show that more delamination can be observed 

in the welded specimen compared to the unwelded specimen. This higher delamination can be 

attributed to the larger oxide scale in the welded specimen which results in higher thermal stress.  

The oxide scales in both the welded and unwelded specimens include two distinct oxide layers; 

the outer and the inner oxide layers (Figures 4.57a and 4.59a). SEM/EDS mapping and line scans 

across the affected region of the corroded specimens (Figures 4.57 to 4.60) reveal that the outer 

layer in both specimens mainly contains Co and O with a minor content of Ni. The SEM/EDS 

results coupled with the XRD analysis suggest the outer oxide layer to be mostly composed of     

Co-based oxides of CoO and Co3O4, with a minor amount of NiO. The formation of CoO, Co3O4, 

and NiO oxides is in agreement with the findings of previous studies on the oxidation of Co-based 

superalloys [169][170][171]. Gao et al. [169] reported that during the hot corrosion of Co-based 

superalloys, the oxide layers initially form on the alloy surface beneath the deposited molten mixed 

salt, followed by the occurrence of hot corrosion. As there is a higher concentration of Co and Ni 

than the other elements, at first, Co and Ni-rich oxides form, although Co and Ni have a weaker 
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affinity with O than Al and Cr [172]. The fluxing mechanism is the most widely used to explain 

for the initiation stage of hot corrosion in superalloys [173]. An essential condition required for 

the fluxing mechanism is the dissolution of the oxide scales at the interface of the molten salt and 

oxide scales. It has been reported that the reaction between molten salt and Co-rich oxides during 

the hot corrosion of Co-based superalloys leads to the dissolution of these oxides and the formation 

of a porous and non-protective outer oxide layer [108][174]. The formation of this non-protective 

oxide layer with many defects later increases the hot corrosion rate by facilitating the inward 

diffusion of S into the oxide scales [173]. It can be observed in Figures 4.57a and 4.59a that the 

outer layer in both specimens shows many defects, such as pores and microcracks. In addition, the 

outer layer of the welded specimen shows marginally more defects than that of the unwelded 

specimen which can be attributed to the slightly higher corrosion of the welded specimen. 

Further investigation of the cross-section of the corroded specimens (Figures 4.57 to 4.60) reveals 

that the inner oxide layer of both the welded and unwelded specimens is enriched in O, Cr, Al, Ti, 

Ta, Si, and W. An SEM/EDS analysis coupled with the XRD results suggest that the inner oxide 

layer in both specimens mainly consist of Cr2O3 and Al2O3 oxides with a minor amount of 

NiAl2O4, CoAl2O4, TiO2, TaO2, WO3, and SiO2 oxides.  

During the hot corrosion of CoWAlloy1, the formation of Co-based oxides as a result of the 

outward diffusion of Co leads to a reduction in Co concentration at the interface between the alloy 

and oxide scale. Hence, there is the accumulation of reactive elements - Cr, Al, Ti, Ta, Si, and W 

under the outer layer which react with O. As the oxidation rate of Al is faster than that of the other 

elements [172], Al2O3 first emerges in the inner oxide layer of both the welded and unwelded 

specimens. Subsequently, the reaction between Al2O3 with CoO and NiO leads to the formation 

of poorly protective oxides of spinel NiAl2O4 and CoAl2O4. The formation of these two spinels in 
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CoWAlloy1 is in agreement with the findings in previous studies on the oxidation of Co-based 

superalloys [175][176][177]. Zhu et al. [172] reported that Al2O3 cannot inhibit the outward atomic 

diffusion of the reactive elements and the inward diffusion of O. Therefore, the chemical gradient 

drives Cr, Ta, Ti, Si, and W to diffuse outward and react with O to form oxides in the inner oxide 

layer. Since the Cr content is higher than the other elements, Cr2O3 forms after the formation of 

Al-riched oxides. As the hot corrosion process continues, the remaining oxide layers form in the 

inner oxide layer. Based on the standard Gibbs free energy required for the formation of oxides, 

the oxides in the inner layer form in the order of TiO2, SiO2, TaO2, and WO3 [178][179][180]. Xu 

et al. [181] reported that SiO2, TaO2, and WO3 oxides preferentially form on the surface of the 

alloy. As can be observed in Figures 4.57 to 4.60, the adherent part of the oxide scales of both 

specimens mostly contains TaO2, WO3, and SiO2, oxides. 

A comparison between the inner oxide layer of both specimens with an SEM/EDS analysis 

(Figures 4.57 to 4.60) reveals that the Cr and Al-rich oxide layers show less porosity with higher 

contents of Cr and Al in the unwelded specimen. Therefore, a slightly higher resistance to hot 

corrosion of the unwelded specimen compared to the welded specimen can be attributed to the 

formation of denser Cr-oxide and Al-oxide layers in the unwelded specimen. In addition, the 

amount of Ti, Ta, W, and Si in the inner oxide layer of the welded specimen is slightly more than 

that of the unwelded specimen, which can be attributed to the chemical inhomogeneity in the FZ 

of the welded specimen.  

Further analysis of the cross-section of the corroded specimens shows internal 

sulphidation/oxidation in both the welded and unwelded specimens. SEM/EDS mapping and line 

scan analysis (Figures 4.57 to 4.60) reveal that the matrix beneath the oxide scales is mainly 

depleted in Cr, Al, Co, and Ti. However, near the interface between the oxide scales and the alloy, 
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the matrix is rich in O, W, Ta, and Si, which indicates the occurrence of internal oxidation in both 

the welded and unwelded specimens. Furthermore, the internal sulphidation/oxidation region is 

enriched in Ni and S. From the SEM/EDS analysis, overlapping of the Ni and Co with S is evident 

and according to the XRD analysis, can be inferred as Ni3S2 and Co9S8 sulphides.  Fu et al. [174] 

reported that the dissolution of the Co-oxide layer at the beginning of the hot corrosion leads to an 

increase in the corrosion rate and further dissolution of the protective layers of Al2O3 and Cr2O3. 

As the remaining oxide layers are not adequately protective, inward diffusion of S and O occurs. 

He et al. [182] reported that the oxidation of reactive elements results in their depletion at the 

matrix and subsequently enrichment of Ni at the alloy/scale interface. Furthermore, a reduction in 

the O activity due to the formation of reactive element oxides leads to an increase in the S activity. 

Therefore, the inward diffusion of S into the matrix is enhanced which leads to sulphuration with 

Ni and Co and continuously damages the matrix to form the affected zone [169][182]. As can be 

observed from Figures 4.57a to 4.59a, the internal sulphidation/oxidation thickness in the welded 

specimen is slightly larger than that found in the unwelded specimen which indicates a slightly 

lower resistance to hot corrosion as compared to the unwelded specimen. This result is in good 

agreement with the results acquired from the mass gain analysis shown in Figure 4.53. 
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Figure 4.57 a. SEM images of cross-section of unwelded specimen after 100 hrs of exposure at 

750ºC, and b. SEM/EDS compositional mapping of cross-section of unwelded specimen 

a 

b 
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Figure 4.58 SEM/EDS composition plots of cross-section of unwelded specimen: a. O, Co, Al, Cr, 

and Ni, and b. Si, W, Ti, Ta, and S, versus distance after 100 hrs of exposure at 750°C. Scan starts 

from surface of corroded specimen (zero) moving into substrate with removal of delamination 

region. 
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Figure 4.59 a. SEM images of cross-section of welded specimen after 100 hrs of exposure at 750ºC, 

and b. SEM/EDS compositional mapping of cross-section of welded specimen 

a 

b 
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Figure 4.60 SEM/EDS composition plots of cross-section of welded specimen: a. O, Co, Al, Cr, 

and Ni, and b. Si, W, Ti, Ta, and S, versus distance after 100 hrs of exposure at 750°C. Scan starts 

from surface of corroded specimen (zero) moving into substrate with removal of delamination 

region. 
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4.11 Effect of Overaging On Cracking Susceptibility of HAZ in CoWAlloy1 

Welding precipitation-hardened superalloys in an overaged condition has shown a significant 

improvement in the cracking resistance of the HAZ as compared to welding in solution heat 

treatment conditions [17][84][104]. Overaging treatment leads to the formation of coarse γ′ 

precipitates and decreases the pre-weld material hardness, which consequently enhances the alloy's 

capability to relax some of the stresses that are generated during welding [104]. In this section, the 

effect of overaging on the cracking susceptibility of the HAZ during welding and PWHT are 

discussed.  

 

4.11.1 Effect of Overaging On Cracking Susceptibility of HAZ During Welding 

To investigate the influence of overaging on the cracking susceptibility of the HAZ during welding 

two pre-weld heat treatment conditions are selected. The first condition is using the 1010S sample 

which produces the least amount of HAZ cracking during welding. The second condition is an 

overaged condition which is using a sample with refined grains subjected to a pre-weld heat 

treatment at 1010°C for 50 hrs, followed by air cooling. Figure 4.61 illustrates the hardness 

comparison between the two selected pre-weld heat-treated samples which have the same average 

grain size (60 µm), and were subjected to the same pre-weld heat treatment temperature and same 

cooling condition (air-cooling), but for various heat treatment times. This analysis showed that as 

heat treatment time increases from 4 hrs to 50 hrs, the pre-weld hardness reduces from 431 Hv to 

374 Hv for the 1010S and overaged samples, respectively. This drastic reduction in hardness is 

attributed to the formation of a coarse γ′ precipitates in the overaged sample. The measured TCL 

of the HAZ provided in Figure 4.62 shows that although the overaged sample has a similar gain 

size, was subjected to the same pre-weld heat treatment temperature and cooling method, and 
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shows considerably lower hardness compared to the 1010S sample (Figure 4.61), both samples 

have comparable susceptibility to HAZ cracking. Therefore, as opposed to the common 

expectation that pre-weld overaging heat treatment reduces HAZ cracking in precipitation-

hardened superalloys [84] during welding, overaging does not seem to affect susceptibility to HAZ 

cracking in CoWAlloy1 during welding. This result is consistent with the result from section 4.6 

which showed that the cracking susceptibility of the HAZ during welding is not controlled by pre-

weld hardness but by elemental grain boundary elemental segregation. 
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Figure 4.61 Comparison of the hardness of 1010S and overaged samples 

 

 

Figure 4.62 Comparison between TCL of the HAZ in 1010S and overaged samples 
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4.11.2 Effect of Overaging On Cracking Susceptibility of HAZ During PWHT 

Overaging treatment has also been reported to reduce the cracking susceptibility of the HAZ in 

precipitation-strengthened superalloys during PWHT [99]. To investigate the influence of 

overaging on the cracking susceptibility of the HAZ during PWHT, two pre-weld heat treatment 

conditions are selected, the 1010S and overaged samples. The welded samples were subjected to 

a SHT as the PWHT. Hardness measurements before and after the PWHT were conducted (Figure 

4.63) and the hardness values of the 1010S and overaged samples were found to be 431 Hv and 

374 Hv, respectively. However, after the PWHT, both the 1010S and overaged samples exhibit the 

same hardness of 480 Hv. The measured TCL of the HAZ provided in Figure 4.64 shows that the 

PWHT increases the TCL of the HAZ by 215% for the 1010S sample. However, PWHT does not 

significantly affect the TCL of the HAZ in the overaged sample. This indicates that even though 

overaging does not contribute to reducing the cracking susceptibility of the HAZ of CoWAlloy1 

during welding, nevertheless, this minimizes HAZ cracking during the PWHT. This result is 

consistent with the result from section 4.7 which showed that pre-weld hardness can significantly 

affect the PWHT cracking in the HAZ of CoWAlloy1. 

According to this analysis, HAZ cracking in CoWAlloy1 during PWHT is minimized if the alloy 

is welded in the overaged condition. By subjecting the alloy to the overaged condition, PWHT 

cracking reduces by 46% compared to PWHTed 1010S. 
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Figure 4.63 Comparison of hardness of as-welded vs PWHTed 1010S and overaged 

 

 

Figure 4.64 Cracking susceptibility of HAZ of PWHTed 1010S and overaged 
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CHAPTER 5 

Summary and Conclusions 

5.1 Summary 

The outcomes of this research work are summarised into the following findings. 

 

5.1.1 Numerical Modeling of GTAW of CoWAlloy1 

A numerical model of the GTAW of CoWAlloy1 is developed to evaluate the influence of GTAW 

variables on the FZ microstructure and to obtain a window of optimum welding parameters that 

prevent cracking in the FZ. The major findings of the numerical modeling are as follows. 

1. With constant input parameters for the welding process, the cooling rate is increased from the 

fusion boundary to the weld centreline. Furthermore, increasing the welding speed leads to an 

increase in the cooling rate within the FZ. This increase is higher at the centerline compared to the 

fusion boundary. 

2. Increasing the welding speed results in the formation of a fine dendritic microstructure in the 

FZ due to an increase in the cooling rate.  

3. The dendritic microstructure of the FZ is predicted to be mixed columnar-equiaxed at the weld 

centreline and fully columnar at the fusion boundary for all of the studied welding speeds. 

However, as the welding speed increases, the volume fraction of the fully columnar dendritic 

structure is slightly reduced.   
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4. The thermally modeled grain structure of the FZ is predicted to be fully equiaxed from the 

centerline to the edge of the fusion boundary for all three welding speeds. In addition, increasing 

the welding speed leads to a slight increase in the volume fraction of the region with the fully 

equiaxed grain structure.  

5. The model developed in this study shows a good level of accuracy for predicting the 

solidification behavior of the FZ in the newly developed CoWAlloy1.  

 

5.1.2 CoWAlloy1 Microstructure in As-Received vs. SHTed Conditions 

The microstructure of CoWAlloy1 in the as-received and SHTed conditions are characterized by 

using various advanced microstructural characterization techniques, including SEM, TEM, and 

DSC. The key results of these microstructural analyses are as follows. 

1. The microstructure of cast CoWAlloy1 in the as-received condition consists of a coarse grain 

structure that has a monomodal γ′ PSD with a particle size that ranges from 0.15 to 0.30 µm. On 

the other hand, the SHTed CoWAlloy1 shows a coarse grain structure that has a bimodal γ′ PSD 

with primary γ′ precipitates that range from 0.2 to 0.4 µm in size and secondary γ′ precipitates that 

range from 50 to 90 nm in size. 

2. The presence of MC-type carbides (with M mostly Ti, Ta, and Hf) in the as-received and SHTed 

conditions is confirmed with a TEM analysis and reported for the first time in this material in this 

study. 

3. The DSC analysis shows that the liquidus, solidus, γ′ solvus, and γ-γ′ eutectic temperatures in 

CoWAlloy1 are TL=1384°C, TS=1306°C, Tγ′ =1072°C, and T(γ-γ′)e=1203°C respectively. 
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5.1.3 FZ and HAZ Microstructural Characterization 

Detailed study of the FZ and HAZ microstructures and the investigation of the primary causes of 

HAZ cracking are conducted by using various advanced characterization techniques, including 

SEM, TEM, and EPMA. The major findings are as follows.  

1. Although the formation of cracks can be detected in the HAZ during the welding of the alloy, 

cracks are not observed in the FZ of all the examined welded samples, regardless of the pre-weld 

heat treatment condition.  

2. The microsegregation behavior observed throughout the solidification of the FZ indicates that 

Co and Ni segregate fairly uniformly between the dendrites and interdendritic regions. On the other 

hand, W and Cr somewhat segregate to the dendrites, while Al, Ta, Ti, Hf, Si, and Zr tend to 

partition to the interdendritic liquid.  

3. The TEM analysis of the FZ confirms the formation of secondary solidification products which 

consist of MC-type carbides and γ-γ′ eutectics within the interdendritic regions. Furthermore, the 

TEM analysis confirms the inhomogeneous distribution of the γ′ precipitates within the FZ. 

4. A study of the microstructure of the HAZ shows that a primary cause of cracking is intergranular 

liquation due to the subsolidus liquation reaction of MC-type carbide particles and γ′ precipitates, 

which are found prior to welding. 
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5.1.4 Enhanced Resistance to HAZ Cracking during Welding and PWHT 

The arc weldability of CoWAlloy1 is extensively studied and the effect of the factors that 

contribute to the cracking susceptibility of the HAZ is examined after applying pre-weld and post-

weld heat treatments by using advanced microstructural characterization techniques including 

SEM and SIMS. The major findings of detailed weldability studies and the development of an 

effective thermal treatment procedure for the alloy to minimize HAZ cracking during welding and 

PWHT are as follows.  

1. Weldability studies on CoWAlloy1 reveal that the TCL of the HAZ follows a U-shape trend 

with an increase in heat-treatment temperature in which the shortest TCL of the HAZ is found at 

1010ºC. In addition, Although the average TCLs of the AC samples are longer than those of the 

WQ samples at 4 different temperatures, i.e., 870, 970, 1070, and 1170ºC, the pre-weld heat 

treatment at 1010ºC shows a similar cracking susceptibility of the HAZ for both the AC and WQ 

samples.  

2. An analysis of the TCL of the HAZ and hardness measurements conducted on pre-weld heat-

treated samples including overaged sample reveal that pre-weld hardness does not influence the 

cracking susceptibility of the HAZ during welding. According to the DSC measurements, this 

could be due to the slow γ′ precipitation kinetics in CoWAlloy1 which results in low shrinkage 

stresses generated during cooling after welding.  

3. The ToF-SIMS analysis confirms the dependency of the cracking susceptibility of the HAZ on 

the grain boundary segregation of B. The cracking susceptibility of the HAZ appears to be 

minimum at 1010°C as a result of a balance between equilibrium and non-equilibrium grain 

boundary segregation. 
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4. An investigation of the influence of grain size on the resistance of the HAZ to cracking reveals 

that grain refinement considerably reduces the cracking susceptibility. Grain refinement from 1600 

µm to 60 µm leads to a reduction in the TCL of the HAZ by 70% with a pre-weld heat treatment 

at 1010°C and then air cooling. 

5. The findings on PWHT cracking reveal that even though reducing the pre-weld hardness does 

not help to reduce the cracking susceptibility of the HAZ during welding, nevertheless, this 

minimizes HAZ cracking during the PWHT. Furthermore, minimizing HAZ cracking during 

welding appears to be more beneficial as the overall extent of cracking after the PWHT is governed 

by the extent of cracking of the HAZ which occurred during welding. According to this analysis, 

overaging heat treatment significantly reduces the HAZ cracking in CoWAlloy1 during PWHT.   

6. A ToF-SIMS investigation combined with an analysis of the TCL of the HAZ shows that 

cracking susceptibility of the HAZ during welding and PWHT is minimized by subjecting the alloy 

to an overaging heat treatment (1010°C, 50 hrs, air cooling) that combines low grain boundary 

segregation of B, a small grain size, and low pre-weld hardness. 

 

5.1.5 γ′ Re-precipitation Behavior 

The γ′ re-precipitation behavior is examined through DSC and SEM. The key findings are as 

follows. 

1. Increasing the cooling rate results in an increase in precipitation rates at different temperatures.  

As the cooling rate increases, the temperature at which the maximum precipitation rate occurs 

decreases. Furthermore, increasing the cooling rate leads to a delay in the completion of γ′ 
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precipitation; for example, as the cooling rate increases from 2.5ºC/min to 40ºC/min, the 

temperature at which complete precipitation occurs declines from 1028ºC to 854ºC.  

2. The activation energy for γ′ precipitation is calculated to be 1775 kJ/mol in CoWAlloy1, which 

is considerably higher than that of some of the other Ni-based superalloys which might be due to 

the lower rates of atomic diffusion in this Co-based superalloy.  

3. The cooling rate affects the morphology and size of the γ′ precipitates. With increasing the 

cooling rate from 2.5ºC/min to 40ºC/min, the shape of the γ′ precipitates changes from cuboidal 

with an average size of 280 nm to near-spherical with an average size of 60 nm. These 

transformations in size and morphology result in an increase in hardness from 410 Hv to 441 Hv. 

 

5.1.6 Mechanical Properties and Hot Corrosion Behavior of CoWAlloy1 

The effect of the pre-weld microstructural modifications on both the mechanical properties and 

hot corrosion resistance of CoWAlloy1 are evaluated. The key findings are as follows. 

1. An investigation of the mechanical properties of welded CoWAlloy1 shows significant 

degradation in the tensile properties due to the occurrence of HAZ cracking during welding which 

can be avoided if the material is subjected to the pre-weld heat treatment identified in this work. 

2. Welding leads to the formation of a dendritic solidification structure with significant elemental 

micro-segregation in the FZ. The depletion of Cr in the interdendritic region reduces the local 

resistance of the interdendritic region to hot corrosion and leads to preferential corrosion in the 

FZ.  
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3. An analysis of the corroded specimens with electron microscopy and spectroscopy techniques 

reveals that both the welded and unwelded specimens have the same types of oxide layers and 

corrosion products.  

4. The probable hot corrosion mechanism that occurs in CoWAlloy1 is initially the oxidation of 

alloying elements beneath the deposited molten mixed salt, followed by fluxing of the oxide layers 

by the molten salt and inward diffusion of S and O which leads to internal oxidation/sulphidation.  

5. Hot corrosion studies reveal that by using the new pre-weld heat treatment, welding does not 

produce a substantial reduction in hot corrosion resistance of CoWAlloy1. The slight reduction in 

hot corrosion resistance can be due to preferential corrosion in the welded specimen as a result of 

elemental segregation.  

 

5.2 Conclusions 

The major conclusions from this research work are as follows. 

1. The numerical model developed to simulate the GTAW of CoWAlloy1 shows an adequate level 

of accuracy for predicting FZ solidification behavior and selecting the window of welding 

parameters that prevent FZ cracking.  

2. A microstructural study of arc welded CoWAlloy1 shows that this alloy cracks during welding 

and the cracks are mainly confined to the HAZ while the FZ is crack-free, regardless of the used 

pre-weld heat treatment condition. 
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3. A TEM analysis of the FZ confirms the formation of γ′, MC-type carbides, and γ-γ′ eutectics 

but no formation of deleterious phases. 

4. A detailed microstructural study shows that the primary cause of HAZ cracking during welding 

is intergranular liquation due to the subsolidus liquation reaction of MC-type carbide particles and 

γ′ precipitates, which are found prior to welding. 

5. The proposed pre-weld heat treatment in this work based on minimizing the grain boundary 

segregation of B and grain size refinement results in a significant reduction in HAZ cracking 

during welding and PWHT. In addition, the new pre-weld heat treatment results in minimal 

deterioration of the mechanical properties and does not produce a substantial reduction in hot 

corrosion resistance of CoWAlloy1.  
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CHAPTER 6 

Recommendations for Future Work 

The following are some recommendations for related future work. 

1. The proposed pre-weld thermal treatment procedure developed in this study is found to be 

effective in drastically reducing intergranular liquation cracking in the HAZ during GTAW. Since 

the mechanism of this liquation cracking is the same in the alloy irrespective of the type of fusion 

welding technique used, it is recommended that the proposed pre-weld heat treatment be applied 

to other fusion welding techniques such as laser-arc hybrid welding. Chaturvedi [12] reported that 

laser-arc hybrid welding has great potential for joining superalloys for aerospace applications.  

2. This study focuses on the arc weldability of cast polycrystalline CoWAlloy1. However, 

CoWAlloy1 has not been manufactured in the directionally solidified (DS) and single crystal (SX) 

forms yet. It is recommended that this study be extended to develop single crystal CoWAlloy1 and 

investigate the effect of the grain structure on the microstructure and weldability of the alloy during 

GTAW.  

3. Thamburaj et al. [183] reported that the condition of an alloy before welding (governed by the 

pre-weld heat treatment) and the PWHT schedule significantly influence the susceptibility of an 

alloy to cracking during the PWHT. Therefore, several combinations of pre-weld and post-weld 

heat treatments are required to be investigated to acquire the optimum combination that results in 

the least amount of cracking or no cracking in CoWAlloy1 after PWHT. In this study, the newly 

developed pre-weld heat treatment shows considerable potential in reducing HAZ cracking during 

welding. However, the PWHT plan which is the same as the recommended SHT results in PWHT 
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cracking. Therefore, a new PWHT schedule is recommended that minimizes/eliminates HAZ 

cracking after PWHT. 

4. In this study, the effect of the preclusion of weld cracking by the new pre-weld heat treatment 

procedure is investigated on the tensile properties at room temperature and hot corrosion behavior 

of CoWAlloy1. It is recommended that a comprehensive study of the mechanical behavior of 

PWHTed specimens, including elevated-temperature tensile testing, high cycle, and low cycle 

fatigue studies, and thermo-mechanical fatigue and creep test be conducted.  
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