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Superplasticity in AA8090 Al-Li alloy has been a subject of extensive sîudies, due to its 

potential for commercial applications since last decade. However, the anisotropy and 

microstructural gradient existing in this materiai introduce additional complication in 

understanding the mechanisms for superplastic de formation and has resulted in a debate 

about the role of dislocation activity. This has necessitated a more detailed microstructural 

study, especially texture. than that is cornmonly required to understand the deformation 

mechanisrn in other superplastic mlterials. Attempt has been made in this investigation to 

achieve this by means of microsturctural characterization of specimens defomed in tension 

by using optical microscopy, TEM, SEM and orientation imaging microscopy (OIM). 

The microsû-uctural characterization of the as-received material showed that there were three 

distinct layers in the cross-section of the sheet. Pancake grains in the center layer of about 

1/3 thickness with brass-type texture, and nearly equiaxed grains on either side of it of about 

1/3 thickness with copper texture. 

Tende  tests were conducted over a temperature range of 25 - 570°C and a s h  rate range 

of 1 x 1 o4 - 1 x 10%. Optimum superplastic conditions were found in a temperature range of 

500 - 530°C and in a strain rate range of 1 x 1 o4 - 1 x 1 o-)/s. TheSe deformation conditions 

yielded the maximum value of strain rate sensitivity index (m = 0.5) and the minimum value 

of instability parameter 0. 



During superplastic deformation, there occurred grain growth, texture weakening and change 

in grain shape. ï h e  disappearance of initial microstmcturaI gradient occurred at a strain of 

about 1 .O. The relationship between grain size (d) and strain (E) codd be expressed as dxsq, 

with the value of exponent q ranging from 0.2 1 - 0.44 depending on the test temperature. 

The level of texture weakening increased with increasing strain, but did not appear to be 

influenced by the strain rate and test temperature within the superplastic region. 

The samples representing the center and surface layer materials showed significant flow 

anisotropy, whereas full thickness sheet samples showed less anisotropy. The nature of 

anisotropy in the center layer was opposite to that exhibited by the surface layer material. For 

the center layer material, the highest and lowest flow stresses were observed in 90" and 0" 

orientations with respect to the mlling direction of the sheet, respectively. Such effects could 

be attributed to the type and volume fraction of textures which relate to the variation in 

Taylor factor. 

The nile of mixture, applied to the flow properties of the center and surface materials to 

account for that of the full thickness samples, revealed a reasonably good agreement with the 

experimental stress-strain curves in the O0 orientation. However, there occurred deviations in 

other orientations, which could be explained by the difference in texturd evolution during 

defo-mation. 

iii 



The values of strain rate sensitivity index (m = 0.5) and activation energy (Qt rr. 84 kJ/mol) 

suggest the importance of grain boundary phenomena during superplastic deformation, 

however, the texture evolution suggests the importance of dislocation mechanism. The 

constitutive relationship for superplastic deformation was modified to incorporate the effect 

of texture evolution. Analysis of the correlation of various parameters and superplasticity 

indicated that dislocations contribute to superplastic deformation directiy rather than just to 

accommodate grain boundary sliding. 
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Introduction 

CHAPTER 1 

INTRODUCTION 

The development of new materials is becoming essential to meet the ever rising demand in 

modem age of scientific and industrial achievements. In aerospace industries, the thmst for 

achieving higher and higher speed, larger payload capacity, irnproved fuel economy and 

better landing capacities of aircrafts [l], has led to remarkable research and developrnent 

output in material's field. Such demands of matenais have led to a revival of interest in 

developrnent and fabncation of Al-Li alloys since the seventies. Lithium is one of the two 

alloying elements in Al (the other element is beryllium but it is toxic) that can significantly 

decrease the density and simuitaneously increase the elastic modulus, providing better 

specific strength [2]. However, the use of Al-Li alloys for aerospace applications faces 

cornpetition by fiber reinforced plastic composites which are much lighter and also some of 

them have higher specific strength [3]. Therefore, rhere has been a consistent need to 

improve the properties of Al-Li alloys and explore the fabncation route which is more 

economical. Continued attempts to fulfill this goal have Ied to the emergence of several 

commercial AI-Li ailoys, like 2090,8090 and 2095, in a short time [4]. Compared with fiber 

composites, these Al-Li ailoys offer aircrafi manufactures the advantages of lower cost and 

the opportunity for continued use of manufacturing processes and equipment developed for 

conventional Al ailoys [5 ] .  However, AI-Li alloys exhibit lower ductility at room 

temperature, which makes the fabncation of useful components dificult. Aiso, the presence 

of Zr in these alloys suppresses recrystallization and causes the grains to be elongated or 

banded with strong texture, Ieading to anisotropy in mechanical properties in Al-Li alloy 
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sheets. Fortunately, in line with the thennomechanical treatment developed by Rockwell 

group for 7xxx senes of Ai alloys [6] ,  Al-Li alloys can be made superplastic [7]. As A13Zr 

particles inhibit grain boundary migration, their presence is beneficial in producing fine 

grained superplastic materials. Also, superplastic deformation provides additional benefits 

by reducing anisotropy in superplastically formed components. Therefore, a systematic study 

of superplastic behavior of a cornrnercially produced AI-Li alloy should be of interest to both 

the academic and the industrial community. In line of this, an investigation of superplasticity 

in AA8090 Al-Li alloy was initiated witb an emphasis on microstructures, microtextures and 

their evolution during deformation. 

A large number of publications related to AM090 AI-Li alloy have appeared because of its 

use in more product forms and in more diverse applications than any other AI-Li alloy [4]. In 

addition to excellent fatigue properties, good plane stress fracture toughness (like other Al-Li 

alloys), and weldability (like 2090), AA8090 AI-Li alloy demonstrates excellent cryogenic as 

well as elevated temperature properties. Recrystallization causes an outstanding plane-stress 

toughness. Unlike other Al-Li alloys, the engineering properties of this alloy are retained 

upto plate thickness of 10 - 15 cms. The first report on superplastically fonned component 

based on 8090 AI-Li alloy appeared in 1982 [8]. Since then, the investigations on flow 

behavior and concurrent microstruchiral evolution in AA8090 Al-Li alloy have been 

extensively pursued [7-261. The observations on superplastic behavior reported so far cm be 

summarized as follows. 



Introduction 

1. Superplasticity in AA8090 Al-Li alloy can be produced either by special 

thennomechanical treatment or by dynarnic recrystallization, without a need of any special 

processing. The matenal, which has undergone prior static recrystallization, shows much less 

superplasticity than that subjected to dynarnic recrystallization. 

2. Depending upon thermomechanicai treatment employed, there are low temperature 

(LTSP) and high temperature (HTSP) superplastic AM090 alloys. While the former shows 

the maximum ductility (700%) at 350°C, the latter shows the same (1000%) at 500°C. At the 

sarne time, the LTSP material shows less cavitation and grain growth than the HTSP 

material. 

3. The maximum value of strain rate sensitivity index, m, in HTSP materid is 1 0.5 whereas 

it is 0.33 for LTSP material. Also, the activation energies for superplastic deformation in 

these two cases are 92 and 141 kJ/mol, respectively. Accordingly, the mechanisms of 

superplastic deformation in these two versions of AA8OgO are suggested to be grain boundary 

sliding and dislocation creep, respectively. 

4. Tensile test at constant cross-head speed results in greater ductility than at constant true 

strain rate. This is amibuted to the gradual decrease in strain rate in the former case 

compensating the effect of concurrent grain growth during superpiastic deformation. 

5. In as-processed state, AA8090 Al-Li alloy possesses microstructural and mechanical 

anisotropy. There appear gradients in grain rnorphology and texture dong the thickness 

cross-section of the sheet. This is reduced or even eliminated by superplastic deformation. 

6. The mechanism of superplastic deformation in this alloy is a subject of debate. While 

there are opinions supporting the operation of conventional mechanisms based on grain 



boundary sliding, the othes suggest the importance of dislocation slip on the basis of texture 

evolution. 

The comrnercially processed superplastic forming grade AA8090 AL-Li alloy sheet possesses 

very heterogeneous microstructure, including texture. The microstructure is comprised of 

nearly equiaxed grains with copper-type texture towards surface and elongated or pancake 

grains with brass-type texture in the center section of the sheet. The microstructure is found 

to remain unchanged during static annealing. The stnicnire-propew correlation in such a 

material is expected to be much more complex in cornparison to the equiaxed materials. 

Although superplastic behavior has been reported extensively in this material, most of the 

studies have been devoted to the optimization of superplastic condition and qualitative 

description of microstructural evolution. Therefore, the aim of present investigation was to 

systematically study the flow properties and microstmctural evolution, especially texture. in 

the surface and center layer materials separately and to integrate them in the full thickness 

sheet, in order to understand the mechanisms for superplastic deformation. 

Superplasticity in general and in materials of non-equiaxed grain structure in particular are 

reviewed in Chapter II. The experimental procedures, which involved tensile tests' optical 

metallography, orientation imaging microscopy, TEM, SEM are descnbed in Chapter ILI. 

The resuits emerginp fiom this work are presented in Chapter IV. The analysis towards 

understanding the results is attempted and presented in Chapter V. Finaily, the highiights of 

this research are summarized in Chapter VI. 
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CHAPTER 2 

LITERATURE REVIEW 

2.1. Introduction 

Literature available on various aspects of superplasticity is vast, because of its academic and 

industriai importance. As recently reviewed by Sherby and Wadsworth [27], publications in 

this field are growing very rapidly during the last three decades. The recent trends of research 

on superplasticity are found to focus towards (i) thermomechanicai-treatment to develop 

superplasticity in known commercial materials, (ii) development of new materiais with 

superplastic properties, and (iii) superplastic fomiing and difision bonding. While more 

research is being done on these aspects, there are continued attempts towards improving our 

understanding of the basic phenornena of superplasticity and the nature of the associated 

microstructural evolution. Superplasticity is exhibited at elevated temperatures and at 

intermediate strain rates by the matenais which contain stable fine equiaxed grains. 

However, most of the cornmercially rolled sheets possess fine grains and non uniform 

distribution of grain size, grain shape and texture, which makes the correlation between flow 

behavior and microstmcture more complex, and so does the understanding of the deformation 

mechanism. AA8090 AI-Li alloy is one of a senes of commercially important superplastic 

materiais, which are quasi-single phase aiuminum alioys and owe their superplasticity to a 

specific thermo-mechanical-treatment. This alloy is the result of research and development 

work to produce high strength and low density (hi& specific strength) materials for 

aerospace applications. In the as-processed state, this material contains a complex 
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microstructure and possess lower ductility at room temperature which limits its formability. 

However, when it is given appropriate thermomechanicd treatment, the microstnicture 

evolves towards the one which c m  give rise to superplasticity. The present literature review 

is an attempt to focus on those aspects of superplasticity which are relevant to understanding 

the structure-property correlations and micromechanisms of superplastic deformation in 

AA8090 rolled sheet material. 

2.2. Superplasticity 

Superplasticity is the ability of a polycrystalline material with a specific microstructure to 

exhibit, in a generally isotropie manner, very high tensile elongation prior to failure under 

certain conditions of temperature and strain rate. Histoncally, the earliest report of true 

superpiastic deformation is generally attnbuted to the classic work of Pearson in 1934 on Pb- 

Sn and Bi-Sn eutectic alloys [28], although recently it was discovered that superplasticity 

was first s h o w  by Bebgough in 1912 in an a/p bras  [27]. The Bi-Sn eutectic, which is 

essentially bnttle in the as-cast condition (about 5% elongation to failure), could be made 

superplastic to exhibit an elongation of 1950%. The pioneenng work of Backofen and his 

CO-workers at MIT on Zn-Al and Pb-Sn alloys showed the potential for utilization of 

superplastic forming through simple operations [29]. This is beneficial for the formation of 

products having complex shapes. Recently, the field of superplasticity has expanded 

dramatically as evidence has been forthcorning for the attainrnent of high tensile ductility in a 

very wide range of new and advanced materiais, including mechanically alloyed metals, 

superalloys, ceramics, intermetallics, and both metal matrix and ceramic matrix composites 

[301. 
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2.2.1 Conditions for Superplastic Deformation 

While the conditions for superplasticity of metailic materials are well established, the same 

for non-metallic fine-grained materials are less well defined. Descnbed below are the 

prerequisites for the materials to exhibit superplasticity. 

a. Deformation Conditions 

(i) Strain rate sensitivity index (m) - Superplasticity requires the value of strain rate 

sensitivity index m. to be greater than 0.3. Such high values of m are observed at 

intermediate strain rates, normally in the range 10"- 1 o'~/s. These strain rates are rnuch Iowa 

than those employed in conventional processes, which have positive exponents of strain rates. 

The strain rate range for superplasticity shifrs towards higher values with an increase in 

temperature and a decrease in grain size. Successful atternpts have being made to get 

superplasticity at higher strain rates by using mechanical alloying or other processing 

methods. For example, mechanically alloyed IN902 1 (Al-4.0wt%Cu- 1 .S%wtMg- 1. l wt%C- 

0.8wt%O with 4.1%AI,C3 and 1.2% AI,O1 dispersoids in volume fraction), was found to 

exhibit ductility of 1250% at a strain rate of 5Ws. [3 11. 

(ü) Temperature - Superplasticity is generally exhibited at temperatures higher than 0.5 

Tm, where Tm is the absolute melting point. Higher temperature facilitates the deformation 

processes involved in superplastic deformation. 



b. Microstructural Conditions 

(i) Fine grain size - For metallic materials the grain size should be less than 1 O p  whereas 

for ceramics it should be less than 1 p. The presence of fine grains in a material provides 

more grain boundary area which improves the probability of the occurrence of grain boundary 

phenomena for superplasticity, like grain boundary sliding, grain boundary diffusion and 

grain boundary migration etc. 

(ii) Grain shape -The grains shouid generally have equiaxed shape, although 

superplasticity is shown by the materials which do not have initially equiaxed grains that is 

attained by microstructural evolution in the early part of deformation. For example, in the as- 

cast state AI-Cu eutectic is not superplastic but with continued cycling of deformation over a 

range of strain rates at hi& ternperatures, m increases to the value necessary for 

superplasticity [32]. 

(iii) Grain size stability - Since superplasticity is seen at eievated temperatures and 

intermediate strain rates, the initial fine grains rnay undergo substantial coarsening during 

superplastic deformation, which rnay impair superplastic property of the materid. The grain 

size stability is achieved by making use of either second phase or precipitates in the material, 

which irnpede grain boundary mobility. 

(iv) Nature of grain boundaries -The grain boundaries should have high angles, typicaily 

obtained by annealhg of cold worked materials or by hot working. Grain boundary sliding, 



which is the dominant process during superplastic deformation, takes place easily in the hi& 

angle grain boundaries [33]. 

2.2.2 Mechanical and Microstructural Characteristics 

Tensile testing has been used extensively to study and evaluate superplasticity. Several 

aspects of tende behavior under superplastic deformation conditions are described below. 

a. The Normal Mode and the Superplastic Mode 

Flow stress (o) is a function of s& (E), strain rate(&), temperature (T), and microstructure 

(S) of the matenal. In general terms, stress may be expressed by the relation 

= f ( ~ ,  2, T, S )  (2.1) 

Typical stress-strain curves of Ais1 1040 steel at room temperature and at three strain rates 

are shown in Fig.Z.l [34]. 
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Fig.2.1. (1VormaZ deformation mode) the effect of strain rate on the stress-strain 

m e s  for AZSi 1040 Steel ar room temperature (341. 



For this non superplastic matenal, it is evident that the stress increases with increasing strain 

as well as strain rate. Under such conventionai mode of defonnation, stress is a function of 

strain and strain rate, and equation (1) reduces to 

= ~ ~ ~ ~ s & ~  (2.2) 

where n, is the strain hardening exponent, m is the strain rate sensitivity index, and K' is 

determined by temperature and microstmcture of the material. In the normal deformation 

mode, the value of m is usually very small and may be close to zero in materials like Al. The 

value of n, is usually large. As n, is dominant and m is negligible, equation (2.2) reduces to 

(3 = KlrE ns (2.3) 

where K" is a constant. In this deformation mode, tensile samples normaily fail by a neck 

formation and the resistance to necking is entirely due to strain hardening. Usually, 

defortnation in the normal mode occurs at temperatures below 0.4 Tm. 

Fig.2.2 [35] shows the stress-strain curves of a Sn-Pb alloy deformed at 273K and at two 

strain rates of 9 . 5 ~ 1  O*' and 1 .%cl 0%. The nature of these two curves is different fiom those 

shown in Fig.2.1 in the sense that stress is not a fimction of strain but, instead, the material 

flows at a constant stress level. That is, the strain hardening iç negligible, which is 

charactenstic of an ideal superplastic flow behavior. However, the steady-state 80w stress 

increases with an increase in strain rate. As the straïn hardening coefficient n, equals zero in 

this case, equation (2.2) reduces to 

0 = K&"' 
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where K is a material constant depending upon test temperature and the microstructure of the 

specimen. Ln this mode, the resistance to necking is due to high strain rate sensitivity (rn) of 

the material. The total elongation obtained under the condition of superplastic deformation is 

usually mucb higher than that obtahable in a normal deformation mode. 

ductility recorded to-date is about 8000% in a commercial bronze [36]. 

The maximum 
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Fig.2.2. (Ideal superplastic deformation mode) the effect of strain and strain rate on 

the stress-strain curves for Sn-Pb eutectic at 30 93 and at strain rate of (a) 9 . M  O-' and 

(b) 1.9~1 O%, respectivel'y [35J 

b. Nature of Stress-Strain Rate Curves in Superplastic Deformation Mode 

In superplastic materials, the flow stress is particularly sensitive to the strain rate, 

temperature and grain size. The effect of temperature and grain size can be incorporated in 

the stress-strain rate relationship given by equation (2.4). In its nonnalized form, the 

constitutive relationship can be represented as [371, 



g =  AD,Eb ( -1  b (-1 cr e x -  -) Q . (2.5) kT d E RT 

Here E is steady state strain rate, A is a dimensionless constant which depends on the creep 

mechanisrn, Do exp(-QIRT) is the diffusion coefficient, E is the Young's modulus, b is the 

Burgers vector, d is the grain size, p is the grain size exponent, n (=l/m) is the stress 

exponent, k, R and T have their usuai meanings. According to this relation there will be a 

unique value of flow stress for a selected combination of strain rate, test temperature and 

grain size. 

As suggested by equations (2.4) and (2.5), the dope of the plot of Ino vs. In É gives the value 

of m. Similarly, the values of p and Q are obtained fiom the stress-strain rate plots for 

various grain sizes and at different temperatures, respectively. The Ino vs. 1nÉ plots over a 

large range of strain rates cu i  be usually divided into different regions. Fig.2.3 [3 81 shows 

these regions, 1, II and III, which is common for various superplastic materials. With an 

increase in test temperature or a decrease in grain size. flow stress decreases and the 

transition between regions II and III shifts towards higher strain rate. Fig.2.3 also shows 

additional regime (region O) at very low strain rates. The typical values of m, p and Q are 

presented in Fig.2.3 dong with a summary of rnicromechanisms and microstructural changes 

occuming in different regions. Here, Qgb and QI are the activation energies for grain boundary 

and lattice diffusion, respectively. While regions 1 and III, representing the lower and higher 

strain rate ranges, have smaller values of m I 0.3, the value of m in region II, which is known 



as the superplastic region, is greater than 0.3. As concluded by Langdon [39], there exists 

controversy about the exact nature of the stress-strain rate curves at lower strain rates (region 

O and 1). Some group of investigators believe that the presence of region 1 is the result of 

excessive grain growth rather than a new regime of different deformation mechanism. 

Recently, in a number of publications Mohamed and his CO-workers [40] have athibuted the 

existence of region I to the threshold stress arking &om the presence of impurities in the 

material. 

LOG (STRAIN RATE) 

Fig.2.3. Schematic illustration of the strain rate dependence offlow stress in a 

superplatic material [38]. 



c. Effect of Strain Rate Sensitivity on Ductility 

Sometimes, the slope of lna vs. ln& plot is found to Vary continuously from the peak value at 

an intermediate strain rate to the lower values towards either region 1 or III. This is illwtrated 

in Fig.2.4 for a Mg-Ai alloy [41]. Such a variation in m also results in a similar effect of 

stra in rate on ductility, as illustrated for Zn-22%Al alloy in Fig.2.5 [42]. Irrespective of the 

type of material, it is established that an increase in m leads to an increase in ductility as 

illustrated in Fig.2.6 [39]. Similarly, m increases with an increase in temperature and a 

decrease in grain size which, in tum, leads to an increase in ductility [35]. 

Fig.2.4. Strain rate dependence of (n)flow stress, und m value for a Mg-AZ alloy 

superplasticall'y deformed at 350 '2: [41]. 



i (s-') 
Fig.2.5. Elongation to failure (upper) andjlow stress (7ower) vs. initial struin rate for 

Zn-22Al ut temperature range fiom 150 - 230 CC [42]. 

O Variaus m ~ t o l s  (W00dfœd. 1969) 

ct-c Zn-22XAI (Mohomed etal, R77) 
m Pb-62XSn (Ahmad and LaiqdOn.RT7) 

Fig.2.6. Strnin rate sensitiviîy index vs. elongation to failure for various rnefals and 

the highly superpiastic Zn-22AI and Pb-62Sn aIIoys [39]. 



d. Parameters of the Constitutive Relationship 

The stress-strain rate data are obtained by differential strain rate tests, constant strain rare 

tests and stress relaxation tests. While, as described earlier, m is the slope of ln(stress) vs. 

In(strain rate) plot, it is also determined by several methods 1351, such as by the change in 

load values on changing the cross head speed during straining. The values of p and Q can be 

determined from the stress-strain rate data by making use of equation (2.5) in appropriate 

forms, viz. 

Once the values of m, p and Q are obtained, the same can be used to determine the magnitude 

of A in equation (2.5). The values of al1 these parameters, as typically shown in Fig.2.3. are 

then compared with the predictions of various theones to understand the mechanisms for 

deformation. The mechanisms for superplastic deformation are presented in the section 2.3. 

2.2.3. Texture 

The study of texture evolution during superplastic deformation provides information 

regarding the deformation mechanisrns, because the final texture represents the cumulative 

effect of the entire thermal and mechanical history of the specimen. In spite of its 

importance, the studies on the role of texture in superplasticity Iiterature are very limited in 

cornparison to the other aspects of superplasticity. This may be mainly due to the non- 

avaiiability of the facility and a lack of general interest in accepting this to be an important 
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parameter for understanding the mechanisms of superplastic deformation. However, some 

in-depth investigations performed by using texture measurements should contribute towards a 

better understanding of the subject. In fact, as far as the mechanism involving dislocations 

during superplastic deformation is concerned, texture information is very valuable because of 

its being a record of entire dislocation activity during the deformation process. This is not the 

case when other techniques? which only give the current structural details, are employed 

because the dislocations can easily disappear into grain boimdaries at high temperature 

de formation. 

Therefore, it is intended to provide a general background about textures and the related 

terminology in the appendix, which may be usefùl in appreciating the present work and the 

relevant literature available on texture evolution during superplastic defomation. 

The study of texture evolution in rolled sheet materials has been the subject of several 

investigations in recent times, which will be summarized in section 2.4.6 by taking f i 8 0 9 0  

Al-Li alloy as an example. Presented next is a general summary of texture studies during 

superplastic defomation. 

Various observations on textures during superplastic deformation in quasi-single phase and 

two phase materials have been surnmarized by Edington et al [36], and Padmanabhan and 

Davies [35]. Although some of the observations and conclusions are questionable according 

to the latter authors, the following points provide an interesthg background for understanding 

the mechanisms for superplastic deformation. 



1. In rnicroduplex alloys, texture evolution i~ the two phases can be quite different. While 

one phase can show extensive evidence of slip by appearance of new peaks of texture, the 

other phase may not undergo slip. 

2. If the material does not have preferential orientation in the beginning, no texture is 

developed during superplastic deformation. 

3. There occurs a texture weakening and randomization of orientation if the material contains 

texture at the beginning of superplastic deformation. Such textural evolution during 

superplastic deformation depends on strain rate sensitivity index, nature of phases present 

in the matenal and the sarnple orientation. The degree of texture weakening increases with 

increase in the value of m due to grain boundary sliding and grain rotation. 

4. Occasionally, new peaks of texture were found during superplastic deformation when the 

staning structure was anisotropic. 

5. At optimal strain rate for superplasticity, certain components of texture are more stable 

than others. 

2.3. Mechanisms for Superplastic Deformation 

Although superplasticity was initially considered to be associated with fine equiaxed grains, 

the process used for the production of these materials does not always lead to such an ideai 

microstructure. Quite often the microstructures of the materials processed for superplasticity 

contain elongated grains in one or two directions, banded structures and pancake grains etc., 

which are also seen to have a strong texture. Inspite of such heterogeneity in microsmictures, 



these materials are found to show satis factory superplastic pro perties. While the mec hanisms 

for superplastic defomation for the case of equiaxed grains have been studied in-depth, the 

uistability of the second type of microstnicture (pancake grains etc. ) rnakes the development 

of suitable theories difficult. Nonetheless, this has been the subject of many investigations. 

For convenience and clarity the mechanisms for superplastic defomation in literahire, 

reviewed here, are classified as for materials having (i) equiaxed grains, and (ii) non-equiaxed 

@m. The former will be referred as traditional superplastic materials whereas the latter will 

be referred as deformation induced continuous recrystallized materials (DICR). 

2.3.1. Traditional and DICR Materials 

In these two kinds of superplastic materials, the traditional materials are in the recrystallized 

state with microstructural features consisting of equiaxed grain structure and random 

orientation. The second group of materials are rolled sheets typically in unrecrystallized state 

with nonequiaxed grain structure and texture. The study of superplasticity on the first kind of 

materials, such as on Pb-Sn, Bi-Sn, Zn-Al eutectic and eutectoid materials. started early. 

However, extensive studies on the superplastic behavior of rolled sheet materials have been 

undertaken in recent years, as rolled sheet is one of the very important starting industrial 

materials. 

If one compares the t ende  behavior of these two kinds of materials during superp!astic 

deformation, it would be difficult to see the difference. However, the microstructural 

evolution in these two kind of matends during superplastic deformation is different. In the 



first kind of materid, the microstructural evolution results in grain growth without any 

change in the initial microstructural characten, like grain shape and texture. The evolution of 

microstructure of the second kind of material results in changes in the initial characteristics. 

The initial microstructure of most of the rolled sheets consists of elongated or pancake shaped 

grains in the cross-section. The distribution of grain shape in cross-section in these materials 

may differ considerably fiom the surface to the center and the texture might also be non 

uniform through the cross-section. When the matenal is subjected to static annealing at the 

superplastic deformation temperature, grain growth occurs. The grain growth is associated 

with recovery, change of subgrain structures, dislocation sûucture and precipitates. However. 

grain shape and texture rnay not change significantly, meaning no discontinuous 

recrystallization (including the nucleation of new grains and their growth) occurs during 

static annealing. In contrast to this, during superplastic deformation, not oniy does the grain 

growth occur, but the grains also become equiaxed and the initial texture becomes weaker. 

After certain amount of strain, the material develops characteristics of a recrystallized 

product. The process is termed deformation induced continuous recrystallization (DICR). 

Therefore, for the first kind of material, here, the term used is "traditional superplastic 

material", and for the second kind of material the term of "DICR materid" is used. 

2.3.2. Theories of Superplastic Deformation for Traditional Materials 

It has been clear for some time that grain boundary sliding (GBS) plays a major role in 

superplastic deformation of many alloys. For GBS to occur, extensive materiai transport 

must take place to maintain compatibility between the grains. Consequently, GBS and its 
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accommodation processes are generally included as part of the overall deformation 

mec hanism. Various models have been develo ped to explain the experimentall y determined 

constitutive relationship and the topological features observed during superplastic 

deformation. Although the newer models simply attempt to overcome the limitations of 

proceeding models for superplastic deformation, no single theory so far is able to account for 

al1 the observations. Giikins [43] in the first international conference (1982) on 

superplasticity, had proposed the possibility of simultaneous occurrence of al1 the 

mechanisms in di fferent zones of the superplastically deforming matends. Based on the 

accommodation processes, the available models for superplastic deformation can be classified 

[44] into two groups: (i) accommodation due to dislocation motion and (ii) difisional 

accommodation. n ie  group (ii) can be M e r  classified into an accommodation process due 

to dislocation pile-ups (either inside the grains or in the interfaces) and due to motion of 

individual dislocations. The models for superplastic deformation have been the subject of 

several reviews 136,451. Presented in Table2.1 is a summary of various models for 

superplasticity, which is a modification of the Table initially given by Neih et al (1 997) [46]. 



Table.2.1 Summary of Proposed Models for Superplastic Deformation 
on Grain Boundary Sliding and Its Accommodation Processes 

1. Dislocation pile-ups within the grains 

Models proposed by 

Groups of grains slide as a unit. Unfavorably oriented grains 

Basic principle Constitutive relationship 

1 obsmct the process. ï he  stress concentration is relieved by I 

A. Slip accommodation (rate controlling) 

Bali and Hutchson 

[47] ( 1969) 

up in pile-ups at opposite GBs. The rate of sliding is 

controlled by the climb of the leading dislocation into GBs. 

Mukhe jee 

2. Pile-ups in the interfaces (grain and/or phase boundaries) 

dislocation motion in the blocking grains. These dislocations 

pile up against the opposite GB. The leading dislocation in 

the pile-ups can climb into GB and get annihilated. 

Grains slide individually. Dislocations are generated by 

ledges and protrusions in GBs, traverse the grain, and are held 

Muhke rjee 

[48] (1975) 

. 

Langdon 

[49] (1970) 

This is a modification of his original model. GBS is rate 

controlled by dislocation motion in the GB by cIimb-glide 

process. The cornpatibility between the adjacent grains is 

achieved by diffusion controlled climb of lattice dislocations 

along the GBs. Thus, repeated accommodation is possible for 

the operation of GBS as a unit process. 

GBS occurs by the movement of dislocations along, or 

adjacent to, the boundary by a combination of climb and glide. 

The strain rate due to sliding is proportional to $id. The 

various deformation mechanisms, including sliding, operate 

independently at lower stresses andior srnaller grain sizes. At 

constant but high stresses, the contribution of GBS to total 

strain increases with decrease in grain site, but this trend is 

reversed at lower stress levels. 

Sliding takes place by the motion of GB dislocations that pile 

up at triple points. The stress concentration is relaxed by the 

dissociation of the leading GB dislocation. The dissociated 

dislocations move along the adjoining GBs at triple point, 

o r h d  lattice in vicinity of GB. The spIit disIocations clirnb 

and glide until they meet each other and get annihilated. 



The slip accommodation process for GBS involves the I 
sequential steps of glide and climb. When the climb is the I 
rate controlling step, the stress concentration at the lead of the 

pile-ups results in superplasticity (m = 0.5). When glide is the 

rate controlling step, however, m is equal to unity because I 
there is no pile-up stress. 

Importance of changes in structure and properties of GBs at 

interaction with lattice defects is emphasized. Superplastic 

flow begins with the generation and motion of GB I 
dislocations. Stress concentration due to pile-ups of GB 1 

through the grain interior. Such absorption of didocations by 

GBs result in the activation of GBS and d i f i ion .  The 

dislocations in triple points initiates generation of lattice 

dislocations. These dislocations enter the GBs after travening 

application of the concepts of strain hardening and recovery I 

E 
) = 

describes the microscopic pattern of flow. I 
This is a theory for SPD in two phase materials. Piled-up GB 

dislocations climb away into adjacent disordered segment of 

the interphase boundary (IPB). Sources in the IPB introduce 

dislocations in the pile-up glide toward the head of the pile- I 

new dislocations to replace those that have climbed away from 

the head of pile-up. Sliding occurs at the IPBs as the 

up. A threshold stress, due to the pinning interaction between I 

b O- q, ' = 4 (;)' D,pB (- 
E 

1: 

IPB superdislocations and boundary ledges, are incorporated. 

Kinetics of relaxation of various non equilibrium dislocation 

ensembles formed in GBs was anaIyzed to develop models for 

superplastic flow. This invoIves series of mechanisms which 

equations. I 

& = K,., 
d' 

are effective and operate at different levels of the applied 

stresses, different geomeûy of biple junctions and grain sizes. 

The common feature of these mechanisms is the back stress 

6om accommodating GB dislocation arrays which impedes 

the main deformation process and determines the sirnilar rate 

Superplastic behavior results 6om the transition of a grain 

va is rhe atomic 

is the width of 

gr, boundary. 

boundary into a special high-excited state, by destabilization 

of the atomic stnicture by fluxes of lattice dislocations. Such 



a state facilitates the occurrence of GBS. GBS is 

accommodated through cooperative local GB migration, 

emittance of lanice dislocations fkom ben& and boundary 

junctions, and d i e i o n  mass transfer. 

3. Accommodation by the motion of individual dislocations 

Hayden et al 

[56] (1972) 

Spingarn and Nix 

[57] ( 1  979) 

Arieli and Mukherjee 

[58] (1980) 

Ashby-Verall 

[S9] (1 973) 

GBS is controlled by the rate of intergranular dislocation 

creep. Dislocations are nucleated at GB triple points and 

ledges, traverse individually in the grain by glide and climb 

and then finally climb to annihilation site in the opposite GBs. 

Proposed two constitutive relation for the relatively lower and 

higher temperature ranges. 

Deformation occurs by intragranular slip along slip bands 

which are blocked by GBs. The sbmain at the boundaries is 

accommodated by d i h i o n a l  flow. The slip band spacing 

decreases as the strain rate is increased. At very large 

stresses, the slip band spacing is taken to be equal to the 

subgrain size. 

The individual lattice dislocations in a narrow region near the 

interfaces climb directly into and'or along the interfaces. 

Multiplication of dislocations takes place during c l h b  for 

making the process self-regenerative. At hi& stresses more 

dislocation arrive at the interfaces 6orn the grain interior, the 

critical step then being the overcoming of the obstacles to 

their motion inside the grains. This involves glide and climb 

processes controlled by lattice diffusion. 

B. Diffusional accommodation 

Superplasticity is treated as a transition region benveen 

diffusion accomrnodated flow, operative at low strain rates, 

and difiion-controlled dislocation climb at high strain rates. 

Units of four grains must deform cooperatively in order to 

achieve a unit strain of 0.55. During this process, while the 

two adjacent neighboring grains are separated apart the other 

two grains corne closer to each other. This involves a 

transient stage where two triple points of the four grains are 

replaced by a quadruple by Dif i ional  process, and finally 

the grain switching tums the original grain configuration in the 

where Dp is d i f i s iv is  along 

dislocation pipe. 



Literatwe review 

direction of tensiIe axis. At low strain rates, the specimen 

elongation is accomplished by grain reanangernent which in 

turn takes place by GBS. There &ses threshold stress due to 

transient increase in p i n  boundary area during grain 

rearrangement process. At high strain rates, the specimen 

elongation is achieved by the change of the shape of 

individual grains. 

Superplasticity can be shown by pure GBS without any 

accommodation process. Initially, atom-vacancy interchanges 

lead to GBS until the flow is blocked at an obstacle, e.g. 

ledges, triple points etc. The resistance to flow offered by the 

obstacle leads to the development of an elastic back stress. 

When this signifrcantly exceeds the rnean boundary shear 

stress, stress enhanced local diffusion results in atomic 

rearrangernent. This process continues until the obstacles 

become more conducive to easy and continuous sliding. 

Finally, the steady state superplastic flow is attained when al1 

the obstacles are smoothed out and GBS can take place 

without being accompanied by other process. 

Based on the atomistic calculations for grainlinterphase 

boundary sliding, superplastic flow is controlled by GBS at a 

rnesoscopic scale. In this case, GBS is accornrnodated by 

non-rate controlled diffusion and dislocation motion. 

where D may differ from DL 

and Dgb. 



233. Deformation Induced Continuous Recrystallization @KR) 

The early studies on superplasticity of unrecrystallized rolled Al alloy sheets were due to 

Watts in 1976 [6 11 on Al-Cu-Zr alloys, and due to Nes in 1978 on Al-Mn-Zr alloy [62].  

According to these studies, an important feature of rnicrostruchual evolution during 

superplastic deformation in rolled sheet materials is that the microstnicturd changes from the 

initial unrecrystallized structure to the recrystallized structure. The former has non-equiaxed 

grain shape and strong texture, while the later has equiaxed grain shape and weakened 

texture. Because the recrystallized structure is reached through superplastic deformation, a 

term, deformaiion induced continuous recrystai~ization @ICR) is used to descnbe the 

process of microsûuctural evolution. DICR is used to emphasize the continuous process of 

microstmctural evolution during superplastic deformation fiom an unrecrystallized rolled 

sheet matenal, rather than the process of nucleation of new grains and their growth which 

occurs during discontinuous recrystallization. There are a number of publications which 

report the behavior of DlCR materials during superplastic deformation. Most of them deal 

with the investigation of Al alloys [ 10, 17, 18,23,24, and 6 1-79]. In the literature DICR has 

been attributed to (1) texhue weakening, (2) increase in grain misorientation and (3) increase 

in the number of large angle grain boundaries. 

Under superplastic deformation conditions, DICR is complete before a certain arnount of 

straui. This is known as the first stage. During this stage the transition of microstructure 

fiom that of starting unrecrystallized specimen to that which is characteristic of the 



recrystallized specimen, occurs continuously. It is found that during this stage alloys could 

be deformed at strain rates higher than 10-%ec 110, 1 7, 18,64,67,68]. Since hi& angle 

boundaries are believed to have been developed during the first stage of deformation. the 

microstructure at the end of the first stage satisfies the requirements of deformation by 

traditional superplastic deformation mode. Therefore, defornation d e r  the first stage is 

believed to be similar to that which occurs in traditionai superplastic deformation materials. 

and is said to constihite the second stage. The strain rate in the second stage is similar to that 

of the traditional matenals. According to the published reports [IO, 18, 671, larger 

elongations have been obtained by using the two stage superplastic deformation mode than 

the constant strain rate mode. Typical proposed deformation mechanisms in DICR are 

outlined next. 

(a) Subgrain coalescence 

In a study of superplastic deformation behavior in a series of rolled Al-Cu-Zr alloys, Watts 

and CO-workers [6 11 found that DICR took piace during the eariy stages of deformation. The 

most noticeable feanire found in their study was rapid subgrain growth coupled with an 

increase in misorientation behveen grains. They suggested that the dislocation walls with 

lowest angles dissociated by a combination of glide and climb, and the misorientation across 

the large angle subboundaries increased. A process akin to subgrain coalescence for static 

recrystahation took place durùig deformation. Dislocations and subgrain boundaries were 

found within the grains by TEM. The TEM samples were obtained by quenching the tensile 

specimens under Ioad. The authors, however, did not discuss the details of the dislocation 

mechanism. 



in the same alloy, the microstructure following superplastic deformation was also studied by 

other researchers by using TEM [74]. 'The TEM samples were obtained by the same 

technique as above. Both individual dislocations and dislocation networks were observed in 

the samples, and high dislocation densities were observed in some larger grains. Based on 

these observations, it was suggested that the process may occur either by the coalescence of 

adjacent boundaries or by slipklimb of dislocations to the opposite boundaries. It was M e r  

suggested that the dislocations will offer the greatest resistance to GBS. Therefore, 

dislocation motion should still be important at strain rates corresponding to superplastic 

defonnation, at least as an accommodation mechanism. 

@) Subgrain bo undary siiding 

McNelley and coworkers [64,79] carried out a series of studies on AI-Mg alloys, and 

measured grain misorientations by TEM in as-rolled, anneaied and superplastically deformed 

sarnples. They found that (1) the low angle grain boundaries (1 -5") were dominant in the as- 

rolled matenal; (2) the grain misorientation increased a little, 2 - 7 O ,  as a consequence of 

dislocation rearrangement d e r  static annealing; and (3) the gmin misonentation increased 

substantially to 10-30° after superplastic defonnation. They suggested that the low angle 

grain boundaries behave the same way as the high angle grain boundaries even with 

misorientations less than 1 O0 at the onset of superplastic deformation. This suggestion means 

that sliding of low angle grain boundaries takes place at the initial stage of superplastic 

deformation. The tendency of microtexture (measured by TEM) to becorne random was dso 
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found. They believed that grain rotation occurred during superplastic deformation, which 

was associated with GBS. Dislocations observed within the grains were interpreted as an 

evidence of an accommodation rnechanism for GBS. The absorption of such dislocations 

hto boundaries had the effect of increasing misorientation between adjacent grains during 

superplastic deformation. 

(c) Subgrain boundary migration 

In a commercial Ai-Cu-Zr alloy, Nes [62,76] studied the DICR behavior by using TEM. He 

proposed that die development of high angle grain boundaries is a consequence of rapid 

subgrain growth during superplastic deformation. Grain misorientation was considered to be 

accommodated with increase in grain boundary migration distance. Thus, a high angle grain 

boundary could evolve fiom subgrain boundaries. The role of straining was to accelerate 

subgrain boundary migration (rapid grain growth), which allowed hi& angle grain 

boundaries to form in cases where subgrain growth during static annealing would be too low 

to develop high angle grain boundaries. 

(d). Subgrain rotation, GBS and subgrain s witch ing 

Wert and coworkers [77] studied the microstructural evolution during superplastic 

deformation in Al-Zr-Si, Al-Cu-Zr-Si and ALLi 2095 alloys by TEM. Both grain 

misorientation and microtexture were measured. The as-rolled microstructure in these three 

alloys was found to be similar. The alloys consisted of layers of grains parallel to the rolling 

plane. Only low angle grain boundaries were present withh each layer, while adjacent layen 



were separated by high angle grah boundaries. The increase in grain misorientation and the 

weakening of micro-texture during superplastic deforrnation were observed in d l  the three 

alloys, which were believed to be due to subgrain rotation during superplastic deforrnation. 

They suggested that at the start of superplastic deformation a significant fraction of the 

boundary area consisted of high angle grain boundaries, and sliding of these preexisting high 

angle grain boundaries might have led to an increase in misorientation through subgrain 

rotation. The subgrain rotation was suggested to be associated with GBS. In the process of 

deformation. the preexisting high angle grain boundaries played a key role in the 

misorientation evolution. 

Later on, Lyttle and Wert [78] incorporated subgrain switching into their previous model. 

The mechanism of subgrain switching was derived fiom the grain switching model proposed 

by Ashby and Verrall [59]. They, thus suggested that the overall mechanism consists of 

subgrain rotation, subgrain switching and grain boundary sliding. 

(e) Su bgrain superplasticity 

Gandhi and Raj [80] analyzed different superplastic deformation behavior of various 

duminum alloys which contained either low angle boundaries or high angle boundaries. 

They proposed a model for subgrain superplasticity, in which they considered a balance 

between the arrivai and emission rates of dislocations at low angle boundaries during 

deformation. They predicted that the subgrain structure would be stable within a certain 

range of strain rates. However, if the main rate waç too slow then the arrivd rate of 



dislocations would exceed the emission rate, and the subgrain boundaries would gradually 

grow into high angle boundaries. If the strain rate was too hi&, then the emission rate would 

be faster and the low angle boundaries would annihilate into the crystal grains. 

fl Dislocation activity 

Q. Liu et al [68] studied the microstructural evolution during superplastic deformation in an 

Al-Li alloy of near 2090 composition (Al-2.25Li-2.75Cu- 1.1 OMg-0.12Zr) by TEM. The 

grain misorientation development following the superplastic deformation was measured, and 

an increase in grain misorientation was observed during the initial stages of superplastic 

deformation. They separated the DICR itself into two stages. Subgrain boundary migration 

was thought to be easier in the first stage, and subgrain coalescence was suggested to have 

made a large contribution to the increase in grain misorientation during this stage. In the 

second stage, the generation and absorption of dislocations at grain boundaries were 

considered to result in a rapid increase in misorientation. They suggested that dislocation 

gliding within the grains can occur continuously to account for the observed strain during 

DICR, and higher the strain rate the faster the increase in misonentation during DICR. 

Bate and his colleagues [23, 241 studied the microstt-uctural evolution during superplastic 

deformation in an Al-Li AA8090 alloy by both tensile testing and deep drawing. Optical 

microscopy was used to study the microstructural evolution. Textural changes following the 

superplastic deformation were measured by X-rays and, the experimental data were analyzed 

by the orientation distribution h c t i o n .  The terms like banded and layered structure were 



used to describe the starting microstnictural characteristics in the central portion of the 

through thickness section of the rolled sheet. (1 10) <112> Brass texture was observed to be 

the preferentiai orientation in this position. The material in the top layers in the same section 

had a texture of (100) <110>, and consisted of reasonably equiaxed grains. The boundaries 

between layers were high angle boundaries and within such layer the boundaries were of low 

angle character. They studied both the full thickness and just the rniddle center layers of the 

material, in which the outer layers were removed from each side. The tensile tests were 

performed at 5270C at a strain rate of 1x1 0-%ec. The results indicated that the flow stress of 

the center layer material was slightly higher than that of the fiill thickness material. But, the 

strain rate sensitivities for these two specimens showed no significant difference. Up to a 

strain of about 0.4, little change in the texture occurred. Between strains of 0.4 to 1 .O, a 

considerable texture weakening took place. Based on these experimental results, they 

proposed the deformation process to be a combination of grain rotation and grain growth in 

the absence of relative grain trandation, and this process was suggested to operate up to a 

strain greater than unity in the superplastic deformation regime. They also suggested that the 

interaction of lanice dislocations with grain boundaries was likely to be one of the most 

important aspects during superplastic deformation, and a m e r  modeling of deformation 

rnicromechanisms operating during superplastic deformation was required. They gave a clear 

challenging argument that, on the bais  of their experimental work, one of the currentiy 

dominant mode1 viz. GBS may not be relevant, at least in some cases of deformation of 

material with high strain rate sensitivity. However, an alternative mechanism was not 

presented. 
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2. Liu et al [63] examined the microstructures of the Ai-Li 8090 alloy by TEM by using 

samples quenched after deformation. They found that dislocations formed at the triple 

junctions, grain boundary ledges and particles. The slip of such dislocations was quite active 

during the initial stages of deformation. During the middle stages of deformation, the 

dynarnic recovery of interior dislocations occurred to form subgrain boundaries. Finally, 

aithough the dynamic recovery did not stop up to the failure stage, the accommodation 

mechanism by dislocation slip becarne more important. They suggested the dislocation slip 

to be the main mechanism of deformation during the early stages, and both dynamic recovery 

and dislocation slip to be part of the accommodation mechanism for GBS during superplastic 

de formation. 

Pu et al studied the superplastic deformation behavior of an AA8090 alloy at a temperature of 

350°C through a special thermo-mechanical treatment [26]. The microstructurai examination 

was conducted by TEM by using the samples quenched under load. They observed that a 

great deal of dislocation interactions occurred in larger grains, the multiple dislocation slip 

systems were active, and these dislocations originated from different sources. They 

suggested that dislocation creep was involved in the deformation process and dislocations 

played an important role in the accommodation of GBS. 

Liu and Chakrabarti [75] studied the microtexture evolution during superplastic deformation 

in a modified 7050 Al alloy by OIM technique (about OIM see section 3.5). Deformation 



was conducted at 447°C and at a stlain rate of 2x 1 o-~/s. Both microstructural examination 

and microtexture meanirement were carried out only in the mid-thickness of the longitudinal 

section. The as-received materials had heavily banded unrecrystalIized microstructure with 

b r a s  texture { 1 1 0) < 1 1 B. Upon exposure to the test temperature without deformation, only 

recovery but no significant recrystallization occurred. The stress and strain curve at this 

deformation condition showed a peak at a tme sîrain of 0.4. The microstructure in the gauge 

section was not noticeably different fiom that of the grip section before being strained to 0.4. 

At a strain of 0.4 recrystallized grains were obsemed, and at a strain of 0.75 the banded 

structure was replaced by a more equiaxed and uniform grain structure. At a strain of 1 -3 the 

microstructure resembled the nearly equiaxed recrystallized fuie grained structure. Texture 

weakening also occurred during deformation. The transition from brass texture to random 

orientation occurred between a strain of 0.4 - 0.7 and the transition was not abrupt but was 

gradua1 and progressive although there was a peak in the stress-strain curve. On the basis of 

these observations, they suggested that the early part of deformation was dorninated by 

dislocation slip, and dynamic recrystallization occurred at the maximum stress, and after that 

grain boundary sliding and grain rotation became dominant. 

From this brief review of microstnictural evolution during superplastic deformation in DICR 

materials, it might be reaiized that there are several mechanisms available to explain the 

recrystallization of the initially unrecrystallized microstructure. The available mechanisms 

are presented in Table.2.2. 



Table.2.2. Summary of existing mechanisms of DICR 

] McNelley et al. 1 Subgrain Boundary Migration 

Authors 

Watts et al. 

1 Nes 1 Subgrain Boundar), Sliding 

DICR Mechanism 

Subgrain Coalescence 

Wert et ai. 

Wert et ai. 

Gandhi and Raj 

Pu et al., Hales and McNelley, 
Bnchnell and Edington 

Subgrain Rotation / GBS 

Subgrain Rotation / GBS +Subgrain Switching 

Subgrain Superplasticity 

DisIocation Activities as An Accommodation of GBS 

Z. Liu et ai., Q. Liu et al., 
Bates, Blackwell and Bates 
and Liu and Chakrabarti and 

Dislocation Activities Contriburing to Deformation 
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2.4. Precipitation Behavior and Superplasticity in AA8090 AI-Li Alloy 

2.4.1. Introduction 

The earliest study on aluminurn-lithium dloys might have been conducted in Germany in 

1924 [8 11. However, interest in Al-Li alloys and accelerated developrnent of these alloys 

occurred in the seventies. The developrnental work on Al-Li alloys was concemed with 

properties such as strength, fracture-toughness, modulus of elasticity, fatigue, corrosion, 

stress corrosion cracking resistance, and density. A nurnber of review papers and conference 

proceedings on M-Li alloys have been published [ l ,  5,82,83, 841. Six international 

conferences on Al-Li alloys have been held. The first one was held in 1980 in USA [85] and 

the sixth one was in Germany in 1992 [86]. After the sixth conference, the subject of Al-Li 

alloys was merged into international conferences on Al alloys [87]. The developmental work 

led to the introduction of several commercial Al-Li alloys. These alloys rely on additions of 

copper, zirconium, and rnagnesiurn as essential ailoying elements to obtain the desired 

combination of properties [88]. Table 2.3 gives typical chernical compositions of Al-Li 

alloys. 

Table.2.3. Compositions of typical commercial Al-Li alloys 

1 Alloys 1 Composition wt % (balance Al) 1 Reference I 
L r 

1.8-2.5 Cu, 1.7-2.3 Li, 1.1-1.9 Mg, 0.10 Zr 89 

8090 

2195 

2.2-2.7 Li, 1.0-1.6 Cu, 0.64.3 Mg, 0.12 Zr 89 

4.0 Cu, 1.41 Li, 0.35 Mg, 0.13, Zr 0.4, Ag 91 



Al-Li-based alloys are precipitation hardenable. The phase equilibria and precipitation 

reactions, that control the microstructure and hence the properties, are significantly dif5erent 

fiom those of the conventionai alloys [92]. The effect of different alloying additions is to 

alter the phase equilibria and to modi@ the precipitation sequence. 

The AA8090 alloy may possess moderate- to high-strength-levels and contain recrystallized 

or unrecrystallized grain structures, depending upon the type of temper used during heat 

treatment [93]. The alloy is available in sheet, plate, extruded, and forged products. In 

common with other Al-Li alloys, alloy AA8090 displays excellent resistance to fatigue crack 

growth and good plane-stress fracture-toughness [94]. Alloy AA8090 has also been shown to 

be weldable. It demonstrates excellent cryogenic properties as well as elevated-temperature 

properties up to 177°C. It has been used in more product forms and in more diverse 

applications than any other AI-Li alloy [89]. In addition, like other AI-Li alloys, AA8090 

exhibits mechanicd and microstructurai anisotropy, which has been extensively investigated 

at arnbient tempenture 195, 961. The precipitation-, anisotropic- and superplastic-behavior of 

this alloy are summarized next. 

2.4.2. Aging Characteristics 

As shown in Table 2.3, the AA8090 Al-Li alloy contains Li, Cu, Mg and Zr. The presence of 

these alloying elements leads to the formation of various precipitates which are listed in 

Table 2.4 dong with their crystal structures. 



Table.2.4 Phases encountered in Al-Li-Cu-Mg-Zr alloy systems [SI 

1 Phase 1 Composition 1 CrystalStnicture 1 

1 6 1 AlLi 1 B3Z (cubic) 1 
1 0' 1 A12Cu 1 tetragonal 1 

t 

1 TB / Ali5CusLi2 ( cubic 1 
TI 
T2 

1 S ' 1 AhCuMg 1 orthorhombic 1 

The addition of zirconium results in the formation of a fine dispersion of fdly coherent and 

ordered cubic P' (Al3&) particles (Table.2.4). The formation of P' starts during the ingot 

solidification stage and the subsequent homogenization treatment. It is present as very fine 

and homogeneously distributed particles which are very effective in retarding grain bound-, 

migration during annealing [96]. Therefore, the presence of B' in this alloy suppresses static 

recrystallization and also the grain growth subsequent to dynamic recrystallization. The P' 

dispesoids are unaffected by the solution-heat-treatment which is usually carried out at - 
530°C 1891. 

Ai2CuLi 
A16CuLi3 

The metastable ordered 6' (AbLi) phase (Table.2.4) is the basic strengthening precipitate 

phase in this alloy. It nucleates homogeneously throughout the matrix [97,98, 991. Because 

p' is isostmcturai with 8, the former also acts as preferentid site for the nucleation of the 

latter during arti ficial aging . 

hexagonal 
icosahedral 



The addition of copper decreases the maximum solid solubility of lithium in aiuminum at d l  

temperatures [8 11. Three copper containing phases, viz. 0' (A12Cu) with teîragonal crystal 

structure, TI (A12CuLi) with hexagonal nysta l  structure, and T2 (&CuLi3) with icosohedrai 

symmetry (Table.2.4), may precipitate due to the addition of copper in Al-Li alloys. 

However, 8' does not form in alloy 8090. Tl is the predominant strengthening phase present 

after artificial aging to the near-peak-strength condition. T, nucleates heterogeneously on 

dislocations, low angle grain boundaries and substructural features. T2 nucieates 

predominantly on hi&-angle grain boudaries. The formation of T2 leads to the 

development of 6' precipitate-fiee zones adjacent to the grain boundaries with concomitant 

reduction in ductility and fracture-toughness. T2 phase is stable over a temperature range of 

170-520°C [ 1001. 

The addition of magnesium aiso decreases the solubility of lithium in aluminum at al1 

temperatures below 425°C [101]. Similarly, the solubility of magnesium in aluminum is 

drastically reduced by the presence of lithium. When magnesium is added to Al-Li ailoys 

containing copper, precipitation of S' (A1,CuMg) occurs (Table.2.4). S' phase has an 

orthorhombic crystal structure and has a tendency to nucieate heterogeneously on matnx 

dislocations, low angle grain boundaries, and other structural inhomogeneities. Udike the 

case of Tl precipitation, the heterogeneous precipitation of Sr does not result in precipitate- 

fiee zones dong either low- or high-angle grain boundaries. However, the exact nature of the 

phase equilibria of the quatemary Al-Li-Cu-Mg alloys depends on the relative concentrations 

of al1 three alloying elernents [102, 1 031. 



The solution treatment temperature for AA8090 alloy is between 525 and 545OC [7]. In 

response to artificial aging d e r  solution treatrnent, 6' precipitates first; it has been observed 

even in the as-quenched condition [102]. S' starts to precipitate at bout 200°C and then TI 

begins to form. Precipitation of T; srarts at about 300°C [104]. Precipitation of S' phase is 

very heterogeneous which results in stress concentration during subsequent deformation. In 

order to overcome this problem, the alloy is pre-stretched to about 4-6% after quenching but 

prior to artificial aging, which introduces dislocations into the matrix and ensures widespread 

nucleation of S' precipitates with unifom distribution in the matrix [89]. In overaged 

tempers, the equilibrium 6 (AlLi) with cubic crystal structure (Table.2.4) nucleates at high 

angle grain boundaries and this, in turn, also leads to the formation of 6' PFZ at these 

boundaries. The AM090 AI-Li alloy is found to exhibit a variety of microstructures and 

properties through the synergistic effects of the actual alloy composition, quenching rate, the 

amount of stretch prior to aging, the aging temperature and time, and the degree of 

recrystallization [89]. 

2.4.3. Anisotropy 

As compared to the conventional high strength aluminum alloys, anisotropy in mechanical 

properties has been identified as one of the critical problems in the development of AI-Li 

alloys. In thick plates it manifests as low ductility in the rolling direction (RD) and 

transverse direction (TD) and low toughness in RD-ND or T3-ND orientations [105,106], 

here ND represents the normal direction. In 8090 sheet anisotropy manifests itself as the low 

yield stress in the off-axis (between the rolling and transverse) directions [20, 96, 1071. The 



anisotropy is exhibited in mechanical properties like yield stress (20,108, 1091, elongation to 

failure [96], elastic modulus [110, 1 1 11, and plasticity [110, 1 121. Fig.2.7 [96] illustrates the 

variation in tensile properties as a function of orientation of the testing direction with respect 

to the rolling direction. However, a systematic study on the effect of anisotropy during 

superplastic deformation in AA8090 Al-Li alloy has not been carried out. 

Single crystals are anisotropic, and their properties are strongly dependent upon orientation. 

However, in a polycrystalline matenal a random orientation makes the material isotropic. 

But, preferential orientation or texture in a polycrystalline material makes it like a quasi- 

single crystal and it exhibits anisotropy. Knowing the texture cornponents of a 

polycrystailine material, it is possible to calculate the critical resolved shear stress in a given 

tensile direction. Various models have been proposed by Sachs 11131, Taylor [114] and 

Bishop-Hill [ I ls]  to determine the average mechanical properties of polycrystalline materials 

from the data obtained h m  single crystals. Fig.2.8 shows the variation in Taylor factors (a,, 

ho) as a function of orientation for S, Cu and Bs texture components in Ec-c. metals. This 

calculation is based on the Taylor I Bishop-Hill mode1 [116]. In addition to texture, Welch 

and Bunge [Il71 suggested that anisotropy in grain morphology, such as elongated grain . 

shape, second phase particles and certain kind of grain boundaries can also contribute to 

mec hanical anisotrop y. 



Fig.2.7. Anisotropy in tende  properties of a rolled 8090 alloy sheet at room 

temperature [96]. 

O 15 30 45 60 7 5  90 
Angte to rolling direction 

Fig.2.8. Variation of the factor of a;, /r, as a fwction of orientation angle between 

iensile mis and rolling direction caldated by using Tdor/Bishop-Hill mode1 [116]. 



2.4.4. Superplastic Deformation of AM090 Al-Li Aiioy 

a. Ductility and Strain Rate Sensitivity Index 

A number of investigations have been conducted to establish the stress-- relationship, 

stress-strain rate relationship, nature of microstructural evolution including texture, and their 

correlations during superplastic deformation of rolled sheets of AA8O9O &Li alloy [7-261. 

D'Oliverira et al [22] obtained a maximum m value of 0.47 at 5 15OC and at a senes of strain 

rates in the range 1 04- 1 o-~/s. The rnicrostmctural development, which occurred during 

deformation, did not have a significant influence on the value of m. An m value of about 0.5 

has been reported by several investigators [19,23,24,26] at a strain rate of 10"/s in the 

temperature range of 500 to 530°C. However, larger values of m have also been reported, 

e.g., m = 0.6 at 520°C and strain rate of l x l ~ " / s  [16] and 2 ~ 1 0 %  [22], rn = 0.65 at 530°C 

and simin rate of lx l~= ' / s ,  and rn = 0.68 at 530°C and strain rate of 5x10~1s [15]. In these 

investigations the maximum elongations corresponded to the maximum value of m, but the 

ductility was not much different. Ridley et al [12] showed the maximum ductility of about 

700% at 520°C and strain rate of 2x1 0%. However, the maximum ductility was improved 

by conducting tensile tests at (i) constant cross-head speed, instead of constant strain rate, and 

(ii) two stage deformation - tirst deformed at higher strain rate for recrystallization and then 

deformed at optimum superplastic condition. The maximum ductilities obtained were 

-850% and > 1600% under these two test conditions, respectively. In the latter case, the 

deformation was first conducted at an initial strain rate of 8 .3~10-~k ,  and then the strain rate 

was switched over to 2.5~10'~/s. Such a two stage deformation approach in AA8090 alloy 

has been employed by several of these investigators [7, 10, 17, 181 also. 



At temperatures lower than 50O0C, the value of m is usually observed to be less than 0.5. A 

value of about 0.3 was reported by Pu et al [26] at a strain rate of lx 10% and at a lower 

tempe- of 350°C in a specially processed material to exhibit low temperature 

superplasticity. The maximum ductility obtained in this case was 700%. Even the materials 

subjected to standard processing for superplasticity exhibit lower m values at lower 

temperatures, and sometimes at higher test temperatures also. In spite of significantly srndler 

values of m, obtained under these conditions, the ductility value still rernains representative 

of superplasticity. For example, Amichi and Ridley [18] reported ductility of 4SO-5OO% 

corresponding to a value of m - 0.3 at 400°C. 

Generally the value of m decreases with an increase in strain [22]. Blackwell and Bate [24] 

examined the nature of stress-strain curves and the m values in the center layer matenal as 

well as in the full thickness of the sheet, with tensile axis being parallel to the rolling 

direction. The flow stress of the center layer rnaterial was higher than that of the full 

thickness. The corresponding m values were 0.5 and 0.43, which showed no significant 

di fference. 

b. Effect of Temperature on Superplastic Behavior 

Lirnited studies related to the effect of temperature on the nature of stress-strain and stress- 

strain rate curves, rn, and ductility on AM090 Al-Li alloy have been reported [7,9,15,25, 

261. The stress-strain cuves show an increase followed by a decrease in flow stress with 



increasing strain. Only at larger strains (E è 1.0) the flow stress tends to be independent of 

strain. The extent of flow hardening and flow sofiening is reported to decrease with 

increasing temperature [25]. An increase in ductility with increasing temperature was 

reported by Miller and White [7], over the temperature range of 5 10-545"C, and by Pu and 

Huang [25] over the temperature range of 300-525°C. For exarnple, ductility of 440% was 

obtained at -5 12OC whereas it was found to increase to 550% at 542'C [7]. While Ricks and 

P a m n  [15] have reported an increase in the value of m with increasing temperature, Lloyd 

[9] did not fmd any effect of temperature on the value of m. As a function of temperature, 

there appears to be some anomaiy in relating ductility to the value of m. 

The stress-strain rate curves at various temperatures have been reported [15,25] to exhibit an 

extended region II and a tendency towards region 1 behavior at a strain rate lower than 10-'/s. 

Pu et ai [26] reported two values of activation energy for superplastic deformation, viz. 14 1 

klfmoi for higher temperature superplasticity and 92 kJ/moI for lower temperature 

superplasticity . 

c. Effect of Grain Size on Stress-Strain Rate Relationship 

Only Pu et al seems to have studied the effect of grain size on the stress-strain rate 

relationship in AA8090 Al-Li ailoy [26]. They observed that the value of the grain size 

exponent, p, was -2 for the high temperature superplasticity (525OC), and p-1 for the low 

temperature superplasticity (350°C) over the strain range of 0.2-0.6. 



d. Strain Hardening during Superplastic Deformation 

Stlain hardening during superplastic deformation has been noticed in several studies [IO, 12, 

15, 18,671. They al1 agree that the source of hardening is grain growth during superplastic 

deformation radier than the conventionai dislocation-related strain hardening. The value of 

strain hardening exponent (q) was reported [15, 1 81 to be about 0.4 during superplastic 

deformation of AA8O9O ALLi alloy. It was also suggested by them that strain hardening 

contributed to the stability of large elongation which was also responsible for a decrease in 

the value of m with increasing strain. Such hardening also resulted in the shifts of the peak 

towards lower strain rates in the plot of rn vs. strain rate at higher strain levels [ 1 21. Since the 

strain rate continuously decreases in a constant cross-head speed type of test, the effect of 

strah hardening (in reducing the magnitude of m) is compensated by the shift in the position 

of maximum m value towards lower strain rate. This results in higher ductility when the 

alloy is deformed at a constant cross-head speed instead of at a constant tme shsiin rate. For 

example, ductility of 850% was reported by deforming at an initial strain rate of 3.3x104/s, 

which is larger than the value of 500% obtained at a constant true strain rate of 4x1 0% [12]. 

2.4.5. Microstnictures and Their Evolutioa during Superplastic Deformation 

a. Microstructure Prior to Deformation 

In the as-received cold rolled sheet material banding parallel to the rollhg direction 19, 1 121 

and elongated grains [Il81 have been reported. TEM examination of the rolled sheet showed 

a high density of dislocations and the presence of particles of T, phase and of the type AI-Cu- 

Fe and Al-Cu-Ti [119]. The precipitates of Tl, S' and T, were aiso reported [23]. 



Conducting a superplastic deformation the matenal is first heated to the deformation 

temperature and maintained for a period of time to stabilize the microstructure. In several 

investigations, when the specimens were heated to 520 to 530°C for about 20 minutes, the 

original elongated, aligned or banded grain structures were found to be still present [7, 12, 

16,23,24,26]; which probably represents the retention of the initial grain morphology. 

While the smdl precipitates of 6', S' and TI, existing in the as-received matenal, dissolved 

completely during pre-heating, the large particles remained undissolved [23,24]. However, 

when the test temperature was raised to above 550°C, these particles also dissolved 

completely, which caused significant gmin coarsening [16, 171. 

b. Microstnictural Evolution dunng Superplastic Deformation 

A significant change in grain shape during superplastic deformation has been reported. 

Superplastic de formation around 525°C and at a strain rate of 1 x 1 O"/S caused the equiaxed 

grains, close to the top surface, to remain equiaxed whereas, the elongated grains in the 

center layers changed to nearly equiaxed shape [23,24]. As such, equiaxed grains were 

found in many studies at the end of superplastic deformation 17, 15, 16,18, 20,2 1,241. 

According to some studies, the significant changes in grain morphology occurred at strain 

levels of 0.4 [7], 0.5 [21], 0.5 c E 1.0 [24], and ~ 0 . 6  1161. It may be concluded from these 

studies that the strain level at which the transition in the microstructural state occurs is 

normally dependent on strain rate and temperature conditions. 



Grain growth was found to be a common occurrence during superplastic deformation of 

AA8090 ailoy sheet. in one case [6], the grain size changed fiom 6 to 12 pn at a strain of 

1 .O, when deformed at 520°C and at strain rate of I x 1 oJ/s. The decrease in main rate \ÿas 

found to increase the grain size further. Pu et al [26] found that, during deformation at 53j°C 

and at a strain rate of 2x1 0% the average grain size increased fiom 5 to 22 pm at a strain 

level of 500%. Lloyd [9] and Miller and White [7] noted occasional large grains at the 

surface due to Li depletion. 

TEM observations of samples defomed at 5 1 SOC and at strain rate of 1 x 1 oJ/s did not reved 

dislocations [7, 151. However, dislocations and subgrains were observed in a sarnple 

deformed at 350°C and at a strain rate of 1 xl 04/s. Pu et al 1261 suggested that the observed 

dislocations helped to accommodate grain boundary sliding. Precipitates of Tz phase were 

found at grain boundaries upon superplastic deformation [15], but Gandhi et al [17] did not 

find any deterioration due to this on superplastic formability. 

Many investigations have shown that failure of this material durhg superplastic deformation 

is caused by interlinkage of cavities and their subsequent transformation into cracks [7,9, 10, 

12, 17,261. However, superimposed hydrostatic pressure of about 60% of the flow stress [7, 

9, 10, 12, 171 was shown to suppress the formation of cavities. The significant level of 

cavitation was found to start at the strain of about 1 .O [7,9, 181 and the cavity volume 

fiaction was dependent on the processing route and the orientation of the sample [7]. 



Table 2.5 Texture component in the 8090 Ai-Li rolled sheet 

1 Location in thickness CS 1 Texture component Reference 

1 Not specifîed 1 f 110}<112 1 16 

1 Not specified ~ { l l O ) < l l ~ a n d ( 4 4 1 1 } ~ 1 1 1 1 8 ~  115 

1 Surface 1 (001 )<110> and (225}<554> 1 23 

Not specified 

Not specified 

1 Surface 1 {001}<110> 1 24, 119, 112, 120 

1 Surface 1 {112}4 1 l>  and {110}<112> 1 119 

(1 10)cl t2> and (123}<634> 

(112)<111> 

Center 1 { 1 1 0 < 1 1 d ~  1 23 

21 

96 

1 Center 1 (110)<112> 1 14,20, 24, 112. 120 

1 Center 1 {110)<322> 1119 

2.4.6. Texture in AA8090 AI-Li AIloy 

A nurnber of investigators [14, 15, 16,20,2 1,23,24,85, 1 12, 1 19, 1201 have exarnined the 

texture in the as-worked AA8090 AI-Li alloy. Except in a few reports, the locations in the 

sheet at which the texture was measured, were not specified. Table 2.5 summarizes the 

texture components that have been observed in this alloy. Examination of the Table shows 

that the textures in the center and surface section are distinctly different. Generally, the 

texture in the center layer material is of brass-type, whereas the texture in the surface layer 

material is of copper-type. 

Static annealing during heating and soaking at test temperature, pnor to superplastic 

deformation, does not seem to have much effect on the texture present in the as-received 

material [15, 16,2 1,23,24]. However, texture weakening during superplastic deformation 

has been reported in these investigations, but no new texture components were observed. 



The significant texture weakening were reported at E = 0.5 [2 11 and at 0.75 -= E < 1 .O [ 1 4,201 

at the same test conditicns of 530°C and a strain rate of 5~10%. Blackwell and Bate have 

reported [24] texture in both the center and surface layers to becorne weak and similar d u ~ g  

superplastic deformation over 0.4 < E < 1 .O at a temperature of 527°C and a strain rate of 

I x 1 O-~/S. 

Bowen and Hirsch have reported 1141 the effect of two orientations on texture weakening 

during superplastic deformation at a temperature of 530°C and a strain rate of 5x1 0%. Upon 

deformation to s t ra in  of about 1 .O, it was found that the saniple pulled in the transverse 

direction showed less texture weakening than that pulled in the rolling direction. At the sarne 

time, the sample pulled in rolling direction showed a little shift in the texture direction from 

4 12> to <I l l>  [20]. 



2.5. Scope of Present Work 

The review of the literatue shows that superplastic deformation of rolled AA8090 Al-Li 

alloy sheet has been extensively investigated since 1982 because of its commercial 

importance. However, these studies were generally concentrated on exploring the 

deformation conditions (strain rate and temperature) to establish the optimum conditions 

for superplasticity , viz. the maximum strain rate sensitivity index and ductility . Except 

for the phenornenon of cavitation, a systematic study on concurrent microstnicturai 

evolution, and its relation with flow behavior seems to be lacking. Unlike many other 

superplastic materials having fine equiaxed grains, AA8090 AI-Li alloy contains 

microstructural gradient in tems of grain morphology and texture across the thickness 

section. The presence of such microstnictural features complicates the understanding of 

the mechanisms operative during superplastic deformation. Therefore, there exists a clear 

need for investigating different aspects of superplastic behavior of this alloy in detail to 

improve the understanding of the role of different deformation mechanisms over a range 

of strain rates and temperatures. The consideration of the microstnicturai gradient of the 

AA8090 Al-Li alloy, grain structure and microtexture in different locations in the 

thickness section of the sheet, was the focus of this investigation. Especially, the 

microtexture of various samples taken firom different locations in the thickness section 

was characterized by means of the newly developed electron back scatter diffraction 

(EBSD) and orientation imaging microscopy (OIh4) techniques. The following were 

specific aims of the present investigation. 



Scope 

1. To characterize the microstructural evolution during superplastic defornation, with 

reference to the starting microstructure, by using optical metallography, TEM, SEM 

and OIM; 

2. To hvestigate the effect of strain, s a i n  rate and temperature on the texture 

evolution during superplastic deformation; 

3. To correlate the concurrent microstructurd evolution to the optimum conditions for 

superplasticity ; 

4. To individually evaluate the flow property and microstructural evolution in materials 

eom different locations in thickness section of the sheet and the possibility of 

composite-like flow behavior in the material with microstnictural gradient; 

5. To assess the anisotropy and its relation to texture; 

6 .  Finally, to clsin@ the contribution of dislocation activity to superplastic deformation 

through texture measurements. 



CHAPTER 3. 

EXPERIMENTAL PROCEDURES 

3.1. Material 

The SPF grade h l 8 0 9 0  alloy received from Alcan in the form of a 1.8 mm thick sheet was 

used in this investigation. The nominal composition was Al-2.5Li- 1.4Cu- 1.2Mg-O. 1 1 Zr in 

wt%. The as-received material was used as such without any M e r  heat treatrnent. 

3.2. Tensile Test 

The mechanical behavior of the matenal was studied by tensile testing. In this section, the 

selection and preparation of samples are sequentially described. 

3.2.1. Sample Selection 

Microstructurai characterization of the material showed (see Chapter 4) that roughly 1/3 of 

the thickness of the material next to the surface had nearly equiaxed grains, while, the central 

113 contained pancake shaped grains. Also, it is well known that the tensile properties of 

rolled sheets Vary as a function of orientation relative to the rolling direction. In order to 

separate the effects of grain structure and rolling direction, tensile samples were made fiom 

different locations, as well as with tensile axis being a specific orientation with respect to the 

rolling direction of the sheet. 



Experimental procedures 

A. Original Sheet 

Tensile samples were machined fiom the onginal sheet so that the thickness of the sample 

was the same as that of the as-received sheet material. The tensile axis of the samples was 

oriented at four pre-determined angles fiorn the original rolling direction of the sheet. As 

illustrated in Fig.3.1 these directions were O", 30°, 4S0 and 90". 

90' Original sheet 

1 

A I 

~ o n g i t ~ ~ L n a ~  section 

-Rolling plane 

Fig.3.I. Schematic illustration of temile samples orientated to have d i f / e n t  angles 

between the tende axis to the sheet original rolling direction. 

The samples were designated in the following manner: 

WO: Sample tende axis at O" to the original rolling direction of the as-received sheet, 

W30: Sample tensile axis at 30' to the original rolling direction of the as-received sheet, 



Erperirnental procedures 

W45: Sample tensile axis at 4S0 to the original rolling direction of the as-received sheet. 

W90: Sample tensile axis at 90° to the original rolling direction of the as-received sheet. 

Where, W represents the whole thickness. 

B. Surface Part of the Original Sheet 

Tensile sarnples werc prepared nom the top 1/3 thickness of the as-received sheet by 

removing the rest 2/3 of the sheet. Such surface sheet, which was about 0.6 mm thick, was 

made by chemical milling by Bristol Aerospace Limited, Winnipeg, Canada, using a 

proprietary alkaline etchant Turc041 8 1. As illustrated in Fig.3.1, tensile axes of the various 

surface matenal samples were at the same angie with the onginal rolling direction as those of 

the whole sheet sarnples. 

SO: Surface sample with tensile axis at O0 to the original rolling direction of the as- 

received sheet 

S30: Surface sample with tensile axis at 30° to the original rolling direction of the as- 

received sheet 

S45: Surface sarnple with tensile axis at 45" to the original rolling direction of the as- 

received sheet 

S90: Surface sample with tensile axis at 90° to the original rolling direction of the as- 

received sheet 

Where, S represents the surface material of the whole thickness sheet. 



Ecpetimental procedures 

C. Central Part of the Original Sheet 

The central 113 part of the as-received sheet was prepared by removing the top and bottom 

1/3 of the sheet, also through chexnical rnilling by Bristol Aerospace Limited, and tensile 

samples were prepared from this central section. The orientations of these tensile samples 

with respect to the rolling direction were the sarne as that of the surface and whole thickness 

samples. The samples were designated in the following manner. 

CO: Center sample with tealsile axis at O* to the original rolling direction of the as- 

received sheet 

C30: Center sample with tensile axis at 30° to the original rolling direction of the as- 

received sheet 

C45: Center sample with tensile axis at 4 5 O  to the original rolling direction of the as- 

received sheet 

C90: Center sample with tensile axis at 90" to the onginal rolling direction of the as- 

received sheet 

Where, C represents the central part material of the whole thickness sheet. 

'- Welded aluminum plate 

Fig.3.2. Schematic illustration of the dimension of the tensile sample. 
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3.2.2. Sample Preparation 

Fig.3 -2 illustrates the dimensions of the tensile samples. The dimensions of the tensile 

samples were determined by considering the tensile test setup, Le. the fumace, the load cell. 

possible elongation and the distance available for the movement of the cross-head of the 

machine. 

For making the tensile sarnples, strips closed to the sarnple width were first cut fkom the 

sheets in accordance with the pre-determined orientation. Tensile sarnples were then cut to 

size fiom these strips. To avoid deformation around the gripping pin holes during the test, 

srnail aluminum sheet pieces were spot welded to both sides of the sample shoulders as 

shown in Fig.3.2. Before tensile testing, each tensile sample was mechanically polished on 

al1 four sides of the gauge length. The polishing was done by using a senes of sand papes. 

and finished with the 600 grade paper. 

3.2.3. Test Setup 

Tensile tests were performed in a screw driver Instron universal testing machine. The 

machine was modified by the addition of a microcornputer so that constant strain rates could 

be achieved. The testing temperatures were controlled by a three-zone split fumace. For 

each of the test temperatures, three zones of the h a c e  were first adjusted by using a test 

sample on which three themiocouples were spot welded to observe the temperature in the 

gauge section the sample. The fumace was adjusted to keep the temperature of the sarnple in 

the gauge section constant within f 1 OC. The load ce11 was installed at the fked  cross-head 



which was at the Iower end of the machine fiame, so that the load ce11 was below the h a c e  

rather than on the rnoving rod above the h a c e .  Such an installation of the load ce11 avoided 

heat input to the load cell by radiation fiom the fumace. AI1 the tests were carried out at a 

fixed temperature with a pre-determined constant stra in  rate. Load and elongation of the 

sample were recorded by the microcornputer attached to the Instron machine. 

It was observed that when h a c e  was put around the testing chamber, its temperature 

dropped by 30°C. nierefor, for performing a test, the fumace was first heated to a 

temperaturc that was about 30°C higher than the test temperature. Then a test sample was 

loaded and the fumace was put in place. It took about 15 min. for the sample to reach to the 

test temperature. However, to make the temperature of the sample uniform and to make the 

funiace attain equilibrium, the testing system was kept static for 5 more minutes before 

starting the test. A11 tests were conducted in air and were perfomed until failure. The 

fumace was then removed and the failed sampie was allowed to cool in air. Whenever it was 

required to stop deformation of a sample at a specific strain for the purpose of microstructural 

examination, the load on the deforming sample was promptly removed then the sample was 

dlowed to cool in air. 

In order to retain the microstructural characteristics of the samples corresponding to the 

testing temperature, sorne of the deformed samples were obtained in the following manner. 

When the sample was deformed to a pre-determined strain, the load was removed and the 

sample was quenched by introducing a mixture of argon and water. The process was 



Experimental procedures 

completed within 100 micrcseconds. The quenching was conducted by a specifically 

designed in-sihi quenching facility illustrated in Fig.3.3. There were two considerations in 

designing this in-situ quenching facility. (i) Ideally, direct examination of defomation 

microstructure during defomation should be conducted, especially if the dislocations were 

involved in the process, but it is impossible to directly examine the rnicrosûucture of a bulk 

material at high temperature. However, to fieeze the deforming microstructure and then 

examine it is one of the indirect rnethods. The latter requires an extremely rapid cooling of 

the deforming sample from the high temperature. (ii) At the moment of quenching, the 

sample needs to be stress free to avoid extemal sources of dislocation generation. Therefore. 

the time gap between the two actions on the deforming sample, viz. fast cooling and the 

release of tende stress, should be as short as possible. This resulted in the design of this in- 

situ quenching facility. 

One of the two key units of this facility is the water supply, in which two pipes extended into 

the water charnber with holes on them. A symmetry in the flow of water from these two 

pipes was used to avoid any possible extemal stress on the sample at the moment of 

quenching. Cold water mixed with argon under a proper pressure established the cooling rate 

to be higher than 1000°C/s. The other key part is the stress release unit. A holder with 

grooves comected to the pull rod and a metal fork sliduig through the grooves was made. 

The action of release was controlled by a solenoid. By measurhg the thne for water to reach 

the sample, the real gap between quenching and releasing of the load on the sample could be 

controlled by an eiectric timer to less than 100 micro seconds. 



Upper pull rod 

Quenching water out - 

Furnace 

Water chamber 

Tensile sample 

Lower pull rod 

1 Water supply unit I 

Stress release unit C I  

Fig.3.3. Illustration of in-situ quenching faciliiy. 



ïxperimeniizi procedures 

33. Optical Characterization 

Optical metallography was used for microstnicturd characterization of the samples in various 

conditions. The optical samples were first mechanically polished and then chemically etched 

by Keller's reagent (Table.3.1.). A Leitz TAS Plus Image Analyzer was used to evaluate the 

grain size. 

Table.;. 1 . The etching reagent being used 

3.4. TEM Characterization 

More detailed microstructural examination was carried out by using TEM. The TEM 

examination was performed in a JEOL 2000FX operating at 200KV. To o b s e ~ e  the through 

thickness subgrain structure of the s w i n g  sample, thin foils of longitudinal section of the 

sheet were made. The difficulties in making these thin foils were overcome in the following 

manner. A 0.5 mm wide strip was cut from the longitudinal section of the sheet. The strip 

was glued to a metal block and mechanically polished to a thickness of 200 p. A 3 mm 

diameter punch was used to cut a 3mrn x 1.8 mm piece from the thimed strip. The thin foil 

was then made by electropolishing. For this, the piece was placed in the specirnen holder of 

the electropolishing machine and it was covered by a 3mm diameter Platinum foil disc with a 

small hole of about 0.5 mm diameter in its center. The thin foils of defomed samples, 

i 

Still water 

190 

prepared by the in-situ quenching facility, were made fiom the rolling plane of the sheet. Al1 

the thin foils were finally prepared by electropolishing in a 25% nitric acid and 75% 

methanol solution cooled to -20°C, with an applied potential of 1 7V. 

mo3 
5 

HCL 

3 

composition HF 

volume (ml) / 2 



E r p e r i m e d  procedures 

3.5. Orientation Imaging Microscopy (OIM) for Determination of Microtexture 

Orientation imaging microscopy (OIM) (OIM is a trade mark of TexSEM Laboratories (TSL) 

Inc.) 11211, a SEM-based imaging technique, has been commercially developed recently for 

analyzïng the crystallographic structure of materials. It is proving to be a rich source of 

information for descrîbing the spatial distribution of crystallographic features on the 

submicrometer to millimeter scale. 

Principally, OUI is based on the electron back-scatter difiction (EBSD) phenomenon [122]. 

also referred to as back-scatter Kikuchi diffraction (BKD). The electron back-scatter 

dif ic t ion patterns are formed in the SEM when a stationary probe is focused on the 

specimen. initially, the incident beam is scattered elastically through large angles within the 

specimen, so that electrons diverge fiom a point source just below the specimen surface and 

impinge upon crystal planes in al1 directions. The subsequent elastic scattenng of electrons 

by the crystal planes form arrays of Kikuchi cones whenever the Bragg condition is satisfied. 

which are viewed as the intense Kikuchi bands or Kikuchi difiaction pattern. Inelastic 

scattering events also occur and these contribute to a diffuse background. 

Fig.3.4 illustrates the essentiai elements of the instrumentation necessary to obtain the 

electron back-scatter difiaction patterns [123]. An electron beam is incident on the 

specimen. A phosphor screen is placed close to the specimen to collect the back-scattered 

electrons. A normal to the screen drawn fiom the point of electron incidence m u t  subtend 

an angle greater than 70' and less than 120" with the incident beam. The d i f ic t ion  patterns 
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in the marner of Kikuchi bands are generated fiom the upper surface of the specirnen. The 

phosphor screen is viewed by using a low light sensitive television camera. The video 

hages are captured digitally into the frame storage of a cornputer for on-line indexing of the 

patterns. Fig.3.5 is an exarnple of a electron back-scatter difhction pattern obtained fiom an 

AA8090 Al-Li alloy sample used in the present study. 

Incident 
electron beam 

Fig.3.4. A Schematic illustration ofthe essentid elements of OIM 

OIM uses automated difiction pattern analysis to obtain crystallopphic data on a point-by- 

point basis over a selected area of the sample. The points are typically arranged in a regular 

grid and either the electron bearn of the SEM is programmed to step to each point in tum, or 

the beam is held stationary and the specirnen stage is programmed to traverse beneath it. The 

resdtant data set include x-y coordinates (the real magnitude in the sample), local lattice 



orientation, pattern quality, and a confidence index. From these data, OIM images, pole 

figures, orientation distribution function, grain misorientation distribution, etc. can be 

produced [ 1 241. 

Fig. 3.5. An example of a difiaction pattern O btained fiom AA8090 alloy. 

Practically, the spatial resolution of this technique depends on the beam size of the SEM, and 

the orientation precision is about 1". In addition to the normal operation of SEM, two aspects 

are essential to obtain reliable results. The first is that the angle between the incident beam 

and the specimen surface be small, i.e. 10-30" in order to minimize the amount of signal 

which is absorbed and to maximize that which is diEacted. The second is the specimen 

preparation. The beamhpecimen interaction depth is approximately lOnm and this layer 

must be relatively strain free and clean for patterns to be generated. 



In the current study, a Silicon Graphics cornputer based OIM manufactured by TSL was used 

with software OIM 2.0. The SEM was a JEOL 840 with a minimum beam size less than 1 

p. Beam-control was used to establish data scan. The normal to the specimen surface was 

at 70° relative to the incident bearn. The selected scan grid was smaller than the grain size of 

the measured sample, and the scan area included at least 200 grains. The samples for OIM 

rneasurements were the same as those used for optical metailography. They were 

mechanically repolished and then electropolished in order to yield stress-fiee surface to 

produce high quality difiction patterns. The electropolishing solution and conditions were 

the same as those used to prepare TEM thin foils. Al1 the OIM scans were conducted on the 

longitudinal section for both undeformed and deformed samples. 



CHAPTER 4. 
RESULTS 

The experimental results wiii be described in the following sequence: 

1. Microstructural characterization of the as-received AA8090 Ai-Li alloy sheet includes 

grain structure, precipitates, texture, and their distribution in through thickness cross-section. 

These establish the presence of microstructural gradient in this material as well as 

microstructurally composite-like nature of this matenal. 

2. Effect of static annealing on microstructure including grain structure and texture upon 

annealing at 530°C and 570°C. These observations suggest that static annealing has no 

iduence on the microstructural gradient existing in the as-received material, although grain 

coarsening does occur. 

3. Tensile behavior of the full thickness sheet includes stress-strain relations, strain 

hardening, the value of strain rate sensitivity index, activation energy, and the effect of 

specimen orientation on flow behavior. These establish the optimum superplastic 

deformation condition for this material, and indicate a smaller level of anisotropy in the full 

thickness sheet material than in the surface or the center materials. 

4. Microstructural evoiution during deformation of full thickness sheet includes the 

microstructural characterization of grain size and shape, cavities, precipitates, dislocations 

and texture as influenced by strain, temperature and strain rate. Ln contrast to sratic 

annealing, defornation has reduced the microstructural gradient and weakened the texture. 

5. Deformation behavior of the surface and center materials includes the effect of specimen 

orientation on flow property and texture. The results show significant flow stress anisotropy 



compared with the full thickness sheet. The difference in texture development in different 

oriented samples brings out the direct involvement of dislocations durhg superplastic 

deformation of the AA8090 &LI alloy. A detailed description of these resuits is presented 

next. 

4.1. Microstructural Characterization of As-received Material 

4.1.1. Microstructures 

Due to the difficulty in etching, it was not possible to reved the microstructural features of 

the as-received material by conventional optical metallographic techniques. Therefore, the 

microstructural characterization was carried out by the OIM technique. Figure.4.1.1 (a-c) 

show the microstnictures obtained by this technique, (a) in the ro lling surface, (b) in the 

surface layer of the longitudinal section, and (c) in the center layer of the longitudinal section 

(see Fig.3.1 for the designation of various sections of the sheet). The contrast between grains 

in the images obtained by OIM is determined by the quality of difiaction patterns generated 

by the grains. Good quality patterns can be obtained From perfect grains, but can not be 

obtained fiom locations close to grain boundaries and deformed regions. The quality is also 

influenced by the size of the electron bearn relative to the size of grains. The contrast in 

Fig.4.1.1 is poor because of residual stresses present in the rolled sheet specimens and the 

smaller grain size compared with the size of the elec~on beam. However, the OIM images 

show that the microstructures consist of nearly equiaxed grains at the rolling surface as well 

as in the layers in the longitudinal section close to the sheet surface. Elongated and banded 

grains are seen in the center layers of the longitudinal section. It was not possible to rneasure 

the grain size with certainty, due to the poor quality of the OIM images. 



TT) 

(a) Rolling surface 

T @) Longitudinal section dose to d a c e  

ND 

t (c) Longitudinal section at center 

Fig. 4.1.1. OIM images fiom as-received sheer material. 



4.12. Precipitates and Substmctures 

TEM was used to characterize the precipitates and the substnicture of the material. ïhin foils 

of the surface and center layer materials of the sheet were made separately. The thin foils of 

the surface material were prepared by grinding off matenal from the opposite surface. leaving 

the surface material with a final thickness of about 200 p. Whereas thin foils of the center 

layer matenal were obtained by grinding off both the rolling surfaces of a sheet sample and 

also leaving a thickness of about 200 p. and finally using the electricpolishing technique 

described in Chapter 3. 

ï'EM examination of the surface layer revealed the presence of at least two types of large 

precipitates, s h o w  in Fig.4.1.2. At higher magnification these precipitates were found to 

Fig. 4.1.2. Microstructure (TE@ in the surface muterid of the us-received marerial. 
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be more distinct as illustrated in Fig.4.1.3(a). The microanalysis was carried out by energy 

dispersive x-ray spectroscopy (EDS). A typical energy dispersive X-ray spectnim of the 

precipitates, rnarked A in Fig.3.1.3(a), is shown in Fige4.1.3(d). By semi-quantitative 

analysis c d e d  out by Noran-TMF software, the compositions of this precipitate were found 

to be about 25at% Si, 2at% Mg and the rest Al, which suggest it to be Si-rich Al phase. Its 

micro-difiaction pattern is s h o w  in FigA. 1.3 (c), which suggests it to have a cubic crystal 

structure. 

The microanalysis through EDS spectrum of the phase marked B in Fig.4.1.3(a) is shown in 

Fig.4.1.3(e), reveding its compositions to be approximately 14at% Cu, 9at% Mg and 75at% 

Al. The diffraction pattem of this precipitate, Fig.4.1.3.(b), shows a fivefold symmetry 

corresponding to that of the quasicrystal T2 (A16CuLi3), which has been also reported by 

Williams and Howell 1921. The average size of T2 phase was estimated to be about 1 Pm. In 

addition to these two kinds of phases shown in Fig.4.1.3, Fig.4.1.4 shows another kind of 

rodkubic shaped precipitate marked by D. The analysis of the EDS spectrum shown in 

Fig.4.1.4.(c) suggests it contain about 15at% Fe, 80at% Al and sorne Mg, Cu and Si. Its 

diffraction pattern s h o w  in Fig.4.1.4.(a) suggests thïs phase have a large lattice parameter 

and a complex crystal structure which could not determined unambiguously . Thus, the 

precipitates marked by A and D are rich in Si and Fe, respectively. 

Fine precipitates were also observed within the grains. An example of this can be seen in 

Fig.4.1.4. The presence of these precipitates was further confirmed by the rnicrographs taken 

at higher magnifications. 



Fig.4.1.3. T2 and Si-rich phases in the surface material of the as-received sheef, 

(a) brighf field micrograph in which the precipitates marked A are the Si-rich phase 

and B are the T~phase; (b) diflacfion patfern of the Tr phase, and (c) difiaction 

pattern of the Si-rich phase, continue- 



4 6 

Energy (eV) 

Fig. 4.1.3(4. A typicai energy dispersive spectrum of the Si-rich phase. 

4 6 

Energy (eV) 

Fig. 4.1.3 (e). A r)lpical energV dispersive spectrum of the T2 phase. 



Fig.I.1.4. T2, Si-rich and Fe-rich phases in the surface material of the as-received 

sheet:, (a) difiaction pattern of the Fe-rich phase marked D in (b) bright Jeld 

micrograph in which the precipitates marked A is the Si-rich phase, B is the Tl and D 

is the Fe-rich phase continue- 



O 2 4 6 8 10 

Energy (eV) 

Fig. 4.1.4(c). A typical energy dispersive spectmm of the Fe-rich phase. 

A dark field micrograph of these precipitates is shown in Fig.4.1.5(a), which taken with the 

(O 10) superlattice reflection as shown in Fig.4.1.5@) of the [ I l  O] selected area difiaction 

pattern. As marked in the micrograph, the darker spots surrounded by the white rings are the 

p' (A13Zr) phase; the white rings are the 6' (A13Li) phase which seem to have nucleated on the 

p' phase, as was reported in an Al-Li ally by Quist and Narayanan 1891; the bullcy white 

phases at the grain boundaries are likely to be the 6 (AiLi) phase, the sarne was also reported 

by Quist and Narayanan [89]. The P' precipitates, having about 0.1 p sue, are seen to be 

uniformly distributed. Al1 the precipitates found in the surfkce layer material were dso 

observed in the center layer material, and their distribution, morphology and size were 

sirnilar. These similarities are demonstrated in the TEM microstructures of the sudace and 

center materials presented in Fig 4.1.2 and Fig.4.1.6, respectively . 



Fig. 4.1.5. 
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pattern. 

Precipitates of 6 and 6 in a surface material of the as-recei~ 

' micrograph in which all these phases are rnarked, fi) [11 O] difi 

red sheer (a) 

Faction 



Fig. 41.6. ~blicrostructure (TEh9 in a cenrer hyer of the as-received marerial. 

4.1.3. Texture 

The texture in a rolled sheet can vary in different locations of its thickness cross section. In 

order to determine if a texture gradient was present in the as-received material, textures were 

measured by the OIM technique at several locations on the longitudinal section (Fig.3.1) of 

the sheet sarnple as a function of thickness. Fig.4.1.7 schematically illusuates the locations 

from where the OIM images were obtained. The location A is next to the surface, E is at the 

center and B, C and D locations lie in between A and E. in each location, the instrument 

measured the orientations of al1 the grains in the entire area defined in Fig.4.1.7, each area 

was 80 pm along RD and 200 p m  along ND, and produced OIM images and plots of pole 

figures (PFs). 



Surface Iayer 

I 

Center iayer - 

I 
Surface Iayer 

A 

Half thick 

Whole thick ( 1.8mrn) 

Fig. 4.1.7. Schematic illustration O ffive equally divided locations in h d f  thickness of 

the sheer longitudinal section at which OIiM measurements were made. 

Fig.4.1.8 shows the OIM images (a-e) and the corresponding PFs (a'-e') in the five locations, 

A to E. In rolled commercial purity aluminum, the major texture components have been 

observed to be copper (Cu) (1 12) cl 1 D, S (123) QM> and bras (Bs) (1 10) (1 12> [125]. 

These are shown in Fig.A7 in the Appendix. From these it may be noted that the copper and 

S components tend to overlap and can not be separated easily. Cornparison of PFs in 

Fig.4.1.8 with those in Fig.A7 shows that, at locations A and B, which correspond to the 

surface layer, the texture is copper-type with a mixture of S and Cu components. Whereas, 

the texture in the center layer at D and E was p r i d l y  brass-type with a mivtue of bras and 

S. The transition £iom copper-type to bras-type textures is seen at C which was located 

approximately between the surface and the center layes. 



Fig. 4.1.8. OIM images@-e) und PFs(a '-e 9 of the as-received material in five equully 

divided Zocations in half thickness of the sheer longitudinal section, continued - 



Experimental ranrlts 

Fig. 4.1.8. OIM images(a-e) and PFs(a Le 3 of the as-received material in f i e  equally 

divided locations in halfthickness of the sheet iongitudinal section. 



With the help of the software provided by the manufacturer of the OIM, TSL, it was possible 

to give a specific color to a set of grains having a specific orientation. In Fig.4.1.8 the two 

symmetncal components of the b r a s  texture are colored red and green, while the Cu texture 

components are colored blue and pink (S is rnixed with them). The grains which do not have 

these textures and have random orientations are colored yellow. The OIM images show that 

in the center section the bras  texture components are dominant. The two symmetrical bras 

texture components are seen in altemate layers of grains parallel to the rolling direction. 

There are no yellow colored grains. Thus, al1 the grains in the center section are strongly 

textured. In contrast, although the copper texture is dominant in the surface layer it contains 

grains of di orientations, i.e. Cu @lue and pink), Bs (red and green) and random (yellow). 

There is a slight tendency to form layered grains in the surface section, but, this is not as 

prominent as in the center section. A number of green and red grains, representing Bs 

textures, are also seen in layer A, but they gradually increase from the surface towards the 

center reaching alrnost 1 00% in layer E. 

In summary, in Ihe as-received state the material contained nearly equiaxed grains in the 

surface layers and fme elongated grains in the center layers. A texture gradient was observed 

dong the thickness cross-section with copper-type texture in the surface lay er and brass-type 

texture in the center Iayer. 



4.2. Effect of Static Annealing on Microstructure and Texture 

The as-received microstructure may undergo some changes during h-ating and soaking at the 

testing temperature prior to the onset of deformation. Therefore, the specimens were 

subjected to somewhat equivalent static annealing, and their microstnictue was examined 

and is described next, which was considered to be the initial microstructure, i.e. 

microstnicture at the onset of deformation. 

1.2.1. Annealing at 530°C 

As will be discussed later, the optimum temperature for superplastic deformation of this 

material was found to be 530°C. Therefore, the specimens of the as-received sheet were 

annealed at 530°C for 20 minutes and air cooled. The 20 minutes correspond to the heating 

and soaking time pior to the onset of deformation during tensile testing as was described in 

Chapter 3. The stress relief by annealing and the precipitation during cooling made it 

possible to reveal microstmcture by optical rnetallography, which was not possible with the 

as-received material. Microstructures of the rolling surface, the longitudinal section and 

transverse section were examined. The micrographs taken fiom various locations are 

presented in Fig.4.2.1 as a three-dimensional composite to clearly represent the variation in 

microstructure dong the through thickness direction. As shown in this figure, nearly 

equiaxed grains were present in both the rolling surfaces of the sheet as weli as in the 

longitudinal and transverse sections close to both the surfaces. Elongated grains were present 

in the center layer dong both the rolling and the transverse directions, which suggests that the 

grains were of pancake shape. 



Rolling sudace 

Longitudinal section 

Fig.4.2.1. Three dimensional composite microstructure (optical) of the sheet afler annealed at 
530°C for 20 minutes 



Cornparison of the micrographs in Fig.4.2.1 with that in Fig.4.1. L shows the pancake shape 

grains to be present in the center layer in both the cases, viz. as-received as well as after 

annealing. This suggests that recrystallization did not occur during static annealing, although 

the grains became corner as a resdt of annealing. The average grain size after static 

annealing was - 4.2 pm in the surface layer material, and in the center layer the grain width 

increased to about 3 pm and they were about twice as long. 

The TEM examination revealed that the precipitates of Tz, 6' and 6, which were present in the 

as-received material (Figs.4.1.3-4.1 S), dissolved completely upon annealing at 530°C for 20 

minutes as shown in the TEM micrographes of Figs.4.2.2 and 4.2.3. The Si-rich and Fe-rich 

phases, however, remained in the material, but their volume fractions and sizes, 

quantitatively seems to have been reduced. Fig.4.2.2 taken fiom the surface layer material 

and Fig.4.2.3 fiom the center layer, which were viewed dong the normal direction (ND)' 

suggest that almost equiaxed subgrains were present. However, when the center Iayer was 

examined with the foi1 normal in the transverse direction, i.e. viewed in the longitudinal 

section, the subgrains were seen to be elongated dong the rolling direction, an rxarnple of 

which is shown in Fig.4.2.4. Therefore, the grains/subgrains in the center layer were of 

pancake shape. 



Fig.4.2.2. Microstructure (TEM) in the surface material o f a  sample after annealing 

al 530 T for 20 min. 

Fig.42.3. Microstructure (TEM NI the center material of a sample after annealing at 

530 0C for 20 min. 





Figure.4.2.5 gives the OIM images and PFs in five locations (a to e) in the longitudinal 

section. Cornparison of OIM images and PFs in Fig.4.2.5 with those of the as-received 

material in Fig.4.1.8 shows that annealing resulted in grain growth, better quality OIM 

images and sharper PFs. However, the texture is noted to remain unchanged, suggesting that 

recrystailization had not occurred during anneaiing. Results of quantitative analysis of 

texture components are shown in Fig.4.2.6 (a)-(c), in which (a) is the distribution of volume 

fraction of texture components in location B, and (b) is in location E. A plot of the variation 

in volume fraction of various texture components as a fùnction of distance from the surface 

to the rnid-thickness of the sheet is shown in Fig.4.2.6(c). It is seen that the volume fiaction 

of various texture components in the section near to the surface increase in the sequence of 

Goss, Brass, Cubic, Cu and S. However, in the center section it increases in the sequence of 

Goss, Cubic, Cu, S and Brass with only very small difference between the volume fractions 

of the first three components. It also is seen in Fig.4.2.6 (c) that S component is disvibuted 

somewhat uniformly, Cu is dominant in the surface section and Brass is dominant in the 

center section. The transition of texture components from predominantly copper-type to 

predominantly brass-type seems to occur between the surface and the center section. 



Fig.4 2.5. OIM images (a-e) and PFs (a '-e7 of the material afrer annealing at 530 T for 20 
minutes in f i e  equaily divided locations in haifthickness of the sheet longitudinal section. 
coniinued - 



FIg.4.2.5. OIM images (a-e) and PFs ( d e 3  of the materid d e r  annealing ai 530 @for 20 
minutes in fwe equaily dzvided locations in haifthickness of the sheer longitudinal section. 



Texture components 

Texture components 

Fig.4.2.6. Volume f r a c t h  of main texture components of material annealed at 530 C 

for 20 min in (a) the surface layer and (5) the center layer, ccntinued - 



Distance in half sheet thickness (pm) 

Fig.4.2.6(c). The distribution of volume #action of iexfzrre componenf.. in the bal/ 

thickness of the sheet Zmgitudinal seciiort. 



4.2.2. Anneahg at 570°C 

Samples Eom the AA8090 sheet were aiso anneaied at 570°C for 1 h in order to evaiuate the 

changes in microstnicture, texture and substructure, if any due to aggressive annealing. The 

purpose of this annealing was to simulate the structures that are cornmonly developed after 

prolonged annealhg and concurrent straining d e r  superplastic deformation. 

Fig.4.2.7 shows a composite microstructure by using the same method as used for the 

specimen whose microstnicture is shown in Fig.4.2.1. This microstructure shows a 

significant grain growth with the average grain size of about 14 Fm. However, no change in 

the grain morphology was noted. TEM observations showed that the Si-rich and Fe-rich 

phases were stili present, but their size had become iarger. However, quaiitatively, their 

volume fiaction seemed to have decreased. Also, qualitatively, no change in the volume 

fiaction of Pt was apparent. Fig.4.2.8 shows the OIM images (a-e) and the corresponding 

PFs (at-et) in the similar five locations as were used in the as-received material and the 

material annealed at 530°C for 20 minutes. Cornparison of these OIM images and PFs in 

Fig.4.2.8 with those of the as-received (Fig.4.1.8) did not reveal any noticeable difference. 

In summary, static annealing resulted in grain coarsening without any change in either the 

morphology of the grains or the texture, suggesting an absence of recrystallization. However, 

the T,, 6', and 6 precipitates dissolved at these anneaiing temperatures, but the Si-rich and 

Fe-rich phases and Pt did not. 



Rolling surface 

Surface layer 

Center layer 

Surface layer 

Longitudinal section 

Fig. 42 .7 .  Thrre dirnensiot~al composite rnicrostrrrctzcre (opticai) of the s k e t  afler amealing 

ai 5 70 9- for I hotrr. 







fiprimemal resuirs 

4.3. Tensile Behavior of the Full Thickness Sheet (sample W) 

4.3.1. Stress - strain Relation 

Tensile sarnples of the M l  thickness sheet, with the tensile axis parallel to the rolling 

direction, were deformed to failure at constant main rates and temperatures. At each of the 

temperatures of 450, 500,530, 550 and 570°C, the strain rates used were 1 x 1 04, 5x 1 O? 

1x105, 5x10", and l x l ~ - ~ / s .  At 350°C they were 1x104, SXIO", 1x104, 5x104, 1x10~~.  

However, at two strain rates of 1 x 1 O-' and 1 x1 O", test temperature was extended to 2 1 O°C 

and 2S°C. The combination of various test temperatures and strain rates are given in 

Tables.4.3.1 and 4.3.2, dong with the observed values of maximum stress and % elongation. 

The a-e curves, obtained at the constant strain rate of 1 x10" and 1 x 10"ls over the 

temperature range of 25OC to 570°C, are show in Fig.4.3.1 (a) and (b), respectively. From 

Tables 4.3.1 and 4.3.2, and Fig.4.3.1, it is noted that at constant strain rates the flow stress 

decreases, whereas the ductility f ~ s t  increases then decreases with increasing temperature. 

The flow stress at the onset of plastic strain at the shliin rates of 1 x 1 O-' and 1 x 1 oJ/s were 

exarnined to determine their variation as a function of temperature. To eliminate the 

influence of variation in modulus (E) with temperature, the flow stresses were nomalized 

against the value of E and plotted as a function of homologous temperature T/T, , where T is 

the test temperature in K and Tm = 928K is the melting point of AA8OgO Ai-Li alloy [88]. 
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Fig. 4.3.2. The relationship of normalized stress ( d E )  and ternperature(T/T' at szrain 

rates of M o 4  and 1xlfl3/s, respectively. 

These plots are presented in Fig.4.3.2. The values of E as a function of temperature were 

taken fiom Pu's work [26]. It was observed that these plots have two distinct athermal 

regions over - 0.3 to 0.5 T, and at a higher temperature above - 0.65 Tm the two are 

connected by a transition region. Over the entire temperature range the normalized stress is 

seen to be higher when the strain rate was higher. 

Two typical sets of o-E curves, to illustrate the effect of strain rate on flow stress and 

ductility, are shown in Fig.4.3.3 at constant temperatures of 35O0C (a) and 530°C (b), 

respectively. As is also observed in Table 4.3.2, the flow stress increases with increasing 

strain rate, whereas the reverse is tme for the variation in ductility. 



True strain 

O. 5 1 
True strain 

Fig. 4.3.3. The relatiomhip of stress and strain (4 at a temperature of 350 97 and a 

range of sîrain rates of lxliT5 - 1xlfl3/s, and (b) at a temperature of 530 and a 

ronge of strain rote of 1x1 p - l x 1  g2/s. 



43.2. Strain Hardening 

The stress-strain curves presented in Figs.4.3.1,4.3 -3 show strain hardening to a varying 

extent. However, at higher temperatures the stress-strain curves tend to approach steady state 

at the strain level of - 0.75. When these o-E curves were re-plotted on a log-log scale as 

s h o w  in Fig. 4.3.4, it is observed that the flow stress increases with increasing n a i n  during 

the initial stage of deformation, although the increase seems larger at higher temperatures 

than that at lower temperatures, which is contrary to the expectation fiom the steady state 

nature of flow at elevated temperatures. In view of this, the strain-hardening behavior was 

analyzed and is presented next. 

The a-E curves exhibiting conventional strain hardening can be expressed by the relationships 

of equation 2.3. Using this equation, the values of K" and nr can be determined fiom the 

log(0) vs. log(&) plot. The values of n,, obtained fiom such plots at strain rates of 1 x IO-' and 

l x l ~ - ~ / s  and at various temperatures, are plotted as a hinction of temperature in Fig.4.3.5, in 

which four zones of strain hardening may be recognized. Zone 1 starts fiom room 

temperature and extends to about 300°C, in which strain-hardening exponent continuously 

decreases. Zone II begins approxirnately fiom about 300°C and extends to 500°C, in which 

the strain-hardening exponent continuously increases to a maximum value. In zone III h m  

about 500°C to about 530°C, the strain-hardening exponent decreases. In zone IV, in the 

temperature range between 530°C and 570°C, strain-hardening exponent is seen to increase 

again. 



Experimental results 
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Log (true strain) 

Fig.4.3.4. The relationrhip of stress and strain in naturai Zog scaie a? a constant 

struin rate of 1x1 O"'/s and at a range of temperatures fiom arnbient to 570 C 
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Fig.4.3.5. Changes in strain hardenhg exponent, (nJ, with temperature fiom arnbienr 

10 570 T, at constant srruin rates of 1x1 & and 1x1 r3/s, respectively. 

4.3.3. Strain Rate Sensitivity Index (m) 

At constant temperature and constant strain, the stress is related to the strain rate by the 

equation 2.4. A log@) vs. log(i) plot is usually linear and its slope yields the value of m. 

Fig.4.3.6 (a) shows a set of log@) vs. log(&) plots at strains of E =0.3,0.5,0.7 and 0.9 

obtained at 500°C at strain rate in a range of 1 x 1 o4 and 1 x 1 w2/s. At strain levels smailer 

than about 0.9, al1 the plots are observed to be linear having similar dopes. However, when 

the strains are greater than 0.9, the plots deviate fiom linearity on both sides of high and low 

strain rates. This is expected due to the changes in microstructure of the material following 

deformation, necking at hi& strain rates and formation of cavities at lower 6 rates (see 

Fig4.4.4 in the next section). 
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Fig.4.3.6. The relutionship of stress and strain rate in natural log scale for different 

strain levels at temperatures of (a) 500 @ and (b) 530 97. 



Erperimental resuIts 

The same trend was observed at al1 other temperatures, as shown by the plots at 530°C in the 

same straui rate range of 1 x1 O" and 1 x 1 oJ/s (Fig.4.3 -6 @)). Therefore, a strain of E =0.7 was 

chosen to generate the log(o) vs. log(&) plots for d l  the deformation conditions. Fig.4.3.7 

shows the log(@ vs. log(&) plots at the strain of s = 0.7 for temperatures ranging from 350°C 

to 570°C. B y  least square curve fitting method, the slopes of the plots s h o w  in Fig.4.3.7 

were determined which are the values of the strain rate sensitivity at the testing temperature. 

Fig.4.3.8 shows the variation in strain rate sensitivity with temperature. The maximum value 

of m of about 0.5 was found at the temperature of around 500°C to 530°C. 

The m values were also determined by strain rate change tests. In this test, the tensile test 

was first conducted at a strain rate of & to a stress O, ,  which represents the stress for plastic 

flow, and then the strain rate was suddenly increased to stra in rate E2 which resulted in an 

increase in the flow stress to u2. From the following equation 4.3.1 , the strain rate sensitivity 

was derived. 

rn = log(q t' oz)  l log(€, I €z ) (4.3.1) 

For the test at 350°C, the strain rate &, was 1 xi  0% and the strain rate E2 was 2x 10%. For 

the test at al1 other temperatures, the strain rate was 1 xl  oJ/s and the strain rate 6 was 

2x10*~/s. The values of strain rate sensitivities obtained by this method are given in 

Fig.4.3.9(a), which dso shows that the maximum value of 0.5 occurred at the temperature of 

about 530°C, very similar to that shown in Fig.4.3.8. Fig.4.3.9 (b) shows the change in 

ductility at the same defomation condition (Table 4.3.2). It is seen that the maximum 

ductility corresponds to the maximum value of m. (It is noted here that the m values 

obtained by both rnethods were apparent values because of grain growth during defomation.) 
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Fig.4.3.7. The relationship of stress and strain rate in logflog scale for a same strain 

level of O. 7 af  a temperature range of350 - 570 97. 
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Fig.4.3.8. Changes of sfrain rate sensithify index with temperature by data analysis. 
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Fig.4.3.9. (a) Changes of sircrin rate senritiviw index with temperature by sirain rate 

change test, and (5) mmimum ductilify. 



4.3.4. Activation Energy (Q) for Superplastic Deformation 

Activation energy for superplastic deformation was calculated by employing the following 

equations [3 81 

where Q, is the apparent activation energy, Q, is the m e  activation energy, and as defmed 

earlier in equation (2.5), n =l/m is the stress exponent, E is Young's modulus, T is the 

absolute temperature and R is the gas constant. The activation energies were calculated at 

selected strain levels and strain rates. For this purpose, the average value of n was taken fiorn 

the data at different temperatures. The value of Q, at the strain rate of 1 x l O%, for example. 

was calculated to be 88.2 k.J/mol at strain = 0.3 and 78.3 kl/mol at strain = 0.7, respectively. 

However, Q, (at strain = 0.3) was found to increase to 1 10 kJ!mol with an increase in strain 

rate to 1 x 1 o-*/s. 

True activation energy QI was also detemined at various strain levels and strain rates. At the 

strain rate of lx l~"/s ,  the value of Q, was found to be 90.7 and 76.9 kJ/mol at the strain 

levels of 0.3 and 0.7, respectively. Thus, the average value of true activation energy was 

estimated to be - 83.8 W/mol. 



43.5. Effect of Specimen Orientation on Tensile Behavior 

(Samples WO, W30, W45, W60 and W90) 

In order to examine the tensile anisotropy of the sheet material used in this investigation, test 

samples were prepared with angles, between tensile axis and the original rolling direction of 

the sheet, of 0°, 30°, 4 5 O ,  60° and 90°. As described in Chapter 3 and shown in Fig.3.1, these 

samples were designated WO, W30, W45, W60 and W90, respectively. The tensile tests 

were conducted under the optimum superplastic condition at the constant strain rate of lx  

loJ/s and at the temperature of 530°C. The stress-strain curves are presented in Fig.4.3.10. 

The figure shows the anisotropic behavior but does not suggest it to be very significant. 

O 0.5 1 1.5 
True strain 

Fig. 4.3.10. The relutionship of stress crnd s t r a i ~  of sclmples with different 

orientations (0, 30, 45, 60 and 90 9 between the tensile mis  and the sheet original 

rolling direction 



4.4. Microstructural Evolution during Deformation of 

Full Thickness Sheet Material (W) 

4.4.1. Grain Size and Shape 

The grain size (d) of the tensile specimens was followed as a f ict ion of strain by terminating 

the tensile tests at the designated strain levels. Al1 the rneasurements were made at the same 

strain rate of 1x1 oJ/s. The grain size in specirnens tested at room temperature, 200°C and 

350°C could not be measured accurately, as the grain boundaries were not clearly visible 

under opticai microscope. However, the OIM examination of specimen tested at 350°C 

quantitatively indicated a srnall uicrease in the average grain size. The grain sizes in 

specimens tested between 450°C and 570°C could be measured reasonable easily. The 20 

minutes of soaking time provided to specimens at the beginning of the tensile tests at these 

temperatures also made it possible for the grain boundaries to be revealed clearly by optical 

metailography . 

Figure 4.4.1 (a-d) shows a senes of optical rnicrographs taken h m  the center of the 

longitudinal section of samples defonned at 530°C and at the strain rate of 1 xl O"/S to E = 0, 

0.5, 1 .O and 1.75. It is seen that dong with grain growth grain shape also changes fiom the 

initially elongated to nearly equiaxed as shown in Fig.4.4.l(e). The elongated grains become 

almost equiaxed at a strain of about 1 .O. 

Figure 4.4.2 gives the plot of average grain size as a bc t ion  of strain after deformation at 

the same strain rate of lx 1 o-~/s, but at differed temperatures. It is seen that the average grain 

size increases with increasing strain, and also with an increase in temperature. 





Fig. 4 - 4 1  (e). Three-dimensional rnicrosmtcture (opticalJ of the sample deformed to 

E = 1-75 at temperature of 530 Y and a simin rate of 1 x l  O%. 



O O. 5 1 1.5 2 

True strain 

Fig. 4 4.2. Grain growih represented by average grain size during deformaiion at a 

constant strain rate of 1x l0 -~ / s  and at various temperatures. 

The variation in grain size as a function of strain is found to follow a relationship of the type: 

Here the proportionality constant Kd and the exponent q were cdculated form the plots of 

h(d) vs. Ln(&), and these values at various temperatures are presented in Table.4.4.1. 

Table 4.4.1. Values of and q according to d = Kdsq during SPD at E = 1x1 o-~/s 

Temperature (OC) 
450 

Kd value (Pm) 
1.52 

q value 
0.28 



The increase in grain size could be due to two factors: (i) the increase that occurred in the 

absence of strain because of holding the sample at the test temperature, which may be 

denoted as static grain growth, (ii) the increase over this static value induced by the Unposed 

strain and termed dynamic grain growth. The static grain growth was determined by 

measuring the grain size in the grip section of the deforrned samples. Fig.4.4.3 shows the 

variation in grain size as a function of temperature in the grip and gage sections, respectively. 

upon straining to E =1 .O at the strain rate of l x  1 oJ/s. Also included in the figure are (i) the 

grain sizes attained during heating to and soaking at the test temperatures pnor to straining 

(represented by "start"), (ii) the difference between the grain sizes in the grip section and that 

prior to straining (represented by "static GG"), and (iii) the difference between the grain sizes 

in the gage section and the corresponding grip section (represented "dynamic GG"). A 

compatison of various curves in Fig. 4.4.3 shows that dl of them exhibit a similar trend. 

4.4.2. Cavities 

Samples deformed at the temperature of 530°C and the strain rate of 1x1 0"/s, were exarnined 

by SEM for cavities which were generated during deformation. Typicai features of cavities at 

E = 0.5,0.75 and 1 .O are shown in Fig.4.4.4 (a-c). Very few cavities are seen in the sample 

deformed to E = 0.5, but their size and number are seen to increase with M e r  strain. These 

cavities are predominantly present at triple points but some are also seen dong the grain 

boundaries. 



400 450 500 550 600 

Temperature ( O C )  

Fig.4.4.3. Grain growth in samples deformed to a same stroin level of 1.0, ut a 

constant strain rate of 1x1 F ~ / S  and at various temperatures. 





1.4.3. Precipitates and Dislocations 

TEM observations were carried out on sarnples deformed at the same strain rate of I x l0"k 

but at temperatures of 350°C. 500°C. 530°C and 570°C. All the samples were deformed to 

the same strain of E = 0.5. and quenched by the in-situ quenching facility attached to the 

Instron testing machine (see Chapter 3). Thin foils of the center layer material were made by 

using the same technique as was used for making thin foils from the as-received and m e a i e d  

matenals. The normal of such thin foils was parallel to ND of the sheet. At the temperature 

of 350°C. T1, P'. Si-rich and Fe-rich phases were observed. A typical TEM microstructure is 

shown in Fig.4.4.5. 

Fig. 41.5. Precipitates in a sarnple deformed to sîrain of 0.5 at 350 S- and a sîrain 

rate of 1x1 ~;'/s, rnarked by A is the Si-rich phase. B is rhe fi phase. and the little 

sports are ,&phases. 



However, when the testing temperature was higher than 500°C, T2 phase was found to have 

dissolved, but P', the Si-rich and Fe-nch phases were still present. Figure.4.4.6 was taken 

fiom the gage section of the sarnple defomed at 570°C. It shows P' precipitates associated 

with dislocations, and a few Fe-rich precipitates are also observed. Dislocations, dislocation 

networks and disIocation tracks were observed not only in ai1 the gage sections but also in the 

grip sections of the deformed samples. Figure 4.4.7 (a) gives an example of substructures 

developed in the gage section upon deformation at the temperature of 500°C. Calculation of 

thermal strain produced by the fast quenching indicated that a thermai shrinkage about 1.2% 

will be introduced in the quenched sample. This may be the reason that dislocations were 

observed in the grip section of the deformed sarnple which did not undergo tensile 

deformation. Therefore, it is difficult to achieve the goal of obtaining reliable direct 

experirnental information about the role of dislocations during superplastic deformation at 

thi s time. 

4.4.4. Effect of Strain, Strain Rate and Temperature on Textural Evolution 

The variation in texture as a function of strain, temperature and strain rate was measured by 

OEM. Al1 the measurements were made in the longitudinal section of the full thickness 

samples. In each of the samples the surface layer and the center layer were measured 

separately. The results of texture measurement made on the samples of the individual surface 

and the center materials will be given in next section (4.5). 



Fig. 4.46.  Fe-rich phases at grain boundary in a samp1e deformed to sirain of 0.j at 

570 LL und (I sirain rate of 1x1 p3/x 

Fig. 4-47. 

of O. 5 ai 500 T and a sirain rate of 1x1 o-~/s.  



Figure 4.4.8A shows the stress and strain curve at 530°C and at the strain rate of l x l ~ ~ ~ / s .  

Fig.4.4.8B gives a series of OIM images and corresponding PFs nom center layer of the 

sarnples defomied to E = 0.5,0.75, 1 .O, 1.25, 1.5 and 1.75, respectively, which are marked a? 

b, c, d, e and f i n  the stress-saah c w e  s h o w  in Fig.4.4.8A. As observed before, the grain 

size continuously increased and the grain shape gradually changed from the initially 

elongated to nearly equiaxed. Such transition in grain shape appean to have occurred 

between E = 0.75 and E = 1 .O. It is also seen that the texture weakened continuously during 

the deformation to a nearly random orientation. As well, the transition from preferred 

orientation to random seems to have occurred between E = 0.75 and E = 1 .O where the PFs 

tended to become diffised. 

The contour P R  corresponding to the discrete PFs in Fig.4.4.8B are given in Fig.4.4.9. It is 

seen that the separate intensity contours of the pole positions tend to overlap with increasing 

strain. By comparing the intensities of these PFs, the transition from textured to randomly 

onented states may be considered to occur at strains between E = 0.75 and E = 1 .O. Fig.4.4.10 

shows the grain misorientation distribution as a function of strain fiom the same set of data as 

that shown in Fig.4.4.8. It is noted that at E = O, where the texture is strong, a large nurnber 

of grains having small misorientation or low angle grain boundary are present. This is the 

characteristic of a textured material. ï h e  increase in grain misorientation witb increase in 

strain implies that low angle grain boundaries showing small misorientation have evolved to 

high angle grain boundaries showing large misorientation. It is this evoiution that results in 

the texture weakening. Figure.4.4.10 also shows that significant change of grain 



misorientation have occurred at about E = 1 .O. Thus, both microstnictural characteristics and 

grain misorientation feahws suggest that the texture tended to be randomized around E = 1 .O. 

Al1 the texture characteristics found in the center layer were also observed in the surface 

layer. Fig.4.4.11 shows the continuous texture weakening in the surface layer. The trend of 

texture weakening exhibited by both the center and the surface layers is shown more clearly 

in Fig.4.4.12, where the maximum intensities of PFs obtained fiom PFs shown in Fig.4.4.9 

and 4.4.1 1 are plotted against the strain. 

O o. 5 1 1.5 2 
True strain 

Fig.4.4.8A. The stress-strcrin cwve ~t the optimum superplastic condition of 5.30 97 

and the strain rate of IX~O.'/S. 
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Fig.4.4.10 Misorientation distribution of the center Zwer in a series deformedfull thickness 

smnples at the optimum superplastic condition of 530 57 and the strain rate of 1x1 o'~/s to 

straim of (a) 0.5, (b) O. 75, (c) 1-0, (a.) 1.25, (e) 1.5 and fl 2.75. 
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(b) E = 0.5 
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(a) s = O 

(c) E = 0.75 

(d) E = 1.0 

Fig.4.4.11. Contour PFs of surftace loyer in a series deformed samples at the 

optimum s u ~ a s t i c  condition of 530 S: and strain rate of l x 1  f13/s to strain 

levels of (a) 0, (6) O. 5. (c) O. 75. and (d) 1. O. respectively. 
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Fig. 44-12. Changes of the maximum intensity of PFs following deformation in both 

the center and surface Iayers of the fil l  thickness samples at the optimum superplastic 

condition of 530 T and the strain rate of 1x1 r3/s.  

In order to study the effect of temperature on texture evolution during superplastic 

deformation, texture measurements were conducted on tende specimens deformed at the 

same strain rate of 1 x 1 oJ/s and to a strain level of 1 .O at temperatures of 450 and 530°C. The 

texture was also measured on a specimen deformed at a lower temperature of 350°C to 

E = 0.55 (the maximum strain that could be obtained) at the sarne strain rate, which showed 

only region III flow behavior. Fig.4.4.13 shows schematically the design of experimental 

study of the effect of temperature and stra in  rate on texture evolution. Figure.4.4.14 shows 

PFs fiom both the surface and center layers of the sample deformed at 450°C. A cornparison 

of these PFs with those obtained fiom the sample deformed to the same straïn at the same 



strain rate but at temperature of 530°C (Fig.4.4.9 (d) and Fig.4.4.11 (d)), shows that the 

nature of texture weakening is similar in these two cases, but the rate of weakening in the 

center layer at 450aC is somewhat lower. 

Fig. 41-13.  illustration of experimental design for examining the e ffect of 

temperature and strain rate on texture evolu f ion during de formation, IV ith a reference 

of the optimum superplostic condition of 5.30 93 and the strain rate of 1x10-%. 

The PFs obtained from the sample deformed at 350°C are shown in Fig.4.4.15. Cornparison 

of these PFs with those from the sample deformed at 530°C (E = 0.50), Fig.4.4.9 (b) and 

Fig.4.4.11 (b), shows that there is no texture weakening in the center Iayer. However, in the 

surface section, there is some texture weakening. The effect of temperature on texture 

evolution in the surface and center layers is summarized in Table 4.4.2. 

Table. 4.4.2. Effect of temperature on texture evolution at optimum SPD strain rate (10~~1s) 

Location 
Surface 
Center 

Temperature 
530°C 

Continuous weakening 
Continuous weakening 

450°C 
Weakening 

Iow weakening rate 

350°C 
low weakening rate 

ni, weakening 



(a) Center 

Fig.4.414. PFs of afull thickness sample deforrned at 450 T and a strain rate of 

1x10~/s 10 sîrain of 1.0 in its (a) center and (b) surfoe layers, respectively. 

1 

(a) Center 

Fig. 4. -/. I S. PFs ofa firll thickness sample deformed at 350 T' and a smin rate of 

1x1 o - ~ / .  to strain of 0.55 (which was the maximum elongution obtained at this 

condition) in its (a) cenler and (b) surface layers, respectively. 



The variation in texture as a b c t i o n  of strain rate was investigated by deforming the 

specimens to selected strains at the strain rates of 1 x 1 O%, 1 x 1 O"/S and 1 x 10% at 

temperature of 530°C. The PFs nom the specimen deformed at 530°C at the highest strain 

rate of l x l ~ ~ ~ / s  to s = 0.75 (the maximum obtained) are shown in Fig.4.4.16. A 

comparison of these PFs with those deformed at the strain rate of I xl  o"/s, to the same strain 

level (Figs.4.4.9 (c) 2nd 4.4.1 1 (c)), shows smaller degree of texture weakening in the center 

layer with increasing strain rate, however, in the surface layer some texture weakening 

occurred. The PFs obtained fiom the sample deformed at the lower strain rate of 1 x 10% to 

E =1 .O at 530°C are shown in Fig.4.4.17. Cornparison of these PFs with those deformed at 

the strain rate of I x l ~ - ~ / s ,  to the sarne strain level (Fig.4.4.9 (d) and 4.4.1 1 (d)), exhibits a 

similar texture weakening trend at both the strain rates. The effect of strain rate on texture 

evoiution is summarized in Table 4.4.3. 

Table 4.4.3. Effect of strain rate on texture evolution at temperature of 530°C 

Location 

Thus, there occun texture weakening with increasing sttain in superplastic region, but there 

does not appear to be any significant effect of temperature and strain rate. However, when 

deformed at higher strain rate or lower temperature, comesponding to region III, the texture 

weakening was noticed to be smaller in s d a c e  section, and no texture weakening in the 

center section. 

Strain rate 
1 x 1 0% 1 1 1 oJls 1 I x 10% 

Surface 
Center 

Weakening 
Weakening 

Weakening 
W eakening 

Weakening slow 
No weakening 



(a) Center 

Fig.I.1.16. PFs of a full thickness sample deformed at 530 T and a strain rate 

1x1 0% to sirain of 0.75 (which was the maximum elongation obtoined at this 

condition) in i fs  (a) center and (b) surface luyers. respectively. 

(a) Center 

Fig.4.4I7. PFs of ajüll thickness sample deformed at 530 LT and a strain rate of 

~ x l @ / s  to s w i n  of 1.0 in its (a) center and (8) surface layers. respectively. 



4.5. Deformation Behavior and Textural Evolution 

of the Surface (S) and Center (C) Materials 

It was shown in section 4.1 that the sheet material may be considered to be made up of three 

layers, one center layer and two surface layers on either side of i t  The grains in the center 

layer were pancake shaped and had brass-type textures. Whereas, the grains in surface layers 

were nearly equiaxed and had copper-textures. Therefore, tensile test specimens of the center 

and the surface materials were prepared form the full thickness sheet and were deformed 

under optimum superplastic condition of a temperature of 530°C and a strain rate of 1x1 oJ/s, 

in order to study the behavior of individuai layers. 

surface 

O 0.5 1 1.5 2 

True strain 

Fig.4S.l. The relatiomhip of stress and strain at deformation condirion of 530 LL und 

a sîrain rate of 1 x l ~ ~ 3 s f i o m  samples of the full thickness, the center and the surface 
mater iak. 



4.5.1. Effect of Specimen Location on Tende Behavior and Texture 

Figure 4.5.1 shows the o-E c w e s  obtained fiom the specimens of full thickness sheet (WO)? 

the center (CO) and the surface matenals (SO), with the tende axis parallel to the sheet 

rolling direction. These curves are the average of 3 tests of each. It is seen that the Bow 

stress of the center materiai is about 10-20 % larger than that of the surface material at a 

strain of about 0.4. Although the absolute ciifference in values is relatively small. the flow 

stress of the center material was consistently greater up to the strain of about 1 .O, where these 

three curves reached the same level of flow stress. The flow stress of the full thickness 

specimen was between that of the center and the surface materials. 

The textural changes in the full thickness specimens at selected strain levels at the optimum 

superplastic condition of S30°C and strain rate of lxl~"/s ,  determined at the center and 

surface Locations, have already been described in section 4.4 (Figs.4.4.9,4.4.11 and 4.4.12). 

The textural changes in the specirnens of the center (CO) and surface (SO) materials were also 

determined as a hinction of strain in the specimens deformed under the same condition of die 

temperature of 530°C and the strain rate of 1x10"/s, to strain levels of 0.25, 0.5, and 1 .O. The 

PFs of the center and the surface matenals are shown in Fig.4.5.2 and 4.5.3, respectively. 

The trend of texture weakening in the center material is sirnilar to that obsenred in the full 

thickness samples (Fig.4.4.9). Whereas, there are differences in the textural changes between 

the s d a c e  material and the full thickness specimens. Instead of continuousiy weakening 

observed in the latter, the former exhibits first an increase and then a weakening of texture. 







Fig.4.5.4 shows changes in the maximum intensities of PFs as a hct ion of strah in the 

separated center and sdace  materials. It is seen that although the process of textural 

changes is different during deformation in these two layers, a similar random orientation is 

reached when deformed to a strain of about 1 .O. 

O center 
O surface 

O 0.3 O. 6 0.9 1.2 

True strain 

Fig. 45.4. Changes of the maximum intensity of PFs follo wing deformation in 

samples of both center and surface materials at 530 97 and a sîrain rate of 1xliT3/s. 



4.5.2. EfTect of Specimen Orientation on Tensile Behavior 

Tensile specimens were prepared fiom the surface and center matenais with tensile axis at 

30,45 and 90" orientations with respect to the rolling direction. As descnbed in Chapter 3, 

these specimens were designated as S30, S45, S90, C30, C45, and C90, respectively. The 

c-E curves of the specimens of center matenai, having different orientations, are shown in 

Fig.4.5.5. They exhibit that, in the earlier part of deformation ( G  < 1 .O), the flow stress is 

maximum in the onentation of 90' and minimum in the onentation of 0°, and at larger strains 

the flow stress in all the orientations approach the same level. 

Figure 4.5.6 presents the cr-E curves for the specimens from the surface material at various 

orientations. The trend of flow behavior for this case is, however, opposite to that exhibited 

by the specimens fiom the center material. That is, the flow stress was maximum in the 

orientation of 0' and minimum in the onentation of 90°, and the flow stresses in different 

orientations do not approach the sarne value. 



O 0.5 1 1.5 2 
True strain 

Fig.4.5.5. The effect of sample orientation on stress and strain rekationship nt 
deformation condition of 5.30 9C and a strain rate of ~ x l @ %  in the center material 
with O. 30. 45 and 90 between tensile axes and the sheer original rolling direction. 

O 0.5 1 1.5 2 

True strain 

Fig.4.5.6. The effect of sample orientation on stress and shah  relationship at 
deformation condition of 530 @ and a strain rate of 1x1 O.'/., in the swjbce materid 
with 0, 30, 45 and 90 O between iensile mes  and the sheet original rolling direction. 



4.5.3. EEect of Specimen Orientation on Textures 

The texture of the center and surface materials was detennined after a strain of 1 .O, under 

optimum superplastic conditions at a temperature of 530°C and a strain rate of l x l ~ - ~ / s .  

Fig.4.5.7 gives PFs nom the sarnples of the center material. Irrespective of orientations, the 

results indicate that texture weakening occurs to a similar intensity without the creation of 

aoy new orientation. However, the results fiom sarnples of the surface material, Fig.4.5.8, 

show that although new texture is not created, the rate of texture weakening is reduced with 

an increase in the angle of orientation. This is also illustrated in Figure 4.5.9, which shows 

the changes in maximum intensities of PFs in sarnples from both the center and surface 

materials as a function of angles of orientation. Therefore, it may be concluded that for 

AA8090 AI-Li ailoy with a microstructural gradient, the specimcn orientation does not have 

an appreciable effect on texture weakening in the center material, but has an effect in the 

surface material during superplastic deformation. 
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(d) 90" 

fi'ig.4.5.8. PFs of surface materials with angles between temile axis and the sheet original rolling direction of (a) 0 7 @) 30 9 
(c) 45 Oand (d) 90 9 respectively, de fmed  ut 530 'I: and a shah rate of 1x1 p3/s to a same strain of 1.0. 
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Fig.4.5.9. Eflect ofsarnple orientation on texture represented by the maximum 

intensity of PF for both the center and the surface materials with dzfferent 

orientations relative to the sheet original r d i n g  direction deformed at 530 and u 

strain rate of l x i ~ - ~ / s  to a same strain of 1.0. 



Discussion 

CHAPTER 5 

DISCUSSION 

Results of studies on superplasticity in materials having fine equiaxed grains has been 

extensively reported in the literature. However, in as-worked state, rnany superplastic 

materials are known to have non-equiaxed microstmctures, which evolve towards fine 

equiaxed grains after certain amount of deformation under superplastic conditions [9,20,23].  

The as-received AA8090 Al-Li alloy used in the present study contained composite 

microstructure in the through thickness cross-section, having nearly equiaxed grains in the 

surface and pancake shaped grains in the center layers, which were elongated in both 

longitudinal and transverse directions (Fig.4.1.1). The alloy varied in texture fiom the 

surface towards center as well, that is, the surface had predominantly copper-type texture 

whereas the center had predominantly brass-type texture, with a continuous textural gradient 

from surface to center (Fig.4.1.8). No detailed and systematic study has been reported for 

superplastic behavior for such a complex microstructure fiom both grain morphology and 

textural point of view. Unlike the analysis of data obtained fiom materials containing fine 

equiaxed grains, the microstructure present in the AA8090 alloy would influence the flow 

behavior and the concurrent microstructural evolution by imparting the roles played by the 

varying ga in  size, grain shape, texture, and their distributions at different depths dong the 

thiclmess direction of the sheet. Although the fine equiaxed grained matenal is well suited 

for understanding the mechanism for superplastic deformation, the study of present AA8090 

alloy with its varying microstnicture c m  help in understanding the behavior of other sirnilar 
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commercial superplastic matenals. In view of this, the analysis and discussion in this chapter 

are aimed to (i) bring out correlation between flow behavior and concurrent microstructurai 

evolution, (ii) evaiuate textural evolution and understand its relation with flow behavior, (iii) 

examine flow anisotropy and its relation with texture, (iv) integrate the microstructural and 

stress gradient to understand composite flow behavior, and finally (v) suggest an 

experimental constitutive relationship for a commercial material of this type. 

5.1. Effect of Microstructura1 Evolution on Flow Behavior 

5.1.1. Microstructural Evolution 

The microstructure pnor to straining retained its initial composite distribution of grain shape, 

grain size (Fig.4.2.1) and texture (Fig.4.2.6) during heating to the deformation temperature. 

No significant change was seen even after static annealing at 570°C for 1 h, although the 

grains were noticed to be much coarser (Fig.4.2.8). The stability of texture and grain 

rnorphology during static annealing is attributed to the suppression of recrystallization 

through the presence of P' (A1,Zr) precipitates as has been reported by others [89]. However, 

deformation under superplastic condition was seen to help in microstructural evolution. As a 

result of this, the grain sizes, grain shape and texture tended to become the sarne with 

continued defonnation. One such example is presented through a three dimensional 

representation of microstmcture in a deformed sample in Fig.4.4.1 (d). The deformed 

microstructures revealed three distinct changes, viz. enhanced grain coarsening (Fig.4.4.3), 

elhination of grain directionality in the mid-thickness sections (Fig.4.4.8), and texture 

weakening (Fig.4.4.8,4.4.9 and 4.4.1 1 ). 



As presented in the Literahue Review, section 2.3.3, one or more of the three microstructural 

changes are reported in different materials having similar starting microstructure [9,20,23]. 

Several proposed mechanisms for such microstnictural evolution are listed in Table 2.2. 

Due to the presence of second phase in micro-duplex alloys or dispersion of second phase 

particles in quasi-single phase alloys, the microstructures of superplastic matenals are 

considered to be reasonably stable [36]. in these cases, the thne exponent q in the kinetic 

expression d s tq, where d is the grain size at tirne t and q is the time exponent, is known to 

be lower (q = 0.25 and 0.33) than that for single phase materials (q= 0.5) [126]. The values 

of q are even smaller (-0.1) in aluminurn alloys [127]. However, superplastic deformation of 

AA8090 AI-Li alloy resulted in a significant grain growth (equation 4.4. l), with the value of 

q varying fiom 0.21 to 0.44 depending on temperature (Table 4.4.1). Such deformation 

induced grain growth has been reported [128] in a wide range of superplastic matenals. The 

enhanced grain growth during SPD is attributed to grain boundary migration, which becomes 

necessary to accommodate stress concentration built up by grain boundary sliding [129]. 

A large nurnber of superplastic matenals contain grains elongated in one or two directions or 

a banded microstructure. Such materials exhibit grain growth, elimination of elongated 

grains, and their redistribution to homogeneously distributed equiaxed grains during 

superplastic deformation. The cntical strain necessary for the material to exhibit equiaxed 

grains is reported to Vary from E - 0.05 to 0.80, depending on the type of material and the test 
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condition [128]. Since the as-received AA8090 Al-Li alloy was found to contain a 

combination of neariy equiaxed grains in the surface layers and pancake shaped grains in the 

center layes, the microst.cturai evolution will consist of grain coarsening in the former and 

both grain coarsening and evolution towards equiaxed grains in the latter. 

The mechanisms of rnicrostructural evolution during superpiastic deformation, consisting of 

grain growth, grain shape and textural change, in rolled sheet of aluminum alloys have been 

discussed by different investigators (section 2.3.3). Most of the mechanisms essentially 

suggest coalescence, migration and sliding of subgrain boundaries, and coalescence, rotation, 

and switching of subgrains. Some of these mechanisrns emphasize dislocation activity to be 

the source of these processes. A cornparison of these mechanisms with the observed 

rnicrostructural evolution in the present AA8090 alloy was made to examine whether they 

can explain al1 the three microstructural changes. Presented in Table 5.1 is the ability of 

these mechanisms to account for the observed microstructural changes. The ability of a 

particular mechanism to predict the microstmcturai evolution is marked by +, whereas its 

inability to predict is marked by - in the Table. 

As seen, five of the mechanisms c m  explain the three observed micros~ctural changes, viz. 

grain growth, grain shape change and texture weakening. However, three of the mechanisms 

marked by * are similar. The reason for their being similar is based on the fact that, as far as 

the texture weakening is concerned, the subgrain rotation is essentially dictated by 

dislocation activity. Another mechanism, based on subgrain superplasticity, explains ali the 
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three microstructural changes, but it is unlikely that subgrains wodd be retained at larger 

strains. It is evident fiom Fig.4.4.10 that the nurnber of low angle subgrain boundaries 

decreases with increase in strain, therefore, subgrains are not stable during superplastic 

deformation. The mechanism involving discontinuous recrystallization is also, in principle, 

able to explain the three microstructural changes, but discontinuous recrystallization during 

deformation was not observed in the present investigation. 

Table. 5.1. Applicability of various mechanisms to the observed microstructural features 

1 Existing DICR mechanisms 1 grain growth 1 break down of banded structure 1 texture weakening 1 
1 Subgrain coafescence I + I  - 1 - 1 

I I 1 

Subgrain boundary rni~ation 1 + - 1 
I 

Subgrain boundary si iding+GBS + + 1 1 
I 1 I 

*Subgrain rotution+GBS+subai switching 1 + + 1 - 1 
F I I 

Subgrain superp fasticity 1 + 1 + 1 - 1 
I I 1 

* DisZocation act ivities 1 + 1 -+ 1 - 1 
I I I 

Grain growth between bands 1 + -+ I I 
I 

Disconrinuous recrystdkution + 1 + 1 - 1 

The texture weakening, where the orientation change gives an accumulated information about 

the process of deformation involving dislocation activity, suggests that mechanisrn based on 

dislocation activity might be more suitable for explaining the results observed nom the 

present shidy. Nix [130], after criticdly analyzing varbus mechanisms of superplasticity, has 

concluded that slip m u t  occur in some of the grains to account for grain rotation and changes 

in crystallographic texture. In the present study, texturai changes were cleariy observed and 

pancake shaped grains changed to equiaxed grains. Therefore, it is suggested that the 



Discussion 

mechanism of superplastic deformation in AA8090 AI-Li alloy has an element of dislocation 

activity in it. 

5.1.2. Ef'fect of Superplastic Deformation on Texture Weakening 

In the present study, deformation of AA8090 Al-Li ailoy under superplastic condition was 

observed to lead to a significant texture weakening. This is in general in agreement with 

what is already known for a variety of superplastic materials [36]. The texture weakening is 

ascribed to grain rotation, which is facilitated during superplastic deformation as an 

accornrnodating step to grain boundary sliding. 

Blackwell and Bate [24] have investigated the effect of strain and strain rate on texture 

evolution focused on the mid-thickness layer in AA8090 Al-Li alloy with a similar 

microstructure as was present in the matenal used in this study, and deformed at 527°C and 

at a strain rate of 1 x 1 0% with tensiie axis parallel to the rolling direction. According to their 

investigation, a slight increase in texture occurred in the eariy part of deformation (E = 0.25), 

which was subsequently followed by continuous texture weakening. The texture weakening 

was independent of strain rate within the superplastic region, and they noticed a slight shifi in 

orientation at a higher strain rate of lx l~-~ / sec .  This shift has not been observed in the 

current study. 

Similar to the work of Blackwell and Bate and by using AA8090 Al-Li dloy, Bowen 1141 

also studied the textural evolution as a function of strah during superplastic deformation in 



the center fayers. He found a progressive decrease in the intensity of texture and a shift 

towards 4 1 1> with increasing strain in samples with tensile axis parallel to the rolling 

direction, 

In another study, Liu and Chakrabarti [75] observed texture evolution by OIM in the mid 

thiclaiess section of a 7050 alloy sheet deformed at 447OC and at a strain rate of 2xl0"ls. 

Although their matenal had pancake shaped grains, but not a composite type grain structure 

that was present in the alloy used in the cwent study. They found that texture weakening 

started to occur at a strain of about 0.4 and no noticeable change occurred prior to reachmg 

this strah. A distinct texture weakening occurred between strains of 0.1 - 0.75. In al1 the 

above three studies, (viz. BIackwell and Bate, Bowen, and Liu and Chakrabarti) nearly 

equiaxed grains evolved following the texture weakening during superplastic de formation. 

While, al1 these three studies were mainly Iimited to the effect of strain on texture evolution 

during superplastic deformation in aluminum alloys, in the present study, a systematic and 

detailed texturd determination was conducted not only as a function of strain but aiso as a 

function of strain rate, covenng the highest strain rate that the material could sustain, and 

temperature. In addition, by considering the texture gradient across the thickness section of 

the matenal, texture measurements were conducted in both the center and surface layers of 

the full thickness samples. Also, texture evolution was exarnined in the samples made of the 

surface and center materials individudly. Finally, texture evolution was determined as a 

function of orientation between the original rolling direction and tende axis in such 

separated materials. 



As shown in Fig.4.4.12, texture weakening in the current investigation occurred continuously 

not only in the center layer of the full thickness material, but also in the surface layer at a 

temperature of S30°C and at strain rates of both 1 x 1 o4 and 1 x 1 O'~/S (Table.4.4.3). This is 

similar to the result of the investigation of Blackwell and Bate, Bowen, and Liu and 

Chakrabarti. However, at a higher strain rate of lx l~" /s ,  texture weakening occurred only 

margindly in the surface layes whereas there was no texture weakenùig in the center layers. 

The first two strain rates fall in the superplastic region whereas the last strain rate is beyond 

the superplastic rzgion. The reason for the surface layers to exhibit some level of texture 

weakening, even at higher strain rate of 1 x 1 0% (Table.4.4.3), rnay be associated with the 

presence of nearly equiaxed grains and their ability to undergo grain boundary sliding. On 

the other hand, the grains in the center layer had pancake shape, which may be less favorable 

for grain boundary sliding but more favorable for dislocation activity, which may M e r  

result in the absence of texture weakening. The decrease in temperature had a similar effect 

on texture evolution as the increase in strain rate, as shown in Table 4.4.2, and within the 

superplastic region there occurred a similar texture weakening at al1 the temperatures and 

strain rates. This suggests that the mechanism for superplastic deformation remains the sarne 

irrespective of temperature and strain rate in the superplastic region. The mechanism for 

such superplastic deformation involves an optimum combination of grain boundary sliding, 

diffusion and dislocation activity, which may be responsible for the obsemed similar texture 

weakening. When either the strain rate or temperature corresponds to region III, the optimum 

combination of various processes deviates to favor dislocation activity. As a consequence of 

this, no texture weakening is expected. 
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As presented in section 4.4.4, copper-type texture in the surface layer and brass-type texture 

in the center layea showed the same trend of continuous texture weakening (Fig.4.4.12), 

when the texhue measurements were performed in the full thickness samples. However, 

intensities of the same copper texture showed a smail increase fmt and they then decreased 

when the texture measurements were made in the separated surface material (Figs.4.5.3 and 

4.5.4). This increase in texture intensity duxing the early part of deformation may be 

explained as follows. According to Nix [130], no grain rotation would be possible without 

activating intragranular slip in one or more grains. In the surface layers, the grains are nearly 

equiaxed and as such they can easily undergo grain boundary sliding without requiring much 

dislocation activity. Therefore, a significant texture weakening is not expected. Furthemore, 

the equiaxed grains undergo grain growth only, unlike pancake grains, which can cause 

texture sharpening following grain growth, as is comrnonly observed in commercial materials 

[13 11. In the center Iayers, grains had pancake shape and they still showed superplasticity 

with m - 0.45 [24]. However, because of the non-equiaxed nature of grains, the optimum 

combination of deformation mechanisms would involve more didocation activity which, in 

turn, will result in texture weakening. 

5.13. Nature of Stress - Strain Curves 

Al1 of the stress-strain curves, irrespective of strain rate and temperature, exhibited an 

increase in flow stress with strain (Fig.4.3.1 and 4.3.3), although the extent of increase 

depended on deformation conditions. Up to 2 1 O°C, the intermediate temperature, the strain 
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hardening is suggested to be the main reason of strengthening. In this region, dE is nearly 

independent of temperature, which represents the athermal behavior due to long range stress 

fields opposing the movement of dislocations. These long range stress fields are suggested to 

be due to precipitates, grain boundaries and other dislocations [34]. 

The present study was mainly concentrated on superplasticity which prevails in the high 

temperature region. Usually, conventional strain hardening is not considered to be important 

under superplastic condition, instead, the flow strengthening exhibited during superplastic 

deformation is sometimes calied as grain growth hardening. In the present investigation. 

grain growth was found to be significant at T 2 450°C (Fig.4.4.2). In addition to grain 

growth, there also occurred changes in grain shape, evolution of texture (Fig.4.4.8) and 

formation of cavities (Fig.4.4.4). The change kom non-equiaxed grains towards equiaxed 

grains, and cavitation would lead to a decrease in flow stress with increase in strain. The 

former is considered to be important in the early part of deformation whereas the latter may 

become important at larger strains. The variation in flow stress oEAA8090 AI-Li alloy in the 

present work was quantified as a function of strain dirough equation (2.3) over a large part of 

the strain, Fig.4.3.4, and the variation in n, as a function of temperature is plotted in 

Fig.4.3.5. An attempt will be made next to understand the irregular variation in n, as a 

fiuiction of temperature with the help of microstructural evolution. 

The n, vs. T plot in Fig.4.3.5 shows four regions. The decrease in n, with increase in 

temperature in region I over T = 25 to 2 1 O°C, appears to be due to the operation of thermally 



activated process around 200°C. The increase in n, with temperature in region II at 

-350°CG<4000C can be ascribed to grain coarsening. The decrease in n, with increase in 

temperature in region III at -500°C<<-530°C may be associated with the dissolution of 

precipitates, which reduces resistance to plastic fl ow. The microstructure developed during 

heating and soaking at 530°C for 20 minutes, pnor to deformation, in fact shows (Fig.4.2.2) 

the disappearance of the precipitates present in the as-received state (Fig.4.1.4). Once the 

precipitates are dissolve4 the grain boundary migration will be faster. Probably, it is the 

rapid grain growth that causes the observed increase in n, with increase in temperature in 

region IV over T x55U0C. Cavitation may have effect on the flow behavior, but cavitation 

was not studied systematicaily in the present investigation. Kashyap and Chaturvedi 

(unpublished work) noticed that maximum cavitation occurred under optimum superplastic 

condition, which in fact corresponds to the temperature range in region III here, but the strain 

range is over that discussed here. 

5.1.4. Correlation between Flow Behavior and Concurrent Microstructural Evolution 

As discussed earlier, the microstructural evolution involves grain growth, change in grain 

shape, texture weakening and cavitation. Also, there is some evidence of dislocation activity 

during superplastic deformation of commercial materials like the one used here. However, a 

detailed study of dislocation activity could not be successfully conducted in this investigation 

because of the complications caused by fast quenching, which leads to about 1.2% shrinkage 

in the quenched sample. However, various stress-main curves presented in Figs.4.3.1 show a 

continuous decrease in strain hardening rate with temperature. This is typical of the effect of 



dynamic recovery occurring in the early part of the stress-strain curves of various materials 

undergoing dynamic recovery and recrystallization [132]. Therefore, the stress-strain curves 

in the present study suggest dislocation activity takes place during superplastic deformation. 

The effect of concurrent grain growth on the variation in flow stress with strain is analyzed 

next. 

According to the various constitutive relationships for superplastic deformation (Table 2.1 ), 

the flow stress increases with an increase in grain size. At a constant temperature and strain 

rate, the relationship between flow stress and grain size can be written as 

<r a (d)"l" (5.1) 

Here, p is the grain size exponent and n is the stress exponent. From most of the models for 

superplastic deformation, presented in Table 2.1, the values of both p and n are found to be 

equal to 2. For the AA8090 Al-Li alloy, p has been reported to be 2 [26] whereas n equals to 

2 (m=0.5) as presented in section 4.4. Since grain size increases with increase in strain and 

so does the flow stress, it is possible to calculate the contribution of the increasing grain size 

to the 80w stress by employing equation (5 .  l), and assurning that the stress at the onset of 

plastic strain corresponds to the grain size attained pnor to superplastic deformation. That is, 

equation (5.1) can be re-written to relate the grain sizes ci,, and d, with stresses oo and <r, at 

the onset of plastic strain (E,) and at any selected strain level E, respectively : 

where p = n =2. For this purpose, the stress-strain cuve (Fig.4.3.3b) and the grain size in t 

gage section as a function of strain (Fig.4.4.2), both at a constant strain rate of B = I x l oJ/s 

1 54 



and T = 530°C were used. The calculated stress (oc) is plotted as a function of saain in 

Fig.5.1. Also included is the experimental stress @&train curve for cornparison. It is seen 

that the concurrent grain growth is not able to fully account for the increase in flow stress 

with increasing strain. Similar difference between the experimental and calculated (on the 

ba i s  of hstantaneou grain size) stress-strain curves was reported [133] in the Ai-Cu eutectic 

alloy, especially, at higher s t r a h  rates and lower temperatures, and the difference between 

these two flow stresses at the same strain level was attributed to dislocation activity. In 

fi8090 AI-Li alloy, the differential flow stress may also be the result of dislocation activity. 

biit there does not appear to be any investigation to account for flow strengthening employing 

disIocation activity in the literature. 

+ expenment 

+ calculated 

0.2 0.4 0.6 0.8 1 1.2 

True strain 

Fig.5. l. Cornparison offlow stresses obtainedfiorn experîrnent and calculation 
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Since t e m e  is an a c c d a t e d  measure of dislocation activity through a deformation 

process, it is possible to comfate texture intensity with the flow behavior. At seiected strain 

levels, the increase in flow stress ( A ) ,  with reference to the stress at the onset of plastic 

strain, was calculated fiom the results at deformation condition of S = 1 xl oJ/s and T = 

530°C. Correspondhg to the same strain levels, the maximum average intensities of texture 

were also calculated for the full thickness sheet (Id by applying rule of mixture, viz. Ï, = 

(l/3I, + 2/31,), to the data obtained from the center (I,) and the surface (1,) matenals. The plot 

between the values of AG and Ï, , as shown in Fig.5.2, was observed to be linear, which 

reflects that an increase in flow stress is accompanied by texture weakening during 

superplastic deformation. This relationship can be also expressed by power law of type 

5.5 6 6.5 7 7.5 8 8.5 9 
Intensity of PFs 

Fig. 5.2. The relarionship between do und Ït . As mmked by mrows in the figure 

the increase in Ac i s  related to the decreuse in Ïtfillowing superplastic deformation. 



Although it requires m e r  work to understand the relationship between flow stress and 

texture during superplastic deformation (equation 5.3), it clearly indicates that dislocations 

play a important role beyond accommodating grain boundary sliding. Bate and his coworker 

[24] suggested the dislocation slip mechanism for superplastic deformation, whereas Pu et al 

[26] stressed the importance of grain boundary sliding. In view of these, the mechanism 

invoiving dislocation slip independently and its combination with grain boundary sliding 

appear to be more appropriate for superplastic deformation. 

5.2. Optimum Superplastic Condition for AA8090 AI-Li Alloy 

Generally, optimum superplasticity is exhibited under the strain rate, temperature and 

microstructural conditions (grain size) under which the value of strain rate sensitivity index 

(m) is maximum [35]. In several superplastic rnaterids, the ductility has been show to 

increase with increasing test temperature and decreasing grain size. In the present AM090 

AI-Li alloy, both the maximum ductility and the maximum m value were noted in the 

temperature range of 500-530°C (Fig.4.3.9), and the strain rate range of 1 04- 1 o-)/s (Table 

4.3.2). Similar optimum conditions have also been reported earlier for this material [12, 161. 

By examining the ductility values in Table 4.3.2 and the nature of comesponding stress-strain 

curves (Figs.4.3.1,4.3.3), as expected, it is observed that the maximum ductility occurs when 

deviation fiom steady state condition is minimum. For example, the maximum ductility of 

700% was obtained at T = 500°C and at a strain rate of 1 ~ 1 0 % ~  at which the stress-strain 

curve shows almost a steady state. By examining the variation in several parameters during 
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superplastic deformation in the present study, it appears worthwhile to consider the 

interrelationship among hem to account for the variation in ductility as a b c t i o n  of 

temperatwe. Ductility (6) (Fig.4.3.1 O), sîrain hardening exponent (rq) (Fig.4.3 S), strain rate 

sensitivity index (m) (Fig.4.3.8), * exponent for grain growth (q) (Table 4.4.1 ), and grain 

size (d) attained at a constant s b n  level (Fig.4.4.3) are replotted as a function of temperature 

in Fig.5.3. Also included is the variation in the instability parameter 1 which is defmed as 

Here y is the hardening parameter as defined by Hart [13 51, viz. 

In the present work, ad& was not calculated as such but, y can be related to the strain 

hardening exponent as follows: 

n, = a ln @)/a ln(&)= e (l/o)(dd&) = q. (5 -6) 

Therefore, y=@. (5.7) 

Accordingly, 1 can be expressed as 

As shown in Fig.5.3, ductility 6 (a), m (c) and q (d) al1 increase first with temperature, 

attaining peak values at T-53O0C, and then they decrease. The similarity between the 

variation in ductility and m as a fùnction of temperature is in gened agreement with the 

property of superplasticity. The decrease in ductility and m value beyond T- 530°C can be 



attributed to excessive grain growth, whereby the material loses its superplasticity. However. 

the concurrent increase in grain size, below the critical level (typically d I 1 O p ) ,  is 

suggested to be beneficial to superplasticity. It has been reported that m increases with 

concurrent grain growth during superplastic deformation of M744 microduplex steel [136]. 

This is because grain growth takes place by grain boundary migration which, in tum, is 

known to be essential to accommodate continued grain boundary sliding. This may also be 

the reason that ductility increases with increase in temperature in spite of grain growth 

(Fig.5.3d). The increase in strain hardening exponent (Fig.5.3b), typically in the temperame 

range of 350-500°C, c m  raise the magnitude of uniform strain, and so contribute to the 

improvement in ductility, when deformation involves significant dislocation activity. The 

importance of initial strain hardening in the development of superplastic ductility of an Al-Li 

alloy has been also emphasized by Ash and Hamilton [67]. As analyzed by them, the value 

of 1, which combines both m and n,, provides a good indication of relative tensile stability. 

By considering the values of m ?.rd n, to evaluate 1 and ploning the sarne as a function of 

temperature at various sirain levels, Fig.5.3f, leads to the following important implications. 

As seen in this figure, 1 decreases with increase in temperature, and reaches plateau or the 

minimum values at T = 500-530°C. One would expect the maximum ductility when 1 tends 

to be zero. Probably, this is the reason that the maximum ductility occurs around these 

temperatures. 



Fig.5.3. An indication of optimum superplastic temperature fiom several 
parameters, continue- 
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Fig.j.3f Imtabili~ parameter (0 as a function of temperature for testing at a strain 

rate of 1x1 c~/s.  

The variation in I as a function of temperature at different strain levels delineates two distinct 

behaviors. (a) 1 becomes negative at smaller strains (typically ~<0.75) and at temperatures 

above -400°C. (b) At larger strains (~10.75), 1 increases with increase in temperature 

subsequent to the initial decline without going to negative values. n i e  decrease in 1, at lower 

temperatures may be due to inhomogeneous deformation like necking, which is caused by 

preferential dislocation activity. This is supported by the fact that less texture weakenuig 

occmed in the surface layer and no texture weakening occurred in the center layer (Table 

4.4.2) at T = 350°C. 



The microstructural examination showed that both texture wzakening and grain shape 

evolution became more pronounced at E = 0.75 - 1 .O, Fig.4.4.8. Therefore, this strain range 

may represent a transition in microstructural evolution during superplastic defonnation. This 

may also indicate a transition in the nature of inter-dependence of concurrent rnicrostruc~al 

state and the corresponding de formation mec hanism. The coincidence of this transition strain 

with the inflection in the variation of 1 vs. T plot (Fig.5.3) suggests the existence of sorne 

correlation between I and the micromechanism for superplastic deformation, which was 

discussed earlier in section 5.1, that the earlier part of straining (E < 0.75) is Iikely to be 

associated with dislocation activity (texture weakening), whereas the latter part of 

deformation is dominated by grain boundary sliding. This is similar to the observation of Liu 

and Chakarabarti [75] on 7050 Al alloy, although the transition they observed occurred 

between the strains of 0.4 - 0.75. 

5.3. Anisotropy in Flow Behavior 

The stress-strain cuves of the center material (Fig.4.5.5.), surface material (Fig.4.5.6) and the 

full thickness sheet (Fig.4.3.12) showed some degree of anisotropy during superplastic 

defonnation. In the center material, the 90" orientation showed the maximum flow stress 

whereas the O0 orientation showed the minimum, which is opposite to the trend s h o w  by the 

suTface material. These two opposite trends in the two sections of the same sheet 

individually, can be the cause for minimum anisotropy in the full thickness samples. The fact 

that higher fiow stress exhibited in the 0" orientation than that observed in the 90' orientation 

in the Ml thickness samples, implies that the surface material dominates the flow behavior 



because of its larger proportion; the Ml thickness consists of two sections of the surface 

materiai and one section of the center material. 

Anisotropy during superplastic deformation in a large nurnber of materials has been 

attnbuted to the presence of texture and/or elongated grains [36]. In the Pb-Sn eutectic ailoy, 

anisotropy was eliminated at a strain of -300% due to the break-up of the onginal 

directionality of the microstnicture rather than due to the texture evolution [137]. On the 

other hand, the analysis of anisotropy in a superplastic duplex stainless steel by Song and 

Bate [138] led to the suggestion that the crystallographic texture may be more appropnate to 

explain the anisotropy during superplastic deformation. Although there exists evidence for 

some variation in texture during superplastic deformation of AA8090 Al-Li alloy [14], when 

deformed in the 0' and 90° orientations only, but, no systematic study appears to have been 

conducted to understand the flow anisotropy. However, anisotropy in this alloy has been 

extensively studied at room temperature [20, 95, 96, 108, 109, 1 10, 1 1 1, 1 121. Such 

anisotropy is explained by the variation in Taylor factor (O&, where a, and t,, are the 

yield stress and cntical resolved shear stress, respectively), associated with different texture 

components as a function of orientation (angle to rolling direction) [139]. Song and Bate in 

their study on superplastic duplex stainless steel found some similarities in the anisotropy 

observed at the low and high temperature deformation. Furthemore, as described in this 

investigation in section 4.4, there was texture weakening during superplastic deformation, but 

no change in the type of textures. Therefore, the anisotropy during superplastic deformation 

of AA8OgO Al-Li alloy is analyzed below by utilizing the information available fiom the 

studies performed at room temperature. 
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From the literature, Fig.2.8, the values of qh,, were taken for C y S and Bs texture 

components at the angles of 0,30,45 and 90° to rolling direction. These values were used to 

calculate the average values of o+r, for the present f i 8 0 9 0  Ai-Li dloy sheet according to 

the equation 

where at any given orientation, M is the average value of +,, Mi is the value of qh,, 

for ith type of texture component having volume fiactioo of vi. The mean values of vi for 

different textures in the surface and center materials were taken fiom the respective zones in 

Fig.4.2.6 (c). n ie  values of oy/tcm thus calculated are ploned as a b u t i o n  of onentation 

angle in Fig.5.4. 

-Q- center 
. . O - .  ml 

30 60 

Orientation angle (degree) 

Fig.5.4. Caldated values of q/r- as afunction of orientation. 
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Also included in this figure is the one for the full thickness sample, which is calculated by 

applying the d e  of mimire to the values obtained for the surface and center materials. This 

will be discussed in the next section. Cornparison of this figure with the stress-strain curves 

showing anisotropy, Figs.4.5 -5 and 4.5.6, suggest many similarities - (i) at 0' is less than 

that at 90" in the center materid and so also is the trend for the variation in the flow stress at 

the corresponding orientations; (ii) at 0' is more than that at 90' in the surface material 

and so also is the trend for the variation in flow stress at the corresponding orientations. 

Thus, the anisotropy in flow stress at O and 90" could be attributed to the przsence of texture. 

However, the nature of variation in as a function of orientation angle fails to explain the 

fact that for the center material has lower values in the intermediate orientations (30 and 

45") whereas, in contrast, the magnitude of flow stress in these orientations is seen to be 

between that in the O and 90'. Probably, such a deviation may not be related to dislocation 

activity but may originate fiom the operation of other rnechanisms for superplastic 

deformation. This M e r  supports the suggestion made earlier that superplastic deformation 

in this material takes place by a combination of slip and other mechanisms, such as grain 

boundary sliding. Although Liu and Chakabararti [75] made the similar suggestion, as 

mentioned previously, they assumed another possibility of low angle grain boundary sliding, 

but it is unlikely and difficdt to prove. 

As shown in Figs.4.5.5 and 4.5.6, the stress-strain curves of specimens in different 

orientations tend to merge together for the center material, whereas the difference tends to 

widen in the case of surface material. However, no difference was noticeable in the grain 
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morphology and grain size in specimens of different orientations at E = 1 .O. The variation in 

maximum intensity in PF (1, and IJ in Fig.4.5.9 indicates that the texture weakening in the 

center materials with different orientations is similar and so also are the microstmctures. 

This is suggested to be the reason that the stress-strain curves in different orientations tend to 

merge to a common stress Ievel at large strain. In the surface material, the grain morphology 

and grain size for different orientations are comparable, the texture intensity suggests a 

different degree of weakening, Fig.4.5.9, depending on the orientation angle. Such a 

difference in texture is suggested to be the source of increasing anisotropy in flow stress in 

the surface rnaterial. 

5.4. Composite-like Behavior of the Full Thickness Sheet 

As seen in Figs.4.2.1 and 4.2.6(c), the microstructures in the center and surface layers were 

distinctly different. This variation in microstructure causes a significant difference in the 

flow properties of these two matenals, Fig.4.5.1. When the full thickness sample is subjected 

to deformation, these two materials constituting a microstructuraily composite material, 

deform under isostrain condition. Therefore, the flow stress of the Full thickness sample 

should be related to the properties of the individual material. Since two thirds of the 

thickness (one third in each side) of the sheet belong to the surface matenal and one third 

represents the center material, the flow stress for the composite like full thickness sheet can 

be written by the rule of mixture, as follows: 
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Here, a, represents the calculated flow stress of the full thickness material by using the flow 

stresses of the ceiiter matenal, cr,, and the surface material, us. The values of o, thus 

calculated are plotted as a fûnction of strain for different orientations, dong with the plots of 

oc and <r, in Fig.5.5. Also included for cornparison are the experimentai mess-strain curves 

of the Ml  thickness material. 

As seen in Fig.S.5, there is a reasonably good agreement between the caicuiated and 

experimental stress-strain curves for 0" orientation. However, when the orientation angle is 

changed, the calculated and expenmental stress-strain curves are seen to be comparable only 

during the earlier part of the deformation, whereas, in the later part the calculated stress-strain 

curves are seen to deviate fiom the experimental unes and tend to reach close to that of the 

surface materials. On the other hand, the experimental curves tend to reach towards that of 

the center materials. The agreement between the calculated and the experimental stress-strain 

curves at O0 orientation may be attributed to the similarity in the texture intensities in the 

center and surface materials, Fig.4.5.9. Similarly, the deviation at other orientations could be 

due to the difference in the texture intensities between the two different materials. 

Furthemore, the following other two possibilities are suggested to explain the difference 

between the experimental and calculated stress-strain curves. First, the nature of variation in 

microstnictural evolution in the center and surface layers continuously changes with progress 

in deformation, in which case the nile of mixture based on the initial microstructures may not 

be applicable. Second, in the case of composite microstnictures, the defomation of the 

surface material c m  be constrained by the defomation of the center material. 
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Fig.5.5. Compmison of composite-likejlow behuvior with the mle of mixture, in each of the 
figures the m e  being of the highest stress level represents the center material, the one 
k i n g  of lowest stress represents the surface material, the intermediate represents the full 
thickness sheet, and the one with dots represents that calnrlated by the nile of maure.  



Probably, this is the reason that the nature of variation in texture is different for the same 

sections of the sheet material when measurements are conducted on specimens fiom (a) the 

surface or the center material individually (Fig.4.5.4), and (b) the surface or center layen in 

the full thickness sheet (Fig.4.4.12). it may be noted that the distributions of precipitates in 

both the center and surface layen were not different, and hence there will be no effect of this 

on the difference in the texture evolution of the two materials. 

The mechanisms for superplastic deformation in the surface material may have some 

sirnilarity as those discussed in the literature for the materials with fine equiaxed grains. 

However, the mechanisms for superplastic deformation of the center material could be 

different due to the presence of pancake shaped grains as well as texture. From the texturd 

analysis in such microstructures, Bowen [20] suggested that grain boundary sliding and grain 

rotation can stiII be the dominant deformation mechanisms, but it will be feasible only in the 

plane of the sheet. Contrary to this, the microstructural examination in the present work, 

Fig.4.4.8, clearly revealed a change in grain shape fiom pancake to equiaxed during 

superplastic deformation. Therefore, the mechanism in the center material, at least, in the 

early part of deformation, should involve significant participation of dislocation activity, as 

suggested by the texhiml evolution in the present study. It may be noted that the nature of 

variation in flow stress for the full thickness samples (e.g. Fig.5.5) was comparable with the 

variation in Taylor factors (Fig.5.4) obtained fiom the d e  of mixture. However, according 

to the Taylor factors, calculated as an average of different texture components (Fig.5.4), the 

flow stress for the surface materiai should be higher than that of the center material. But, as 
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seen in Fig.5.5, the flow stress for the center material is higher than that for the surface 

material. This suggests that the role of dislocations during superplastic deformation may be 

more complex than in conventional plastic deformation. However, it is not clear at this stage 

as to how to incorporate the slip mechanism in superplastic deformation, as was dso pointed 

out by Bate and his coworker [24]. 

5.5 Constitutive Relationship for Superplastic Deformation 

Since the stress-strain curves at various conditions of testing exhibit strain hardening 

(Figs.4.3.1 and 4.3.3), the determination of exact value of the various parameters for the 

constitutive relationship, which is m e n t  for steady state conditions. is not possible. 

However, if it is assurned that the variation in flow stress with strain can be accounted for by 

the concurrent microstructural evolution, then appropnate corrections can be attempted to 

denve the parameters of the constitutive relationship for steady state. In the present study, 

the flow stress, at relatively higher temperatures and lower strain rates, tended to approach a 

steady state at strain levels of - 0.75. By considering this pseudo-steady state, the values of 

strain rate sensitivity index, m, and activation energy, Q, provide a reasonable guide for 

understanding the mechanism for superplastic deformation. 

The value of m - 0.5 (n - 2) obtained in this study are comparable with that reported for this 

material by other investigators [12,23]. This is also in agreement with the predictions of 

various theories (Table 2.1) proposed for explainhg superplasticity. The average value of Q, 
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- 84 kJ/mol obtained in this study is also comparable with the activation energy of grain 

boundary diffision 84 kJ/mol and also with that for dislocation pipe diffusion [140]. This 

value of Qt is different From the value of 141 kJ/mol reported by Pu et al [26] for the high 

temperature superplasticity. But, it is close to the value of 92 kl/mol reported [26] for the 

low temperature superplasticity. According to the present value of activation energy (84 

k.Vmol), the mechanism for superplastic deformation of this matenal can be suggested to 

involve grain boundary sliding and dislocation slip as well. Since the previous discussion 

about evolution of texture during superplastic deformation gives strong evidence of 

dislocation slip, the mechanism is suggested to be as follows. 

The deformation in the center material containing pancake grains may involve the dominance 

of intragranular slip, with limited grain boundary sliding. The deformation of the surface 

material is likely to be dominated by grain boundary sliding as a result of equiaxed grains 

present there. 

Since in the present work no stress-strain rate data were obtained as a fùnction of grain size, 

the exponent of inverse grain size (p) could not be determined. However, with the 

assurnption that the increasing flow stress with strain is purely due to increase in grain size 

(d), an attempt to correlate the change in flow stress with the concurrent change in grain size 

can give some estimation of p. Accordingly, p was calcuiated by using the relationship 

where the values of cr (Fig.4.3.1) and d (Fig.4.4.2) correspond to the same strain level. The 



Dhcussion 

values of p calculated at 530,550 and 570°C at a constant strain rate I x 1 oJ/s, were found to 

be 1.5, 

As sho 

1.3 and 2.4, respectively, with an average of 1.7. 

~wn in Fig.5.1, grain growth alone could not adeqi r explain the variation in flow 

stress with strain, but it is likely that additionai strengthening resulted by dislocation activity 

resulting in texture modification. In view of this, the experimental constitutive relationship 

for superplastic deformation of AA8O9O AI-Li alloy should incorporate not oniy the effect of 

grain size but texture as well. In this direction, a systematic and thorough study needs to be 

conducted. However, an attempt will be made to do preliminary analysis based on the results 

obtained in this study. 

In spite of superplasticity shown by this material, flow stress is sensitive to not only the strain 

rate but also the strain. Equation 2.2 incorporates the effects of both strain and strain rate on 

flow stress, whereas equation 2.5 incorporates only the effect of strain rate, because under 

steady-state condition flow stress is independent of strain. By knowing the variations in flow 

stress and microstructural parameters, like grain size and texture, with strain, a relationship 

between stress and microstructures codd be established. This enables to substitute the 

relationship between stress and strain in terms of microstnictures, which can be directly 

employed in equation 2.5. By combining equations 2.2,2.5 and 5.3 the tentative relationship 

for superplastic deformation of this materiai could be modified as: 

At a constant temperature, this equation can be rewritten as  
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where, the proportionality constant K, depends on test temperature, other structural 

parameters and the mechanism for deformation. Here, the value of K, was estimated to be 

0.0016 by using expenmental values of It, o and d at the test condition of 530°C and the 

2 1.7 strain rate of IX~O-~/S ,  which are summarized in Fig.5.6. In Fig.5.7, the plot of &(o /d ) vs. 

l/I,ds6' gives a straight line whose slope represents the value of strain rate, and is found to be 

equal to 10;'/s which is the same value at which the tests were conducted. That is there is 

some validity to the proposed constitutive relationship. However, a much more thorough 

analysis including different ternperatures, strain rates and grain sizes need to be undertaken to 

fully validate it. 



0.3 0.6 0.9 

True strain 

Fig.5.6. Summary of three parneters  used in equation 5.12b. the intensity of the 

texture obtained by the rule of mixture, the average grain size and thejIow stress, as 

a finct ion of strain at deformation condition of 530 97 and a strain rate of l x  I p3/s. 
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Fig. S. 7. The relatio nship betw een K, (c?/d1- 7 )  and I/I? (K. = 0.00 1 6) 



Conclusions 

CHAPTER 6 

CONCLUSIONS 

The investigation on superplastic flow behavior of and concurrent microstructural evolution 

in M8090 AL-Li alloy sheet, containing nearly equiaxed grains with copper-type texture in 

the surface section and pancake grains with brass-type texture in the center section, leads to 

the following conclusions. 

1. Static annealing in the temperature range of 530 - 570°C did not affect the grain shape and 

texture but cause grain growth, indicating an absence of discontinuous recrystallization. This 

was the consequence of the presence of fme B' (AbZr) precipitates in the alloy. 

2. The stress-strain curves obtained at strain rates ranging fiorn 1 xlomS to 1x1 o-~/s, and 

temperatures ranging firom 25 to 570°C, exhibited strain hardening to vaiying levels during 

the early part of deformation. The variation in strain hardening exponents with increasing 

temperatures exhibited four distinct regimes, which cm be explained by the dominance of 

dislocation slip, grain growth, dissolution of precipitates and rapid grain growth for regimes 1 

to IV, respectively. 

3. The maximum ductility of 700% was obtained under temperature and strain rate 

conditions of 500°C and I x 1 O%, respectively. The nature of variation in ductility as a 

function of temperature was seen to follow the same îxnd as exhibited by the variation in 

strain rate sensitivity index m. 
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4. The instability parameter 0, calcdated fiom strain rate sensitivity index and strain 

hardening rate and which relates to the unifomllty of deformation. was sensitive to 

temperature and strain levels. While, I decreased with increasing temperature below 450°C, 

the sarne approached a plateau (WdT = O) at temperatures around 500-530°C. This is 

suggested to be one of the reasons for the maximum ductility obtained under this condition. 

5. During superplastic deformation, the initial pancake grains in the center region changed 

towards equiaxed ones. Also, there occurred grain growth and texture weakening in both the 

center and surface sections. Such microstructural evoiution accounted for the observed strain 

hardening. 

6. Texture weakening occurred with increasing strain during superplastic defonnation, and 

the magnitude of weakening within superplastic region was independent of strain rate and 

temperature. However, under non-superplastic condition of either strain rate or temperature 

the texture weakening was found to be much Iess in the surface region and almost absent in 

the center region. 

7. The flow behavior of the M l  thickness sample could be reasonably explained by the flow 

properties of the separated center and surface materials according to d e  of mixture. 

However, the concomitant texture evolution during superplastic deformation, depending on 

orientation, led to some difference in the experimental and expected flow stresses. 
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8. The stress-strain curves for various orientations were found to exhibit anisotropy in flow 

behavior, and the anisotropy was observed to be more prominent in the separated center and 

surface materials . Whereas the specimen oriented at 90° showed the highest flow stress and 

that oriented at O" showed the lowest in the center material, the trend was reversed for the 

surface material. The difference in behavior of these two materials fiom the fidl thickness 

sheet can be attributed to the difference in their texturd constituents. 

9. The values of strain rate sensitivity index (m = 0.5) and activation energy for superplastic 

deformation (Qr = 84 kJ/mol) support the predictions of several theones for superplasticity. 

However, the observed experimental dependence of flow stress and texture evolution led to a 

modified constitutive relationship. 

10. Based on the grain structure and texture evolution during superplastic deformation, and 

their correlation with flow behavior, it is suggested that the mechanism for superplastic 

deformation in the early stage involves independent dislocation slip and grain boundary 

sliding. In the full thickness sheet, dislocation slip was dominant in the center section 

whereas grain boundary sliding was more favorable in the surface section. 
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CHAPTER. 7 
FUTURE WORK 

The mechanisrn deduced fiom this investigation emphasizes the occurrence of dislocation 

slip during superplastic deformation in addition to grain boundary sliding, which results in 

texture weakening. This dislocation activity is in addition to which occun to accommodate 

the grain boundary sliding. This suggestion is reflected in the modified constitutive 

relationship by the inclusion of a texture parameter in it. However, fiom the present study 

only a Iimited amount of data was available to validate this constitutive relationship. 

Therefore, M e r  research is needed to generate more data. The M e r  tests planned are to: 

1. Generate texture data as a function of strain for center and surface materials at the 

optimum superplastic condition; 

2. Generate m, p, and Q values by changing grain size in the superplastic deformation range 

(temperature and strain rate); 

3. Generate one set of data outside of superplastic range, either by reducing the test 

temperature or by increasing the strain rate. 

The results of these test would be used to evaluate the validity of the constitutive equation 

proposed in this study. 



APPENDIX 

TEXTURE 

A. 1. Introduction 

The property of a polycrysralline aggregate is detemined by its microstructure. The 

microsûucture of a polycrystalline material includes several items, like grain structure, 

second phase, interfacial feanires and dislocation structure. An additional component of the 

microstructure is the distribution of cry stallograp hic orientation of individual grains. The 

crystallographic orientation of a grain may be different fiom those of others. Al1 the grains 

may be oriented randomly, or rnay tend to cluster toward certain extent. When the 

orientations of the grains are non-random, the material is said to have a preferred orientation 

or texture. Texture of a polycrystalline matenal is a main source for anisotropy. At the same 

One, texture itself gives the information about the properties of the matenai and the 

processes responsible for its formation. From the point of view of dislocations, texture 

records the deformation history since a particular orientation state is the results of 

accumulated dislocation activity. Therefore, texture investigation has been considered to be a 

naturai extension of metallography 1141, 1421. Next, it is attempted to give a bnef 

description about texture ternis based on two reviews written by Bunge [143] and Mecking 

[1441- 

A.2. Texture Measurement 

Difiction of a polycrystalline material, by X-ray, neutron or electron, produces continuous 

Debye rings, if the grains in it are randomly oriented and they are of certain size. For a 



material with preferred orientation, the distribution of orientation is no longer uniform. By 

analyhg the non-uniformity of the ciihction intensity, the preferred orientation in the 

material can be determined. X-ray dZhction is the traditiondy and the rnost commody 

used method to measure orientation distribution in a materiai. Recently, orientation irnaging 

microscopy (OIM) has been developed. As has been descnbed previously in section 3.5, it 

becomes a powerful tool in microstructural study of materiais, especiaily for microtexture 

meanirement 1121, 122, 123, 1241. 

A.3. Presentation of Texture 

a. Pole figures 

A pole figure is a sterographic projection which shows variation in density of the poles at a 

given set of crystal planes in a material relative to the extemal reference directions. In case 

of rolled sheets, the projection plane is made paralle1 to the sheet surface or parallel to the 

sheet nomial direction (ND), and the rolling direction (RD) and the transverse direction (TD) 

lie on this plane, which is shown in Fig.Al . 

Fig.AI. Definition of o r i e n t a t h  in a rolled sheet matetial. 



Fig.A2(a) and @) show (1 11) pole figures o f  two f C.C. rolled sheet materials [143], copper 

and brass, respectively. They reveal that the poles are not randody distributed, and most of 

the grains have orientations represented by the regions king of high (1 1 1) pole density. 

(ai 

Fig. A2. (1 I I) pole figures for Cu and brus af i r  rolling at room temperature in (a) 

and fi) respectively. The symbols give the positions of the ( I I ! )  poles of the main 

components, 0:{112)<111>, 8{123)<634>, +(II 0)<1 12>, x {110)<100> [113]. 

Texture is often described by ideal orientation which is the orientation of a grain whose poles 

would lie in the high density region in the pole figure. For example, in case of cold rolled 

brass, if a single crystal with (1 10) parailel to the rolling plane is considered and the [lT 21 is 

paralle1 to the roUing direction, the (1 1 1) poles of this crystal would lie approximately in the 

high densiq regions in the (1 1 1)  pole figure as shown in Fig.AZ@) by the symbol +. 

Therefore, bms is said to have the (1 10) fl T 21 texhire. Ideal orientations or texture 

components, which are often found in Al alloys, are Liçted in Table Al [145]. 



Table Al. Miller indices and Euler angles of most important orientations 

of Al and Al alloys after rolling and afier recrystallization (approximate) 

Euler angles 
Orientation Miller indices Type of texture 

name (hkl) <uvw> Ti Q, 0 2  component 

C (1 1214 11> 90 30 45 Rolling 

S { 1 2 3 1 ~ 6 3 4 ~  59 34 65 Rolling 

B (01 1}<211> 35 45 0/90 Rolling 

Goss (1 lO)<lOO> O 45 0190 Rolling/rec~stallization 
Cube (001)<100> O O 0/90 Recry stallization 

Cubem (013)<100> O 22 0/90 Recrystallization 

Cube,, (001}<3 10> 22 O 0/90 Recry stallization 

R {124}<211> 53 36 60 Recry stailization 

P (O1 1)<122> 65 45 0190 Recry stail ization 

Q {013)S31> 45 15 10 Recrystallization 

b. Orientation Distribution Function (ODF) 

Sometimes, it is dificult to b h g  out the details of orientation distribution in a material when 

texture is presented as pole figures. However, with the development of improved data 

analysis by using cornputers, detail information of onentation distribution c m  be obtained 

fiom the calculated orientation distribution function. An orientation distribution fiinction is 

defined as the volume fraction of grains in a material that have a given onentation. The data 

are then presented as a three dimensional orientation distribution function. Therefore, more 

details of orientation features in a material c m  be given. 

The orientation between a gmin in a polycrystalline material and the extemal directions is 

descnbed by the orientation of the crystal coordinate system with respect to the sample 



coordinate system. In order to £hd such orientation, the crystal coordinate systern is brought 

to coincidence with the sample coordinate system, and then the crystai coordinate system is 

rotated in a certain sequence to bring back to the orientation of the crystallite. The angles, 

through which the crystal coordinate system is rotated, define the orientation of the crystallite 

in the sample. These angles are h o w n  as Euler angles. The sequence of rotations and the 

angular ranges are such that al1 possible orientations are covered [144]. Fig.A3 shows the 

dennition of Euler angles (9 0, VJ, in which KA is the sample coordinate system and KB is 

the crystai coordinate system. 

ia) 

2 

X X 

(cl 

Fig. A3. Deflnirion ofthe Euler angles [144]. 



These values of Euler angles are plotted in a Cartesian coordinate sysiem which is called 

orientation space or Euler space. The orientation is usually obtained as a discrete distribution 

of points and is presented as equilevel contour lines in two dimensional sections containing 

q,, and 0 as variables with constant cpz. Sections with 5 degree increment of 9, are often 

presented Fig.A4 shows the stacked sections of ODF of a rolled Al alloy [146]. Fig.A5 

shows a three dimensional picture of the same ODF [146], in which the distribution of 

orientation looks iike a tube. This kind of orientation distribution is usually described by a 

term of orientation tube, and maximum density Line in the tube is called skeleton line. 

Fig.AS describes the cornmon orientation feature of a roiied f.c.c. material. The a-fiber and 

P-fiber are usudly used to describe the characteristics of the skeleton lines, and their changes 

with various variables. 
9 

Fig.A4. Orientation distribution function of Al rolling texture in sections of Euler 

space [I 461. 



Fig.A5. Tubulm distribution of orientation of Al rolling texture in the three 

dimensional Euler space, the orientation is same as Fig.4A [146J 

Each point in Euler space cm be associated the three Euler angles with a specific (hkl)[uvw] 

value. The figure showing the @kl)[uvw] values in the Euler space for a given crystal system 

is know as the orientation chart. Orientation charts for cubic symmetry at constant <PZ 

sections of Euler space are shown in Fig.A6 where only the important iow integer values of 

the indices are show [20]. By comparing the orientation charts with the sections of Euler 

space, one can identiQ the ideal orientations. 

A4. Rolling and Recrystakation Textures in f.c.c Materials 

In f.c.c. rolled sheet materials, there are mainly two types of texture, copper type and brass 

type. The positions of the 4 1 1>, 4 10> and 400> poles of the main texture components in 

roiled f.c.c. materials are shown in Fig.A7 [143]. Details of distribution of orientations in 

these materials can be obtained fom theix ODFs. 



In most of f.c.c. metals like Al and Cu, the dominant amealing texture is Cube (100)<00 1>. 

Usually, this texture appearj a mixture with a nurnber of other texture components, such as 

random orientation and parts of the r o h g  textures. However, the exact annealhg texture 

depends upon the solute content of the d o y  and the processing parameters such as anneaiing 

temperature, time, initial grain size and rolling reduction. The texture components that 

usually found in Al and Al alloys are shown in Table Al by both Miller indices and Euler 

angles. 

FigA6. Orientation chms of pz = O and 45 Osecriom through Euler space showing 

positions of various ideal orientations [20]. 



Fig.A 7. Schematic illustration ofpole figures of the positionî of the c 11 1 >. < 110> 

and < 100> poles of the main components of the r o l h g  texture in f cc. materials 
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