Effect of Composition and Microstructure on the
Oxidation and Corrosion Performance of Ni-
Based Superalloys

MALLIKARJUNA HEGGADADEVANAPURA THAMMAIAH

A thesis submitted to
the Faculty of Graduate Studies

in partial fulfillment of the requirements for the degree of

Doctor of Philosophy

Department of Mechanical Engineering
The University of Manitoba
Winnipeg, Manitoba, Canada
September 2019

© Mallikarjuna Heggadadevanapura Thammaiah, 2019




Acknowledgements

| would like to acknowledge the people who have assisted me throughout my Ph.D. studies at the

University of Manitoba and without whom this work would not have been possible.

At first, | would like to express all my earnest acknowledgements to my academic supervisors, Dr.
William Caley and Dr. Norman Richards. For all the valuable guidance, timely suggestions,
scientific discussions and support during the entire project. It is my honour and privilege to conduct
my Ph.D. research with such wise and philosophical friends. Their patience and encouragement
during my hard times are gratefully acknowledged.

| would also like to thank my other committee members Dr. Olanrewaju Akanbi Ojo and Dr. Derek
Oliver for the several helpful inputs and encouragement at various stages of this research.

Many people from the staff at the University of Manitoba contributed to this work, by technical
advice and sharing their experience:

Dr. Khan for his help with transmission electron microscopy (TEM) analysis and Dr. Sidhu for
sharing her knowledge on scanning electron microscopy (SEM) in Manitoba Institute for Materials
(MIM). Sincere appreciation is extended to Mike Boskwick and Trevor Smith for their technical
assistance. | acknowledge the financial support provided by the University of Manitoba and
NSERC in the form of graduate fellowship and scholarship.

I would like to acknowledge Dr. James Smialek (NASA-GRC) for facilitating access to the COSP
computer program. Also, the authors would like to thank Matthew Harding, Dalhousie University
for XRD support.

Finally, I would like to dedicate this work to my parents and brother for their remote everlasting
love and understanding throughout my academic Long March. Special thanks go to my beloved

wife, Priyadarshini, for giving me endless support and countless strength.




Abstract

The present study reports the findings of the oxidation behaviour of three Ni-based superalloys
IN738LC, Rene 80 and N5. The study was performed using a discontinuous thermogravimetric
method, which permits mass changes to be measured under cyclic conditions. Oxidation behaviour
was described by sample weight and thickness change, spallation, optical microscope, X-ray
diffraction and electron microscope analysis. The cyclic oxidation resistance of single crystal alloy
N5 was found to be better than that of polycrystalline IN738LC and directionally solidified Rene
80. The projected lifetime of alloys was determined by COSP-Monte Carlo model and the results
revealed that the N5 oxidation rate is two orders magnitude lower than that of IN738LC and Rene
80. The chromia scale that formed on both IN738LC and Rene 80 was found to be less protective
than the alumina scale that formed on N5. Additionally, the presence of higher amounts of Ti in

both the alloys increased the growth rate of the chromia scale followed by scale spallation.

Conversely, the N5 exhibited slow growth rate and less spallation. Although both IN738LC
and Rene 80 showed scale spallation, the rate of scale spallation was more severe in Rene 80 after
600 cycles due to the combined effects of high Ti and formation of volatile Mo-rich oxides. The
scale spallation in N5 was due to two main reasons, first, void formation because of less adherent
Ta>0s and second, the formation of Ta-Hf-oxy carbides, which generate a high shear strain at the
matrix oxide and oxy-carbide interface. However, the scale spallation was minimal compared to

the other two alloys.

A typical industrial heat-treatment often leads to the formation of multiple size ranges of
y' precipitates during the continuous cooling process. The morphology, distribution and

composition of these y’ precipitates influence the mechanical properties of superalloys. In this part




of the research, IN738LC was cooled at different cooling rates to study the morphology and
composition of the y' precipitates. The results showed that the smaller precipitates obtained by a
rapid water quench were spherical, whereas, slower cooled specimens exhibited larger cuboidal
shape y' precipitates. The Al content was higher in y' precipitates formed from the water quench,

whereas the Al was found to decrease in the larger precipitates.

To assess the effect of y' intermetallic size on the oxidation resistance of IN738LC, coupons
(four sizes y'; monomodal distribution) were subjected to isothermal and cyclic oxidation between
750-950°C for 150 h/cycles. Parabolic oxidation was found in all cases; based on rate constants,
samples with the largest starting y' were the most oxidation-resistant. Activation energies
calculated from precipitate free zone (PFZ) thickness measurements were higher for samples with
larger y' (324 kJ/mole vs 279 kJ/mole). Decreasing the y' precipitate size increases the oxidation
rate of IN738LC. Sub-surface y' precipitate dissolution was found to be y' precipitate-size
dependent. The interdiffusion coefficient for Al across the PFZ was found to decrease with

increasing y' size.

The influence of y' size and composition on the corrosion behaviour of IN738LC superalloy
was also investigated while maintaining a monomodal microstructure. Experimental results
showed a negative influence on the corrosion resistance of IN738LC with increasing rate of
cooling, which is attributable to an increase in volume fraction and Al content of the y' precipitates.
Corrosion current density was found to be higher for a specimen with smaller y' precipitates
compared to specimens with larger precipitates. These results serve to further support the concept
that oxidation resistance is indeed dependant on y' intermetallic size whereby smaller precipitates

exhibit a higher oxidation rate.
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Chapter 1 Introduction

Aerospace gas turbine engine components are continuously exposed to aggressive environments
at elevated temperatures and therefore the choice of the materials used in the engines is of prime
interest in the field of materials science to increase stability under these conditions [1]-[3]. These
components become oxidized when they are exposed to high-temperature exhaust gasses
(temperature range from 650°C to 1100°C) and at a low partial pressure [4], P,,. Hence, the
oxidation and/or corrosion resistance at high-temperature plays an important role in the material

selection.

Thermal barrier coatings (TBC) have been used as a barrier to reduce the possible
occurrence of bare material oxidation at elevated temperatures above 800°C [5]. Recently, studies
on TBC-coated materials have revealed the interfacial delamination of a TBC layer from the
substrate, resulting in severe bare material oxidation [6]. Two main reasons for TBC delamination
are, first, significant interdiffusion of elements between the bond coat and substrate and second,
the presence of residual stresses due to thermally grown oxide (TGO) formation [5]. In such cases,
the oxidation resistance of the substrate material is very important. The Ni-based superalloys are
one of a family of materials that is suited for this type of condition due to high temperature

microstructural stability [7]-[10].

Over the past 60 years, there have been significant developments in Ni-based superalloys
to increase their strength and resistance to oxidation [1], [2]. Ni-based superalloys are designed in
such a way that they readily oxidize when exposed to an isothermal oxidizing environment to form
a protective oxide layer(s) on the surface [3], [11], [12]. The alloy degradation resistance depends

upon the sustainability of the oxide layer at high temperatures. The oxide scale should be




thermodynamically stable, dense and continuous, adherent and should exhibit slow growth rate.
These alloys depend mainly on alloying elements such as Al, Ta and Ti along with Cr to increase

the service life during oxidation by forming thermodynamically stable oxides [3], [13].

This protective oxide scale has a limited period of oxidation resistance and eventually, it
will spall off [14]; thermal cyclic conditions will accelerate this scale spallation process. In
addition to growth stresses, thermal cycling induces thermal stresses due to oxide scale having a
lower coefficient of thermal expansion (CTE) than that of the alloy [3], [15]. Thus, the oxide scale
breakdown is a combination of the thermal stresses during thermal cyclic conditions and poor
adherence of the oxide scale. Therefore, the alloy should ideally possess an ability to rejuvenate a
protective layer even after spallation.

Unfortunately, many of the previous studies that focused on the isothermal and cyclic
oxidation of Ni-based superalloys have not completely addressed the effect of alloying elements
and microstructure. Hence, there is a need to carry out a detailed study on high-temperature
oxidation behaviour of these alloys.

Additionally, a typical industrial heat-treatment for superalloys often leads to the formation
of multiple size ranges of y' precipitates during continuous cooling from solutionizing temperature.
The morphology, distribution and composition of these y' precipitates influence the mechanical
properties of the materials; therefore, a study of the thermodynamic and kinetic factors affecting
the evolution of these precipitates is vital for the fundamental understanding of the underlying
phase transformations that occur.

Apart from high-temperature mechanical properties, corrosion behaviour near ambient
temperature is another important property that can affect the service life and durability of aerospace

engine parts during downtime. High aluminum containing alloys are more susceptible to pitting




corrosion due to the intermetallics formed during material processing [16], [17]. The corrosion
rate of a high Al containing alloy depends on composition and morphology [18]. It should be noted
that most of the reported works on y' precipitation have focused on bimodal precipitation during
various cooling rates, whereas little work has been done to understand the monomodal
precipitation and their corrosion and oxidation properties under continuous cooling rates. One of
the major problems during oxidation is the dissolution of the y' phase in the subsurface zone of the
alloy, which eventually decreases the creep strength [19]-[21]. Generally, high oxidation-resistant
superalloys may be placed in a phase dissolution category [22]-[24]. The high-temperature
oxidation of these alloys involves external Cr.Os scale formation with a branched Al>Os internal
subscale [25], [26]. When the Al concentration in the subsurface matrix reaches a minimum, the
v' - NizAl phase acts as an Al reservoir for further growth of Al,Oz scales and thus some of the
v' - NizAl intermetallics are solutionized [27].

Previous studies on the formation and size of y' precipitates at different cooling rates
reported that the precipitates that formed during rapid quench were small with high Al
concentration relative to the larger precipitates that were formed during slow cooling [28]-[31].
The compositional changes in y and y' phases of Ni-based superalloys have also been investigated
by some researchers on an atomic scale using an atom probe [32]-[34]. According to Chen et al.
[32], the y' composition is dependent on the precipitate-size in RR1000 alloy and the Al content of
secondary y' precipitates was found to be greater than that of primary y' precipitates in a bimodal
precipitate size distribution (PSD). However, in the same work, it was also reported that the

monomodal precipitates formed by rapid quenching did not reveal any compositional difference.

Studies by Edmond et al. [35], [36] on oxidation of Ni-based superalloys revealed that the

formation of a precipitate free zone (PFZ) is due to the preferential oxidation of y' particles at a




low partial pressure of oxygen. The authors also stated that the oxygen diffusion path was always
through the y channels [35], [36], as the dissociation partial pressure of oxygen required to oxidize
the matrix (2.5 x 10°) is much higher compared to the precipitates (8.1 x 10°%). In contrast, Ding
et al. [37] stated that the oxygen diffusion path is more inclined to the y'/y interface compared to
that of y channels. However, the rate of phase transition (y' to y) in the subscale region considering

the precipitate sizes during oxidation has not specifically been addressed in the literature.

The present study had multiple objectives. The first goal was to study the cyclic oxidation
behavior of three Ni-based superalloys, namely, IN738LC, Rene 80 and N5. The alloys differ from
each other in both composition and microstructure. The purpose of this study was to critically
examine the effects of microstructure and alloying elements such as, Ti, Ta, Al, Cr and Mo on the
oxidation resistance and scale spallation behaviour of the three alloys under cyclic conditions. The
second goal was to study the monomodal y’ precipitation and their morphological evolution during
different cooling rate conditions. This work was extended to observe the size-dependent
composition variation from different cooling rates and their effect on corrosion behaviour while
maintaining the monomodal PSD. The third goal was to investigate the influence of precipitate

size on the oxidation behaviour and the PFZ thickness of IN738LC.

To understand the effect of precipitate size on oxidation mechanism in detail, the results of
the third objective were compared with the standard aged alloy (bi-modal y' PSD) oxidation test
results. This study has a significant value for turbine blades, where the high-temperature
mechanical properties of the thin aerofoils depend on the y' precipitates. Specifically, for the
material to excel in high-temperature conditions, it should possess a high volume fraction of y'

precipitates, which are coherently-embedded within the y matrix [38], [39]. Hence, the




optimisation of the precipitate size and volume fraction is essential and involves careful control of

cooling rates.

The unique contribution of the research is the development of a direct relationship between
the oxidation resistance and y' intermetallic size to enable optimization of superalloy resistance by

means of microstructure modification.




Chapter 2 Literature Review

2.1. Physical metallurgy of Ni-based superalloys

The most widely used among the families of superalloys are Ni-based. This is a unique class of
alloys, which exhibits excellent high-temperature mechanical properties such as resistance to
thermal creep deformation, resistance to fatigue, good surface stability/dimensionality as well as

corrosion/oxidation resistance [1].

The chemical composition of these alloys establishes the phases present. Hence, the desired
structure and properties for specific applications can be achieved through proper selection of
chemical composition [9], [40]. The properties that can be controlled include mechanical strength,
density, thermal expansion, thermal conductivity and surface stability [9]. The critical properties
required in gas turbine engines include low density, low thermal expansion, high thermal
conductivity as well as high and reliable tensile, creep, rupture and thermo-mechanical fatigue
resistance [9], [41]. Other properties include the ability to withstand aggressive operating
atmospheres in terms of oxidation and corrosion resistance.

Over 40-50% of an aircraft engine weight is comprised of Ni-based superalloys [42]. There
has been a significant increase in the turbine inlet gas temperature of gas turbines from 700°C to
about 1100°C with the development of modern single crystal Ni-based superalloys. This
temperature increase has led to an increase in the efficiency of the turbine engines [43].

The phases present in Ni-base superalloys are [9], [12]:
e Gamma matrix (y): An FCC Ni-based continuous phase with solid solution strengthening

alloying elements.




e Gamma Prime (v'): These are ordered FCC precipitates, which have a structure based on

Nis(Al,Ti). The v' precipitates are usually coherent with the y phase.

e Carbides: Carbides are formed when carbon combines with reactive and refractory
elements such as Hf, Ti and Ta to form MC carbides. These later decompose to form

secondary carbides such as M23Cs and MeC, during heat treatment and service.

2.2. Strengthening mechanism of Ni-based superalloys

The two major phases that determine the properties of Ni-based superalloys are the y matrix and

the y' precipitates.

2.2.1. Gamma phase (y)

Solid solution strengthening of the y-matrix can primarily be achieved by additions of elements
such as Al, Ta, Co, Fe, Ti, Mo and W [9]. These elements are added to the Ni matrix (y) without
phase instability due to the presence of an incompletely filled third electron shell of Ni atoms [9].
Alloying additions can also be used to control the lattice parameter of the y matrix, thus providing
the lattice mismatch between y and v', as well as improving the hot corrosion and oxidation
resistance [1], [9].

The solid solution strengthening elements differ from the atomic diameter of Ni by 1-13%
and in terms of electron hole number by 1-17%. Thus, the solid solution strengthening effect can
be related to local lattice distortion as a result of atomic diameter oversize [9]. Fleischer [44]
proposed that strengthening of the y matrix can result from a local increase in elastic modulus of
the lattice due to alloying. This is a result of extra work required to force a dislocation through

regions of higher strength than the surrounding matrix. Internal strains generated by inserting




solute atoms in an elastic matrix as well as the difference in elastic modulus can be responsible for
solid solution strengthening of the matrix [44].

Alloying element additions can also increase the strength of the y matrix by lowering the
stacking-fault energy, which makes cross-slip more difficult. High temperature, slow-diffusing
elements such as W and Mo are rated as the most potent solid solution strengtheners, while Fe, Ti,
Co and V are weak solid-solution strengtheners [9]. Aluminium is rated as a potent solid-solution
strengthener but also a good precipitation strengthener for NizAl [45], [46].

Surface stability of Ni-based superalloys can also be achieved through alloying additions to
the y-matrix, especially with addition of Cr and Al. Chromium additions in particular improve the
hot corrosion of turbine components [43]. Addition of aluminium provides higher temperature
oxidation resistance than Cr due to formation of a protective, slow-growing and continuous o-

Al>O3 scale [47].

2.2.2. Gamma prime phase (y")

Gamma prime (y") is a very important intermetallic phase in the form of AsB, which is a secondary
strengthening phase in Ni-based superalloys [9]. In the ordered, cuboidal FCC AsB intermetallic
compounds, the relatively electronegative element Ni occupies the 'A' sites and more
electropositive elements such as Al and Ti occupy the 'B' sites [9].

A high Ni content in the matrix favours the formation of y' precipitates, which requires a small
change in size as a result of a Ni atom being incompressible due to its 3d electron state [9].
Homogeneous nucleation of precipitates with low interfacial energy and excellent long-term
stability is possible due to the compatibility of the y' FCC crystal structure and lattice constant with

the y matrix [48]. The ordering temperature of NizAl (y") depends strongly upon the degree of




stoichiometry and concentrations of impurities, and is approximately equivalent to its melting
temperature of about 1375°C [12]. The high temperature mechanical properties of Ni-based
superalloys are limited to about 1100°C-1150°C due to the melting temperature of Ni matrix and
v' phases [9].

Alloying additions can be used to strengthen the y’ phase, prevent excessive coarsening
and alter its lattice parameters [43], [49], [50]. Slow diffusing alloying elements, such as, Co, Nb
or Mo retard the coarsening rate of the y' phase. Thus, a fine y' phase structure is maintained, even
after prolonged exposure at higher temperatures. The strength of the alloy and its creep properties
can also be altered by changing the lattice parameters of the precipitates, which affects the lattice

strains induced by precipitation [9].

2.3. The relationship between y and v'

The creep properties and strength of the alloy at high temperatures come from the lower lattice
misfit between the y and y' phases, while the strength at a lower temperature is due to the high
lattice misfit. Further, the y/y' interface remains coherent and the interfacial energy remains low,

provided that the lattice misfit between the y and y' phases is not too large [12].

The high-temperature properties of the superalloys are found to depend on the coherent
interface between the y and y' [48]. This is due to the magnitude and sign of the lattice misfit
between y and y', which results in the formation of high coherency stresses [51]-[53]. Also, a
positive lattice misfit indicates that the lattice parameter of the y' (a,) is larger than that of the

matrix (ay), and vice versa [48].

The coherency between the y and y' phases is determined by a number of facts such as

atomic arrangement, lattice parameters and orientation of the two phases [52]. In order to form




coherent interfaces, the two phases must have similar crystal structures and lattice parameters.
However, coarsening of the y' precipitates leads to both loss of coherency and increases lattice
misfit [1]. Generally, the finer precipitates are found to exhibit a uniformly dispersed network of
coherent interfaces to reduce the interfacial energies [9], [54]. In addition, smaller particles can
remain strained-coherent, whereas larger particles, even with the same structure, become semi-

coherent.

2.4. Precipitation mechanism

The y' precipitate formation is a mechanism which involves solute diffusion; it falls under a
diffusional transformation category [55]. The precipitation generally follows either a classical
nucleation event followed by a growth mechanism or by spinodal decomposition. First, in the
nucleation and growth case, the formation of a nucleus of different phases with equilibrium
composition reduces the total free energy of the system. The change in free energy of a system,

AG due to the formation of a spherical nucleus is given by:

4
AG=—<§)-n-R3-AG,,+4-7T-R2-y 1)

where R is the radius of the nucleus, AG, is the change in free energy per unit volume and v is the
interfacial energy between the parent phase and the nucleus. If the parent phase is more stable
than the nucleus (AG,, > 0), then both the volume free energy and surface energy are positive, and
therefore, the total free energy of the system continues to increase with increase in the large
compositional fluctuation. On the other hand, if the parent phase is metastable relative to the

nucleus (AG, < 0) and the volume free energy is negative, small concentration fluctuations will




increase the total free energy due to the contribution of the new surface created during nucleus
formation [56]. A schematic illustration of the concentration fluctuation size dependence of free

energy using classical nucleation theory is shown in Figure 2-1 [56], [57].

AG
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v

Figure 2-1. Schematic illustration of concentration fluctuation size dependence of free energy
(Reproduced with permission from Prentice-Hall, Inc.) [56], [57].

For the second phase to precipitate inside the parent phase, the concentration fluctuation
size should be greater than the critical radius (") of the fluctuation (maximum excess free energy).
If fluctuation size surpasses the r’, AG of the system will decrease. On the other hand, if the
fluctuation size is less than the r”, their free energy decreases resulting in dissolution of embryo in
the parent phase. The critical radius, r" and the activation barrier, AG™ for the nucleation process
are given by:

\ 2.y
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respectively, where Age and Ags are the chemical energy and strain energy respectively. However,
for homogeneous nucleation to occur, there has to be larger undercooling, i.e., below the
equilibrium melting temperature (Tm). For undercooling AT, the volume free energy (AG,) is given

by [57]:

AH. AT
G, = 7’,”
m

(4)

where AHn is the latent heat of melting per unit volume and AT = (Tm — T) is the undercooling

temperature.

Therefore:

. (16-m-y? 1
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Equation (5) suggests that an increase in undercooling decreases the size of the precipitate (R")

and the total free energy of the system AG”.

The concentration fluctuation of radius r” can be explained by the Arrhenius equation.

Therefore, the rate of homogeneous nucleation is given by:
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Where fo is a function that depends on the vibration frequency of an atom, Co is the number of
atoms in nuclei per unit volume, Kk is the Boltzmann constant, T is the absolute temperature and
AGn is the activation energy required for the migration of atoms across an interface. When the
nucleus size is small, it contributes minimal strain energy during the nucleation process; therefore,
precipitates will take a spherical form to reduce the interfacial energy. However, increasing strain

energy will transform the precipitate morphology from spherical to other shapes.

The other form of precipitation mechanism is spinodal decomposition, where there is no
thermodynamic barrier for nucleation and the nucleation occurs solely by diffusion [56]. The
spinodal decomposition process can occur for an alloy composition where the free energy curve
has a negative curvature [57], i.e.,

d?G

F<O (7)

The locus of the spinodal (S1 and S2) where the dZG/de = 0 is called the spinodal point [56],

[57].

The spinodal phase separation or nucleation is a low-temperature process [57]. According
to Cahn [58], there is constant concentration fluctuation throughout the matrix inside the two-
phase field of the phase diagram, which increases in amplitude over a time resulting in phase
decomposition. As explained before, the classical nucleation theory suggests that for a nucleus to

grow greater than the critical size nuclei have to overcome some activation energy barrier and then




it will have a sharp interface between the nucleus and the parent phase. However, Cahn’s theory

assumes no critical size and/or a sharp interface.

2.5. Effect of cooling rate on ' precipitation

Since the diffusivity is temperature dependent, the segregation of alloying elements highly depends
on the cooling rate and hence knowledge of the dependence of composition on cooling rate for y
and vy’ is essential. The y' precipitate size, distribution and their morphology depend highly on both
heat treatment and processing conditions. Since the high-temperature mechanical properties of
superalloys depend on the above-mentioned microstructures and a small variation in these
microstructures affects the mechanical properties, it is essential to study the effect of cooling rate
on the evolution of microstructure.

A change in microstructure as a result of different cooling rates has been studied a number of
times [31], [59]-[61]. It has been found that materials quenched from the solutionizing temperature
(i.e., from single y phase) using high cooling rates will produce a mono-modal y' precipitate size
distribution [62]. Since the growth of the precipitate is limited at the faster cooling rate, these
precipitates retain their spherical morphology. In contrast, the slow-cooled materials exhibit a wide
range of y' precipitate size and morphology.

Although there has been extensive research done on the y' precipitate size distribution using
high-resolution transmission electron microscopy (HRTEM) [63]-[67], the multiple nucleation
events and their mechanism of formation still needs to be addressed. There has been significant
work done on the segregation of alloying elements between the ordered y' precipitate and the

disordered y phase resulting in multiple precipitate size distribution.




Some research results also showed an increase in volume fraction of larger y’ precipitates with
a decrease in cooling rate [68]. Research has also revealed that the relationship between the
precipitate size and cooling rate follows a power law, although this is only valid for larger y’
precipitates [69]. Tian [70] revealed that the size of a y’ precipitate is inversely proportional to the
cooling rate and an increase in cooling rate will change the morphology from a flower-like
structure to spherical. There is a strong relationship between the cooling rate and the mechanical
properties since cooling rate changes the precipitate size distribution. Some experimental results
have also shown that an increase in cooling rate increases the hardness and tensile properties [71].
The dependence of microstructure and composition of y and y’ phases on cooling rate using
directionally solidified CM247DS Ni-based superalloy was studied by Babu et al. [61]. The results
revealed that the spherical morphology of y’ precipitates was found in water-quenched samples,
whereas slowly cooled specimens exhibited a bimodal precipitate distribution with larger
cuboidal/irregular to smaller spherical precipitates. It was also found that an increase in cooling
rate decreases the size of the larger y' precipitates and increases the number density of the v’
precipitates. It was observed that there was no compositional change in the larger precipitates;
however, a higher Al concentration was noted for smaller precipitates. Chen [32] has also reported
that cooling rate affects the y' precipitate size and composition in Ni-based superalloy RR1100.
The study revealed that the fastest cooling rate with the fine-scale tertiary y' precipitates had non-
equilibrium compositions, whereas, the secondary y' precipitates were found to have local
equilibrium compositions [32].
Similar results were also reported by Michell and Preuss [72]. They studied the effect of
cooling rate on the lattice mismatch between the y and y' phase in UDIMET720 alloy and

concluded that the compositional variation in the y' is the main reason for the lattice mismatch.




The y' precipitates were extracted from the matrix and examined under synchrotron x-ray
diffraction. It was found that the y' produced from the fastest cooling rate had higher Al content
than tantalum (Ta), whereas the larger y' from slow cooling rate had higher Ta. The phase
transformation from vy to y' during different cooling rates for Ni-based superalloys, AM1 and
CMSX-2 was studied by Grosdidier [73]; he showed that an increase in cooling rate decreases the
phase transition temperature and the morphology of the y' changed from large cuboidal/irregular
shape to spherical.

All these studies suggest that the increase in cooling rate will change the y' precipitate
morphology from larger cuboidal to spherical and the y' precipitate size distribution will change
from multimodal to monomodal. In addition, varying the cooling rate will change the precipitation
mechanism. Therefore, understanding the influence of cooling rate on the precipitation mechanism

is of prime importance for prediction of high-temperature mechanical properties.

2.6. Multimodal precipitation during continuous cooling

The multi-modal y' precipitation mechanism during continuous slow cooling is a complex process
since it involves multiple nucleation bursts at various temperatures. The composition-dependent y'
precipitate size variation in a multimodal system has been studied by Srinivasan [74] using atom
probe tomography. The study also reported that the interface width between y - y' varies with
respect to the precipitate size. The larger cuboidal/irregular y' precipitates (primary) were reported
to consist of sharp interfaces, whereas, the spherical or secondary precipitates consisted of diffused
interfaces. Although several studies have been done on the multimodal precipitation mechanism,

no clear explanation has been given for multiple nucleation events through experiments [75]-[78]




In recent years, phase field modelling has gaining significant attention over atom probe
tomography to simulate microstructural evolution i.e., y' precipitation in Ni-based superalloys.
Several compositional results have been published by Seidman [79] stating that the interface
between y and ' is diffusive. Since the phase field models consist of diffusion interfaces built into
them, they can predict microstructures close to those found by experiment. Phase field modelling
has certain limitations. For example, it can be used under isothermal conditions by considering
only the long-range order parameter. Since the thermodynamic force for nucleation varies
constantly during continuous cooling tests, this method is not feasible. Some researchers
incorporated this limitation and developed a new phase field model to predict precipitate size
distribution during continuous cooling [80]. However, the new model failed to determine the inter-
precipitate distance.

Wen [31] has explained the bimodal precipitate size distribution using phase field
modelling under continuous cooling using three different cooling rate conditions. Wen [31] also
reported that the diffusion rate can be controlled through the cooling rate. A slow cooling rate will
produce larger precipitates due to the small diffusion coefficient; thus, microstructural evolution
during this condition is similar to that of the isothermal condition. If the cooling rate is very high,
the diffusion distance for alloying elements will decrease and hence the nucleation will terminate.
However, an intermediate cooling rate produces bimodal precipitation due to the impingement
with the first nucleation at a higher temperature and thus supersaturation between the adjacent
precipitates will increase on further cooling. This increases the driving forces for the second
nucleation to occur.

Similar results have also been reported by Furrer [81] on U720L1 alloy during different cooling

rate experiments. A multimodal y' precipitate size distribution was reported to depend on




temperature and the variation in the composition of the matrix. The initial nucleation Kinetics
during supersolvus heat treatment is controlled by the supersaturated matrix phase. Subsequent
nucleation, i.e., the formation of secondary precipitates is controlled by many factors, such as

initial nucleation, diffusion Kinetics of the initial nucleation, cooling rate and matrix composition.

2.7. Coarsening of y' precipitation

Many researchers have studied the coarsening of y’ precipitates since the mechanical properties
depend on y' precipitate size and their morphology. The morphology of these precipitates will
affect the lattice parameter and therefore this change is very important. For example, a change in
morphology from spherical to cuboidal with increasing ageing time has been studied by Ricks
[48]. The author revealed that a y' precipitate particle nucleates as a sphere at high temperature to
minimize interfacial energy since the contribution due to strain energy resulting from lattice misfit
is low [48]. As a particle grows, the strain energy increases significantly, thus lowering the
interfacial energy by changing the shape from spherical to cuboidal.

After a critical nucleus size has been reached, the precipitate growth is termed Oswald
ripening [82]. According to this, the driving force for precipitate growth is the interfacial energy
between precipitate and matrix. Lifshitz and Slyozov [83] and Wagner [84] (LSW model)
proposed a diffusion-controlled precipitate growth process. This model assumed that the diffusion
field of adjacent precipitates does not overlap. Also, the model neglected the strain effect. Hence,
discrepancies exist between experiment and model. Ardell [34] later modified the LSW model by
including the misfit between the matrix and precipitate and found that the matrix reaches

equilibrium concentration with an increase in coarsening rate of precipitates.




2.8. Effect of alloying elements

In order to produce the desired structure and properties that will promote higher temperature
mechanical strength and excellent environmental resistance, the chemical composition must be
carefully controlled. Increasing the amount of gamma prime (y')-forming elements, such as Al and
Ti, as well as adding refractory elements can be used to modify the chemical composition [85],
[86]. In single crystal alloys, there is also a significant replacement of Ti with Ta which strengthens

the y' and also raises the solidus temperature [87].

The microstructure of superalloys with different phases is influenced by the number of
alloying elements present in the matrix [13]. The behaviour of alloying elements depends on their
position in the periodic table. The atomic radii of chromium, cobalt, ruthenium, rhenium, tungsten,
iron and molybdenum are close to the atomic radius of nickel and therefore take part in the
stabilization of the y phase. The y' phase is stabilized by the larger atomic radii elements such as
aluminum, niobium, tantalum and titanium. The other class of alloying elements like boron, carbon
and zirconium acts as grain boundary strengtheners in the y phase [1]. Aluminium and chromium
are also necessary to improve the surface stability through the formation of Cr.Os and Al>O3

respectively.

The Cr content in most Ni-based superalloys has been reduced from 20 wt. % over the
years to about 5 wt. %. This is to achieve high solubility of Al and Ti [86]. At temperatures below
950°C, Cr has been found to be effective in increasing corrosion resistance [86], [88]. A Cr203
scale also provides good oxidation and hot corrosion resistance before the formation of volatile
CrOs at temperatures above 950°C [89], [90]. Excessive amounts of Cr and heavy metals, such as

Mo and W, promote the formation of topologically close-packed (TCP) phases. These phases




usually occur with highly embrittling platelet morphology [87]. Hence, overall amounts of Cr, Mo,

and W must be well controlled.

The presence of Al in the first generation Ni-based superalloys strengthens the matrix to a
certain extent by promoting the formation of y' and supports the formation of stable Al.Oz scale.
The formation of an alumina scale provides excellent oxidation resistance at elevated temperatures
above 950°C where chromia formation does not provide resistance to oxidation [9]. Addition of
Zr, Hf and Cr helps to improve the adhesion of Al.Oz scale to the alloy surface and thus reduce
spallation. Other alloying elements in the first generation Ni-based superalloys included Ti, Co,

V, Nb, Mo, W, and Ta.

Rhenium additions of about 3 at. % to the second generation Ni-based superalloys were
found to increase creep strength at higher temperatures [91]. However, higher Re contents of about
6 at. % in the third generation Ni-based superalloys resulted in precipitation of topologically close-
packed (TCP) phases after long-term high-temperature exposure [92]-[94]. This has a disastrous
effect on the alloy high-temperature creep strength. Addition of Ru to a third generation Ni-base
superalloy with high Re contents was found to reduce the TCP precipitation rate substantially.
Also, increases the solubility limits of solid-solution strengthening elements in the matrix,
particularly for Re and W. Table 2-1 lists the effects of some major alloying elements in Ni-base

superalloys [95].




Table 2-1. Effects of major alloying elements in Ni-based superalloys [95].

Elements Effects

Chromium Improves oxidation and corrosion resistance, promotes TCP
phases, carbide former (M23Cs and M7Cs)

Aluminium Increases the y' volume fraction, improves oxidation resistance

Titanium Promotes the formation of y', forms TiC

Molybdenum Solid solution strengthener, carbide former (MsC and MC),
increases alloy density, promotes TCP phases

Cobalt May raise or lower solvus, raises the y' solvus temperature

Tantalum Strong solid solution strengthener, carbide (MC) and y' former

Niobium Strong v and y' strengthener, NbC former, promotes ¢ phases

Tungsten Strong solid solution strengthener, promotes TCP phases

Ruthenium Solid solution strengthener.

Rhenium Retards coarsening; increases misfit between the y and y'

Boron; Zirconium

Carbon
Silicon
Rare earth elements, Zr &

Hf

Improves creep strength and ductility, inhibits carbide
coarsening, boron when present in large amount forms borides
Promotes the formation of various carbides

Promotes the formation of protective silica scale

Improves adhesion of protective scales




2.9. Development of Ni-base superalloys

Over the past 50 years, there have been dramatic improvements in casting techniques. These
developments allowed industries to produce components for the Ni-based superalloys with the
addition of lower amounts of oxide-forming elements such as Al and Cr. Development of
advanced processing technologies such as vacuum casting, directional solidification and
development of single crystal alloys as well as improved chemical composition through alloying
have resulted in gradual increase in service temperatures and improved mechanical properties of
Ni-based superalloys [1]. There were considerable improvements in grain boundary creep strength
of directionally solidified alloys due to the elimination of transverse grain boundaries [96]. Single
crystal alloys, which are a modification of directionally solidified alloys, possess improved creep
resistance and higher melting temperature [97]. This is as a result of the total elimination of grain
boundaries and thus, a premature failure that would have occurred when grain boundaries are
present in the alloy is prevented. Most modern high-temperature components, such as high-
pressure turbine blades, are produced as single crystal alloys [97]. Therefore, in developing new
materials for higher temperature applications, proper consideration must be given to the processing

techniques.

2.10. Oxidation of metals

Oxidation is an electrochemical process where oxygen ions and metal ions interact to produce a
new substance called oxides. The oxides formed on the surface of metals may be a single layer or

multiple layers consisting of different compositions; this depends on the oxidizing atmosphere and




temperature [98]. The oxidation of metals depends on two major factors, namely thermodynamics
and kinetics. Thermodynamics shows the possibility of an oxidation reaction occurring depending
on Gibbs free energy. On the other hand, kinetics reveals how fast the reaction will occur when
the oxidation is possible. Since kinetics will determine the extent of metal consumption, it is often
considered to be more important than thermodynamics [3]. Oxidation of pure metals provides a

fundamental knowledge of a more complicated process associated with the oxidation of alloys.

2.10.1. Thermodynamics of oxidation

During oxidation, initially, oxygen adsorbs on the surface of a metallic substrate and as the reaction
proceeds, either a film of oxide will form on the surface or separate oxide islands nucleate on the
surface of the substrate. Depending on growth kinetics of the oxide scale, the scale may or may
not protect the metal beneath[99]. Oxidation seems to be a simple electrochemical process, but the
reaction path and the behaviour involve a large number of phenomena, which are influenced by

many different factors [100], [101]

The formation of an oxide is described by the reaction [3],

M) +(3) 0:(9) - M,0, ®)

Where M is the metal and subscripts x and y are the stoichiometric constants.

Most metals tend to oxidize to some extent when they are exposed to an oxidizing
environment. Whether this process is likely to occur, is defined by the change in Gibbs free energy

connected with the formation of the oxide from the reactants (AG) [3].
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where a is the chemical activity of a component, P, is the oxygen partial pressure, T the absolute

temperature and R the universal gas constant.
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If K = , at equilibrium when AG = 0, then the above equation becomes:

AG® = —R - T - In[K] (10)

Where K is the equilibrium constant. Taking logarithms, Equation 10 becomes:
—-AG°
K = e[ R'T 1 (ll)

The minimum partial pressure of oxygen required to form a metal oxide can be obtained from
Equation 11:

y -AG®. Qpo
—_— X
P02/2 — e[ RT ] . y

(12)
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The equilibrium dissociation pressure of MxOy is P, /2, The ambient oxygen must exceed the

equilibrium dissociation pressure, Py, /2 pefore a metal oxide will form.

However, once an oxide layer MxOy has developed on the metal surface, it acts as a barrier
between the metal/alloy and oxygen. For the reaction to proceed further, it was reported that one
or both reactants must penetrate the oxide layer, i.e. either the metal ions must migrate through the

oxide scale to react at the oxide-gas interface or oxygen must be transported to the oxide scale-




metal/alloy interface and react there [3]. The reaction mechanism depends on the slowest step of
the process. This may include one of several stages such as transportation of metal or oxygen ions
through the oxide layer, mass or electron transport across one of the interfaces or electron-transfer
processes associated with the chemisorption step [102]. Hence, the kinetics of the system, rather

than the thermodynamics of the reaction, controls the oxidation rate [103].

2.11. Oxidation kinetics

2.11.1. Kinetics law

Generally, kinetics are used to estimate the rate of an oxidation process, although equilibrium
thermodynamics may explain which oxidation process is likely to occur. This is not sufficient for
complete understanding of an oxidation process. There are many factors which determine
oxidation kinetics such as temperature, oxygen partial pressure, metal pre-treatment and oxidation
duration. The oxidation rate is highly dependent on the method of heating, be it isothermal
oxidation or cyclic oxidation. The isothermal oxidation method is used to characterize the oxide
scale growth as a function of exposure duration at constant temperature, whereas cyclic-oxidation

involves rapid heating and cooling.

The kinetics of oxidation of metal and alloys generally follows several reaction rates. Most
reactions follow a parabolic rate, some reactions follow a linear rate and some other reaction

kinetics may include logarithmic rates [3], [104], [105].




2.11.1.1. Linear oxidation rate

It has been reported that if the metal surface is not protected by a barrier of oxide, the oxidation
rate usually remains constant with time, and one of the steps in the oxidation reaction is rate
controlling rather than a migration process being rate controlling [3]. This situation is to be
expected if the Pilling-Bedworth ratio (PBR) is less than 1, if the oxide is volatile, if the scale
spalls off or cracks due to internal stresses or if a porous, unprotective oxide forms on the surface
metals. During linear oxidation, the oxidation of a metal proceeds at a constant rate and follows

the linear rate law as follows [3], [104], [106]:

x=ki.t+C (13)

Where X is the mass or thickness formed, t is the time of oxidation and ki is the linear rate
constant. The oxidation never slows down; after long times at elevated temperatures, the metal

will be completely destroyed.

2.11.1.2. Logarithmic oxidation rate

At low temperatures when only a thin oxide film of oxide has formed, the oxidation is usually
observed to follow logarithmic kinetics. The migration process across the film is rate controlling,
with the driving force being electric fields across the film. The logarithmic equation is [107]-

[109].

x = k.log(at + 1) (14)

Where ke and a are constants.




2.11.1.3. Parabolic oxidation rate

When an oxide scale forms on the metal surface, the oxidation reaction is controlled by the
diffusion of ions through the oxide scale, which is in turn controlled by the chemical potential
gradient as a driving force. As the thickness of the oxide scale increases, the rate of oxidation
decreases with increasing time due to the increasing diffusion distance for ions. The oxidation rate

is, thus, directly proportional to the thickness of the oxide scale [104], [105]

X2 =k, t (15)

Where, X is the oxide scale thickness (um?), t is the exposure time (s), and kp is the parabolic rate

constant (um?/s); when t = 0, X=0.
Another form of the parabolic rate equation is given by the weight gain, W (g/cm?) [3], [106]:

AW? = k,.t+C (16)

The parabolic oxidation rate increases exponentially with temperature, following the Arrhenius

equation [110]:

ky, = ko .exp (;—g) 17)

Where ko is a constant that is a function of the oxide composition and the gas pressure. For cation-
deficient or cation-excess oxides where the diffusion of cations is much greater than the diffusion
of anions, the activation energy for oxide growth is the same as the activation energy for diffusion
of cations in the oxide. For anion-deficient oxides, where the diffusion of anions is much greater
than the diffusion of cations, the activation energy for oxide growth is the same as that for anionic

diffusion, verifying that ionic diffusion is the rate controlling process [107].




2.12. Wagner’s theory of oxidation

When most materials are exposed to an elevated temperature under an oxidizing environment, they
will first exhibit a thin single layer of oxide scale on the surface. However, subsequent oxide
growth requires migration of either metal ions (cations) or oxygen ions (anions) through the oxide
scale [111]. The diffusion mechanism and the defects present in the oxide scale control the
migration of cations and anions through oxide scale. Generally, the transport of ionic species
through an oxide scale follows solid-state diffusion mechanism and the kinetics are often parabolic
in nature. The diffusion distance will increase if the oxide scale is thicker compared to that of a
thinner scale. Beyond some thickness of the layer, diffusion will control both overall rate of
reaction and the rate of oxide scale thickening. Wagner’s model makes the following assumptions

[107], [112], [113]:

e The oxide scale is compact and perfectly adherent.

e Migration of ionic species or electrons through the oxide scale is the rate controlling
process.

e There is a thermodynamic equilibrium between both metal/scale and scale/gas interfaces.

e Solubility of oxygen in the metal may be neglected.

Since both metal/scale and scale/gas interfaces are in equilibrium, concentration gradient of
both metal and oxygen ions occurs across the oxide resulting in the transportation of both metal
and oxygen ions through the oxide scale in opposite directions. The migration of these ions will
create an electric field as the ions are charged. The net result of the transportation of cations, anions

and electrons will form electroneutrality in the oxide scale [105], [112]. Figure 2-2 illustrates that




the transfer rates of cations, anions and electron holes are in balance so that no net charge transfer

occurs across an oxide scale [3], [107], [114].
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Figure 2-2. Schematic diagram of oxide scale formation according to Wagner’s oxidation model
(Reproduced with permission from Cambridge University Press) [3], [107], [114].

There are only a few oxides which strictly follow Wagner’s oxidation model [113]. In the

present work, these are NiO and CoO. The reasons for deviation from Wagner’s model are the

basic assumptions. First, the model assumes that the oxide scale is compact and adherent, which

is not followed by many oxides. Second, an oxide is more or less stoichiometric, which is again

rarely observed. Third, a degree of solid solubility between the oxides may exist. Further, the

migration of ionic species in many oxides is partially accomplished by grain boundary diffusion.




2.13. Defects and oxide scales

According to Wagner’s theory of oxidation [111], the oxides that form on the surface of metals
often contain impurity cations that are soluble in the oxide. These impurities alter the defect
concentration of the oxide scale, subsequently affecting the oxide growth rate. Whether oxide

growth increases or decreases depends on the relative valences of the cations and the type of oxide.

2.13.1. Doping of oxides

Most oxides are either p- or n-type semiconducting depending on whether the oxide exhibits excess
vacancies or is deficient in vacancies [114]. The oxidation rate in a p-type semiconducting oxide
is controlled by cation diffusion through cation vacancies [114]. If the number of cation vacancies
decreases, the oxidation resistance increases. For example, in a Ni system, the cation vacancies are
present due to a small fraction of Ni ions that exhibit higher valency than the normal valence,
contributing more than normal share of electrons to the oxygen ions and thus allowing a small
fraction of cations to be absent from the structure. Further, if a few cations with a higher valence
are substituted for the regular cations in an oxide, the vacancy concentration increases. For
example, if a small amount of Al is added to a Ni system and then the system is oxidized to form
NiO with a few substitutional AI** ions, the oxidation resistance decreases compared to pure NiO

due to an increase in vacancy concentration [114], [115].

The n-type semiconducting oxides behave opposite to the p-type oxides [113], [114]. Here
the diffusion mechanism is anionic through anion vacancies and these vacancies exist because
some cation vacancies have fewer than normal vacancies and therefore contribute fewer electrons

to oxygen than required by stoichiometry. The addition of low-valent cations replaces the regular




high-valent cations resulting in an increased oxidation rate. On the other hand, the substation of
higher-valent cations to the normal-valent cations reduces the oxidation rate by reducing the anion

vacancy concentration.

2.13.2. Point defects

A point defect in a crystal is an entity that causes an interruption in the lattice periodicity. This can
occur due to removal of an atom from its regular site in the crystal structure [116]. Various kinds
of point defects can be formed; these may be intrinsic or extrinsic, substitutional or interstitial
[117]. For instance, Schottky and Frenkel defects are referred to as intrinsic defects since their
numbers are controlled by intrinsic properties of the structure, related to the size of the interatomic
forces, whereas, the presence of impurities or variation in oxidation rate are considered as extrinsic
defects, which can vary from one crystal to another [116]. The Schottky defects occur where a
vacant anionic site in a structure is balanced by a vacant cationic site to main maintain electrical
neutrality. On the other hand, a Frenkel defect is when an atom moves from its site, leaving a
vacancy and is placed in an alternative interstitial site, which is normally unoccupied. Both
Schottky and Frenkel defects leaves the overall charge balance and the stoichiometry unaffected

[118].

2.13.3. Line and planar defects

The mechanism of diffusion along line and planar defects is generally more rapid compared to that
of point or lattice defects. The diffusion along line and surface defects requires lower activation
energy than lattice diffusion, typically 50% to 70% of the activation energy of lattice diffusion

[119]. Dislocations are considered to be the only line defects in crystalline materials; grain




boundaries, internal and external surfaces can be considered as planar defects. Both line and planar
defects are termed as high diffusivity paths. This type of diffusion is also called short-circuit
diffusion [120], [121]

Since the activation energy for grain boundary diffusion is always less than the activation
energy for lattice diffusion (from 20 to 30% smaller), grain boundary diffusion is greater than
lattice diffusion [109]. Typically, grain boundary diffusion in metals is four to six orders of
magnitude faster than lattice diffusion [122]. The difference between grain boundary and lattice
diffusion may be due to two major reasons. First, if the diffusion length is the same in both grain
(lattice) and grain boundary, there is not much difference in the diffusion rates. Second, if the
grains are relatively bigger than the grain boundary, this means that the diffusion length in grains
is much longer than grain boundary.

However, the temperature will change the diffusion mechanism in the material. At lower
temperature, the diffusion process is controlled by grain boundary diffusion and at high
temperature both lattice and grain boundary diffusion are equal [123], [124]. The transformation
temperature will depend on the relative area of the grain boundary. The nature of a grain boundary
depends on the orientation of two adjacent grains. In these cases, only the effective overall

diffusion coefficient is measured, not lattice and grain boundary diffusion separately [124].

2.14. Mechanical properties of oxides
2.14.1. Stresses in an oxide scale

Most commercial alloys rely on the formation and maintenance of an oxide layer to sustain
mechanical integrity at high temperatures. This oxide acts as a barrier between the substrate and
the oxidizing environment, which increases the oxidation resistance at elevated temperature [125],

[126]. However, these protective oxide layers are susceptible to failure by the presence of




mechanical stresses at the scale/alloy interface [127]. There are various sources of stresses in an
oxide scale such as stresses resulting from oxide growth, thermally induced stresses resulting from
temperature change and finally, external stresses due to deformation at a scale/alloy interface [3],
[128]. In order to ensure maintenance of the protective capacity of the oxide scale it is necessary

to understand the proposed mechanisms of development of both the growth and thermal stresses.

2.14.1.1. Growth stress

Pilling and Bedworth first proposed the mechanisms of development of growth stresses in an oxide
scale [3]. This model includes the specific volume differences between the oxide scale and the
substrate. The model considers only the transition from the substrate to the oxide phase when only
oxygen ions are diffusing. The magnitude and the sign of the stress in the oxide scale depend on
the Pilling-Bedworth Ratio (PBR), which is defined as the ratio of volume/metal ion in the oxide
to the volume per metal ion in metal [3]. The PBR for some oxides and metals are given in Table

2-2 [88], [127], [129], [130].

Table 2-2. Some typical Pilling-Bedworth ratio values [88], [127], [129], [130].

Oxide/Metal  NiO/Ni FeO/Fe CoO/Co Cr0s/Cr AlLOs/Al  TiO/Ti SiO./Si

PBR 1.65 1.68 1.86 2.07 1.28 1.73 2.15

When the PBR is greater than unity, the oxide is expected to be in compression and the oxide
will be in tension when the PBR is less than unity [3], [131]. The PBR of oxides of most metals
and alloys is greater than unity as shown in Table 1 and thus they form in compression. However,

the growth stresses can be neglected if the oxide scale grows by outward diffusion of metal ions




because the oxide grows freely on the scale surface. The disadvantage of using PBR is that it
predicts unrealistically large stress and strains [3]. Also, there is no relation between the PBR
values and the magnitude of stress developed in the oxide scale, indicating other factors also play

a major role.

The thickness of an oxide scale plays an important role in development of stresses in the oxide
scale. According to the PBR, epitaxial oxide scale is one of the major stress development factors.
However, the stresses that develop tend to limit the epitaxy to about 50 nm of oxide scale thickness
due to the mismatch between the oxide crystal and the metal crystal [107]. The growth of the

thicker scale will negate the effect of epitaxy stresses.

Most of the metal oxides are polycrystalline and these generate stresses along their grain
boundaries because of short-circuit diffusion, which may lead to oxide formation at the grain
boundaries thereby increasing the compressive stresses. In addition, the presence of second phases

that may oxidize at a different rate can create stresses within an oxide.

A composition variation within a scale due to deviation from stoichiometry can also create the
stresses in the oxides. Further, compositional variation in the bulk material will result in selective
oxidation. If the diffusion of a reactive element within the bulk material is too slow to maintain

the critical composition at the metal/scale interface, stress develops at the interface.

According to Bernstein [21], the PBR model was primarily based on the volume difference
between the metal and the oxide; this difference produces a strain within the oxide scale, which
generates stress in the oxide and the metal. Bernstein [21] modified the PBR model by applying a

strain factor to limit the theoretical strength to match exact oxide scale stress.




Because neither the PBR nor the Bernstein [21] model can correctly predict stresses in a
complex alloy/oxide system, these models are not generally useful. Further, under service
conditions the majority of stresses are generated by both growth and thermal cycling. However,

neither of these models takes into account the latter.

2.14.1.2. Thermal stresses

Thermal stresses are generated during cooling from the oxidation temperature due to the
differences between coefficients of thermal expansion (CTE) of the substrate and oxide scale. A
fundamental understanding of CTE mismatch during thermal cycling is essential. Additionally, a
metal and oxide system undergoes temperature changes, which gives rise to phase transformations
resulting in changes in internal stresses in both metal and oxide phases [3], [7]. In most cases, the
thermal expansion of the oxide is less than that of the metal; therefore, compressive stress develops
in the oxide during cooing. Multilayered scales will develop additional stresses at the oxide/oxide

interface.

2.15. Breakaway oxidation due to depletion of alloying elements

Breakaway oxidation is often associated with stress-induced oxide cracking [14], [132]. These
works reported that parabolic oxidation behaviour is often interrupted by periodic cracking of a
protective scale resulting in a sudden increase in rate when oxygen can react directly with the bare
metal surface. As the oxide scale begins to cover the metal surface again, parabolic oxidation
resumes. The period between successive parabolic steps is sometimes uniform because when the
oxide scale growth reaches a critical scale thickness, a crack will initiate. The overall oxidation of

the metal then approximates a slow linear process [3].




Occasionally, a metal oxidizes parabolically until the scale cracks or spalls off and from
that time on, the oxidation is linear [3]. The oxide, initially protective, completely loses its
protective properties once the spallation begins. This is termed as breakaway oxidation and
commonly occurs if many cracks form continuously and extend quickly through the oxide. The
spallation is the common mechanism if the alloy cannot maintain critical concentration of scale-
forming element at the scale/alloy interface, which results in exposing base metal surface.
Breakaway oxidation will leave bare metal continually exposed, unlike paralinear oxidation in
which an inner protective layer always remains [133], [134]. It can also occur due to selective

oxidation in multicomponent systems [135], [136].

2.16. Void formation

When metals/alloys are exposed to an oxidizing environment, they will form a stable oxide scale
depending on their composition, which inhibits further oxidation of the alloy. However,
interdiffusion at the metal/scale interface can lead to porosity and voids/cavity. The formation of
voids and subsequent void growth in the subscale region during oxidation can be explained by the

following mechanisms [137]-[139],

e Vacancy injection results from the fact that diffusion of metal atoms into the scale, which
is undergoing oxidation, must be counterbalanced by inward diffusion of oxygen, or the
Kirkendall effect [140], [141].

e Moreover, parabolic oxide layer growth leads to a volume change between the oxide layer
and the alloy, which in turn increases the tensile stresses. To accommodate this net volume

change, creep cavity or voids will form beneath the oxide layer [142].




2.17. Oxidation of alloys
2.17.1. Kinetics of alloy oxidation

The oxidation resistance of a metal may be modified by adding several alloying elements, which
renders it suitable for a different high-temperature application. The oxidation of an alloy is
generally much more complicated than pure metal oxidation and depends on many factors such as

[7], [107], [125]:

1. Each alloying element will have different affinity for oxygen reflected by their free
energies of formation.

2. Multiple oxide phases may be formed.

3. A degree of solid solubility may exist between the oxides.

4. The difference in cationic mobility in oxide phases.

5. The difference in the diffusion coefficient of metals in the alloy.

6. The dissolution of oxygen into the alloy may result in internal oxidation.

2.17.1.1. Selective oxidation

Selective oxidation is generally known as preferential oxidation of solute in an alloy that forms a
continuous oxide layer on the surface. The process occurs based on the thermodynamic stability
of the particular oxide [3], [143].

Consider a system A-B, where A represents a more noble component than B and BOv is
the oxide being formed. When the scale growth is controlled by diffusion of component B in the

alloy, the scale/alloy interface can become unstable. Wagner [114] showed that a critical




concentration of B, N§, at the scale/alloy interface is necessary to maintain the BOv formation,
which is given by,

Vi (ﬂkp)l/ 2 (18)

NE = 2 (2
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Where, k,, is the parabolic rate constant, D is the interdiffusion coefficient, 1, is the molar volume

of the solvent alloy and v is the stoichiometric parameter in the oxide BOwv.

2.17.1.2. Internal oxidation

Internal oxidation is defined as the formation of oxide precipitates within an alloy [7]. This is also
called sub-scale formation and occurs when oxygen dissolves in an alloy either at the metal/oxide
interface or on the bare alloy surface when the partial pressure of oxygen is lower than the
dissociation pressure of the bare metal oxide. Internal oxidation results when an alloying element
is selectively oxidized but cannot reach the surface quickly enough to develop an external scale.
Internal oxidation in an alloy will change the mechanical properties of the alloy. For example, the
subsurface depletion of alloying elements during oxidation will change the tensile stresses at the
region [144], [145]. Wagner has proposed a relationship to determine the internal oxidation
thickness, in which the external oxide layer and internal oxidation zone thickness are independent

of solute concentration. The relation is given by [3], [7], [84], [105]:
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Where € is the internal-oxidation zone, D, is the diffusivity of oxygen in the alloy, Nj is the
oxygen solubility at the surface (mole fraction), D, is the diffusivity of the oxidant in the alloy,
Ng is the mole fraction of solute in the alloy and t is time (s).

The basic assumption of the Wagner model [84] is that diffusion is controlled by lattice
diffusion. This mechanism is only valid at high temperatures or in single crystal materials. At
lower temperatures, grain boundary diffusion is more predominant because a grain boundary acts

as a rapid diffusion path for the migration of both oxygen and metal ions [99], [105], [146].

2.17.1.2.1. Kinetics of internal oxidation

Like the oxidation process, which forms an external scale, internal oxidation also follows a
particular Kinetics law. Its growth with time is an important parameter, which can give information
about the internal damage of an alloy. It is imperative to know the interdiffusion coefficients of
the alloying elements to understand the mechanism of formation of a y' precipitate free zone (PFZ),
especially chromium and aluminum (D, 4, ) since they are the main scale-forming elements [42].
During oxidation of commercial alloy systems, the depletion of alloying elements is the main
problem in the subsurface zone. For instance, formation of a protective oxide scale on the surface
of a binary Ni-Cr alloy during oxidation results in depletion of Cr from the subsurface zone [11].
To maintain oxidation resistance, the alloy should continuously feed Cr to the oxide scale thereby
decreasing the Cr content in the subsurface zone. However, the diffusion coefficient of Cr mainly
depends on the alloy composition and the concentration gradient in the elemental depleted region.
A similar effect can also be seen in alloys, which have an internal Al>O3 formation due to selective
oxidation of Al from both matrix and y' precipitates. The concentration profile of Cr and Al will

change in the subsurface zone due to continuous migration of these elements to form their




respective oxides over time. The interdiffusion coefficient of Cr and Al in the subsurface zone can
then be determined by measuring their respective concentration profiles. This calculation will help

to understand the scale spallation mechanism and mechanical properties.

2.17.1.3. The transition from internal to external oxidation

Wagner [81] states that the transition from internal to external oxide formation occurs when the volume
fraction of the oxide reaches a critical value f*. This condition decreases the inward flux of oxygen
and increases the outward flux of metal ions, which eventually form a continuous oxide layer on the
alloy surface at lower solute concentrations. The criterion for the formation of an external scale is given

by the equation,

e - [ () 2]

Where N2. is the critical mole fraction of B in the alloy, V},, is the molar volume of the alloy, V,,
is the molar volume of the oxide, D, and Dy are the diffusion coefficients of solute B and oxygen

in an alloy.

2.18. Diffusion profiles and phase dissolution

Generally, high oxidation-resistant alloys are placed in a phase dissolution category [102]. For
example, high-temperature oxidation-resistant Ni-base superalloys consist of a Ni-rich FCC-y

matrix with uniform distribution of y'-NisAl precipitates. At elevated temperatures, a major




contribution to the high strength comes from these y'-NizAl precipitates [12] [38] [24] [43] [53].
Typically, oxidation of chromia-forming alloys involves external Cr.O3 scale formation with a
branched Al,Os internal subscale. Thus, some of the intermetallic y'-NisAl are solutionized [103].
When the aluminum concentration in the subsurface matrix reaches a minimum, the y'-NizAl phase

acts as an aluminum reservoir for further growth of an Al.Osscale [27], [147].

The rate of Al.O3 subscale formation and the y'-NisAl precipitate dissolution also depend
on the aluminum concentration in the precipitates. According to Chen [104], the y' composition is
precipitate-size dependent in an RR1000 alloy. The aluminum content of secondary y' precipitates
was found to be greater than in the primary y' precipitates, resulting in a higher concentration
gradient for smaller precipitates; thus the dissolution of finer precipitates is faster than that of the

larger ones.

For most Ni-base superalloys the main strengthening precipitates are chromium-based
carbides, e.g. of the type M23Cs [105]. During high-temperature service time, formation and
growth rate of a chromia scale on the surface of the alloy results in the depletion of surface and
grain boundary carbide precipitates which are rich in chromium. The dissolution of M23Cs helps

to sustain the Cr.Os scale growth.

In general, for the formation of an oxide scale BO, the concentration of B in the alloy is
required to be larger than the critical concentration, N°s[3], [7]. When BO is formed as an external
scale, the alloy is depleted in B, as represented in Figure 2-3, where N is the mole fraction of the

original alloy B and N'g is the concentration of B at the oxide scale/alloy interface [17].
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Figure 2-3. Diffusion profile in the subsurface region of two-phase alloy AB undergoing
selective oxidation causing dissolution of solute-rich B-phase to form oxide scale of BO
(Reproduced with permission from Elsevier.) [3], [7].

To maintain equilibrium between precipitate and the local matrix, the dissolution of the
precipitate phase (B) is assumed to be fast. If the diffusion of solute element B through the
precipitate-depleted subsurface alloy region is rapid enough to continue external scaling, the

concentration of B at the scale/alloy interface N's would be constant.

Diffusion analysis is used to describe the concentration profile of B in the precipitate
depleted or precipitate free zone (PFZ) as in Figure 2-3 [106]. By equating the flux of B in alloy

with oxide scale results in the expression:

. u 1
NOB —_ NLB = m‘k 7T2u.erf()/) (21)




Where Xgq is the depth of the precipitate depleted or free zone and u and vy are functions of the

rate constant ke which are given by the following expressions,

(22)

(23)

Therefore, it is very important to understand the PFZ dependence on precipitate size during

oxidation.

2.19. Interdiffusion coefficient models

Diffusion is a process of transportation of a given species from high concentration to a low
concentration, i.e. down a chemical potential gradient [114], [148]. The diffusion gradients
established for the interdiffusion of two solids may take different forms. For example, the selective
oxidation of Cr in an alloy to form an external Cr.O3 scale lowers its concentration within the
alloy; therefore, there is a concentration gradient of Cr in the subsurface zone of an alloy. If
diffusion of Cr is rapid compared to the scale-forming rate, then the change in concentration of Cr
in the alloy/scale interface will be small since the change in Cr concentration is averaged over a
large region. However, if the diffusion of Cr is relatively slow in the alloy due to the depletion of
Cr in the subsurface zone (Figure 2-3) then the change in concentration at the alloy/scale interface
is large resulting in scale spallation. Thus, to predict the useful lifetime for an alloy based on
oxidation resistance, it is fair to use the oxide scale behaviour or the diffusion rate of the reactive

species. For instance, during the oxidation of a high Cr-containing alloy, the Cr level at the




alloy/scale interface will be maintained due to continuous diffusion of Cr from the bulk alloy to

the alloy/scale interface.

Fick’s first law governs the diffusion of reactive species. The law states that the diffusion flux is
directly proportional to its concentration gradient and it occurs down the gradient. For

unidirectional flow, the law is given by [20], [149]:

dN

Where D is diffusivity (cm?/s), J is the molar flux in the x-direction (mol.cm?/s), x is the distance
incm and N is the molar concentration (mol./cm?®). The interdiffusion molar flux for an i" element

in a multicomponent system can be written as:

oS
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where J, is the interdiffusion flux of element i, D is the interdiffusion coefficient and is a function

of composition. The term n is the dependent variable, such that (n-1) interdiffusion coefficients
are required to determine the molar flux in a multicomponent system and % is the concentration

gradient of the j-component. In the case of diffusivity as a function of concentration, Fick’s second

law applies, which is given by [150]:

JdN 0 ( 6_N) (26)
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Boltzmann followed by Matano developed an equation to account for the variation of the diffusion
coefficient as a function of composition. This is a graphical method as shown in Figure 2-4, which
relates the form of diffusion profile with concentration-dependent interdiffusion coefficient, D (c)

[151], [152].
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Figure 2-4. lllustration of a concentration profile for reactive species in an infinite solid-solid
diffusion couple (Reproduced with permission from Elsevier) [151], [152].

The Boltzmann-Matano analysis to determine the interdiffusivity is given by [152],

~ 1 dx
D=——_-—-Jx-dc (27)




Equation (27) can be used to determine the interdiffusion coefficient, D(c) by graphical
construction. The derivative in equation (27) is calculated from the concentration profile at time t

and the integration is performed on the inverse of concentration, C. The boundary condition,

fcclz x + dc = 0 determines the position of the original Matano interface where x= 0. The Matano

interface is defined as the cross section through which there have been equal total fluxes of the

reactive species of A and B [141], [153].

2.20. Effect of alloying elements on oxidation of superalloys

The roles of the alloying elements used to promote oxidation resistance in superalloys are

summarized below.

Chromium: Addition of chromium is an excellent choice for high-temperature alloys (below
950°C) by virtue of formation of a natural protective layer of chromium oxide (Cr,03) which
adheres to a surface. The critical chromium concentration to form a protective Cr20Oz oxide layer
is 15% or 20-25% depending on the application requirements [57] [65]. The addition of chromium
is also found to be beneficial for hot corrosion resistance in high-temperature alloys [66]. However,
chromia is not effective at temperatures above 1000°C due to its volatility above that temperature

[11].

Aluminum: It is one of the best solid solution strengthening elements. Aluminum also offers
excellent oxidation resistance by forming a continuous Al.Oz layer, which is thermodynamically

stable at temperatures well above 1000°C [154].

Titanium: The addition of a small quantity of titanium (<1 wt. %) to precipitation hardenable

alloys increases the volume fraction of secondary strengthening phases such as y' in Ni-base




superalloys [155]. However, the presence of titanium greater than 1 wt. % has been found to be
detrimental to the oxidation resistance of chromia-forming alloys [13], [142], [156]. TiO: is
thermodynamically more stable than Cr.Oz and thus TiO, may form below an external scale of
Cr203 as an internal oxide. In Cr-rich alloys, the Ti tends to oxidize at both the gas/scale interface
and metal/scale interfaces. According to Yang [71], the addition of 1% of Ti to a Ni-base
superalloy increases the oxidation resistance; however, the same alloy with 3% Ti increases the
oxidation rate at 1000°C. An oxide growth rate generates growth stresses resulting in a decrease
in the adherence of the oxide layer thus being detrimental to the high-temperature oxidation

resistance.

Cobalt: The oxidation resistance of cobalt is similar to that of nickel. At high-temperatures the
oxidation rate of cobalt increases, forming a porous non-protective oxide layer. The oxidation rate
of unalloyed cobalt in air is reported to be 25 times that of nickel [72]. Cobalt is also used to

reduce the amount of solid solution strengthening elements.

Niobium: The addition of niobium will stabilize any grain boundary carbide precipitates [157].
The presence of Nb may also decrease the intergranular oxidation rate [158]. Niobium substitutes

for Al in y' as does Ti [73].

Rhenium: The addition of Re to a Ni-base superalloy increases the oxidation resistance at high
temperatures by lowering the subsurface Al depletion in y'. Czech [78] stated that rhenium acts a
diffusion barrier inhibiting the inward and outward diffusion of alloying elements. Liu’s [79]

experiments on Ni-base superalloys DD32 and DD32M also agree with Czech.

Molybdenum and tantalum: Molybdenum is not the best material regarding oxidation as it begins

to oxidise in air at 300°C and above 500°C, oxidation becomes more rapid [90], [159]. At 1200°C,




the oxidation rate is very rapid and catastrophic [159]. The oxidation of Mo below 500°C follows
a parabolic rate law, which suggests a protective scale at low temperature. The oxidation of Mo
exhibits a two-step process; initially, MoO; is formed at the metal/oxide interface region and later
MoOszis formed. MoOsis volatile above 500°C, and the rate of evaporation increases significantly

at 600°C [160].

Tantalum is one of the most corrosion-resistant metals and oxidizes to form a thin and
continuous surface film of Ta,Os. The electrochemical reaction between Ta and oxygen starts
above 300°C and becomes rapid above 600°C. Koftad [130] has done extensive research on
oxidation of Ta over the temperature range 300°C to 1300°C. The Ta>Os scale formed is not
adherent and if the oxidation temperature is increased to 1000°C, oxygen diffuses into the bulk of
the material causing embrittlement [7]. It has been reported that replacing Ti with Ta increases the
oxidation resistance considerably [71]. However, increasing the Ta concentration by 1% to 3% has

been reported to make the formation of Al2Os less favourable [142].

Zirconium and hafnium: Additions of zirconium and hafnium can significantly improve the
mechanical properties such as thermal creep deformation resistance. The diffusion rates and
carbide agglomeration along a grain boundary can be decreased in the presence of these elements.
Hafnium contributes to the formation of y-y' eutectic phases at the grain boundaries [1]. These
elements are oxygen getters and help in the formation of healing layers of alumina and chromia

[161], [162].

2.21. Pettit’s oxidation groups

Giggins and Pettit [126] summarized the three major oxidation modes in Ni-Cr-Al ternary alloys

at 1000°C. For the initial stage of oxidation, an outer layer of NiO is formed together with subscale




precipitates of Cr.03, Al.O3 and Ni(Cr, Al)204. This type of oxidation is termed as “Group I”
oxidation mode or NiO formers. The “Group II” oxidation mode can be seen in alloys with higher
Cr content and less Al such as Ni-20Cr-2Al. Here, an outer Cr20s3 layer is formed and the oxidation
rate is controlled by the migration of ions across the Cr.Os scale. Finally, for alloys with higher Al
content such as Ni-20Cr-4Al, the “Group III” oxidation mode was observed. Here, Al.O3 forms as
a continuous external scale, which controls the rate of oxidation. The ionic transport in Group 11
alloys is much slower than for those in Group | and Group Il. The schematic diagram of oxide
scale development on Ni-Cr-Al alloys as a function of time at 12000°C is shown in Figure 2-5 [15]

[65].
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Figure 2-5. Effect of composition on oxidation of Ni-Cr-Al ternary alloys (Reproduced with
permission from Cambridge University Press) [15] [65].




2.22. Characteristics of oxides

2.22.1. Chromium oxide

Both chromium and aluminum oxides have the corundum crystal structure and are assumed to be
hexagonal close packed (HCP), where each Cr atom (octahedral sites) is surrounded by 6 oxygen
atoms [163]. Cr.Oz provides significant resistance to both corrosion and oxidation even at elevated
temperatures [100]. The oxide acts as an intrinsic semiconductor above 1250°C [164] and shows
both p-type and n-type semiconducting behaviour depending on the temperature. Lillerud and
Koftad [163] reported the temperature-dependent defect type variation in Cr20s. In most cases,
Cr203 exhibits p- or n-type ionic defects (doping defects) at lower temperatures, whereas, when it
exposed to temperatures above 1000°C, an equal amount of holes and electrons will form, which
also depends on partial pressure of oxygen at that temperature [115]. Greskovitch [165], reported

that since Cr.0z is cation-deficit it deviates from stoichiometry at 1100°C due to an increase in
activity of (0,)1/8, Ap,)1/8- Also, at a low partial pressure of oxygen, Cr shows the ionic defects

to be at interstitial positions [165].

A tracer diffusion experiment conducted by Atkinson and Taylor [156] stated that the
diffusion of Cr in Cr203 occurs by a cation-vacancy migration process, which depended on the
defect structure. Similarly, Mitchell [166] concluded that the growth of Cr.Oz occurs due to
outward diffusion of Cr. In contrast, Barnes [167] and Lees and Calvert [168] have concluded that
the growth of Cr.Os at elevated temperatures is also possible by other anionic migration
mechanisms apart from lattice diffusion. Grain boundary diffusion is one such mechanism where
rapid migration of cation and anion will take place, which significantly increases the growth rate

of a chromia scale at elevated temperatures [156], [169], [170]. The microstructure of metal or




alloy also plays an important role in determining the rate of oxidation. As grain size decreases, the

number of grain boundaries increases, therefore the rate of oxidation increases.

The oxidation resistance and scale adherence of chromia-forming metals are also
influenced by the presence of other reactive elements such as Y, Hf, Zr, Si, Ce and La [171]-[173].
However, chromia scale performance is limited to temperatures below 900°C as the chromia scale
changes from Cr203 to the volatile species CrOs above that temperature, which decreases the scale
thickness and increases the migration of metal ions through the scale [174]. The deterioration will
increase significantly at temperatures above 1000°C. Hence, an alumina scale is preferable at these
temperatures, as Al,Osz is thermodynamically more stable and does not form any significant

volatile matter at these temperatures [3], [7].

2.22.2. Aluminum oxide

Aluminum oxide exhibits a similar structure (corundum) as chromium oxide, where aluminum
atoms occupy octahedral sites. The formation of continuous Al>O3 on the surface of an alloy
depends on the aluminum content in the alloy. Typically, the alloy must contain 6-12 wt.% of Al
to exhibit a continuous Al.Oz scale [175]-[177]. However, Stott et al. [175] concluded that the
presence of a third alloying element such as Cr (15-20 wt.%) in the Ni-Al system containing four
weight percent aluminum enhances the development of a continuous AlOz scale. Al2Os is
thermodynamically more stable than Cr.Oz at elevated temperatures [7]. The oxide shows
protective behaviour above 900°C by forming a stable o-Al.O3 scale. However, at lower
temperatures, transitional and metastable oxides such as y, A and 6- Al.O3 are exhibited, which

were reported to be less protective than an a-Al.O3 phase [178], [179].




The oxidation resistance of alumina-forming alloys at elevated temperatures is
controlled by transportation of various ionic species through the a-Al.O3. Many researchers have
reported that the thickening oxide scale occurs due to both outward diffusion of cations (AI**) and
inward diffusion of anions (0%) [147], [180]-[182]. Therefore, the combined effect of low ionic
defect concentration and slow migration of metal and oxygen ions through a-Al2O3 increases the

oxidation resistance.

Paladino and Kingery [183] measured the diffusion coefficient of Al in both single
crystal and polycrystalline Al.O3 samples at temperatures ranging from 1600-1900°C. The results
suggested that diffusion of Al in both lattice and grain boundaries occurs at a similar rate. However,
the authors have also reported that the diffusion coefficient of AI®* is greater than for the O in

Al>Os.

Generally, the Al,O3 scale that forms on the surface of an alloy will exhibit small and
equiaxed grains near outermost scale, whereas coarser and columnar grains appear at the inner
region [180]. The vacancy diffusion mechanism of O at the scale/alloy interface resulting in an
interfacial void has also been reported by several authors [182]. The reason for void formation at
the scale/alloy interface has been explained by the Kirkendall effect [161], whereby diffusion of
AIP* to the scale/alloy interface is faster than the diffusion of O in the opposite direction resulting

in excess vacancy formation [4].

The magnitude of oxide scale protectiveness is determined by both oxidation Kinetics
and structural properties of oxides at elevated temperatures [9], [12]. Typically, a protective scale
must be thermodynamically stable, dense, thin and most importantly, it should exhibit good
adherence. However, the oxide scale will lose its adhesiveness due to growth stress and thermal

stress during isothermal and cyclic exposure conditions [14], [184]. The differences in coefficients




of thermal expansion between scale and substrate during a cooling segment of thermal cycles
generates shear stresses at the scale/alloy interface resulting in buckling [180], [185]. Addition of
reactive and rare earth elements such as Y, Ce and Sc to chromia and alumina-forming alloys has

been found to increase the adhesive property of these oxides [148], [186].

2.23. Cyclic oxidation

Isothermal oxidation tests have been used to determine the oxidation behaviour of superalloys
[187]. However, this approach only assesses the mechanism of oxidation, whereas, most of the
high-temperature superalloys are exposed to cyclic thermal conditions in service life. These
thermal cycles induce thermal stresses in the oxide scale that forms due in part to the differences
in coefficients of thermal expansion, resulting in cracking and scale spallation, thereby changing
the oxidation kinetics. For example, it has been reported that the oxidation attack was more severe
on Ni-based superalloys PWA1480, under cyclic conditions than under isothermal conditions
[188]. Thus, an understanding and determination of the cyclic oxidation behaviour are required to
appreciate the behaviour of such alloys at high-temperatures under service conditions and as a
result, the cyclic oxidation test is considered to be one of the most critical testing procedures to
determine the service lifetimes of these alloys.

Scale spallation is a major failure mechanism in high-temperature materials during cooling
from service temperature [189]. The temperature change and the coefficient of thermal expansion
mismatch between the alloy and scale impose thermal stresses; the oxides show ductile behaviour
at high temperature and are brittle at lower temperatures. If there is no stress relief mechanism
available, the thermally induced strain energy increases at the scale/alloy interface[14]. When the

elastic energy per unit area at the scale/alloy interface crosses a critical limit, then scale spallation




occurs. The thermal stresses first initiate a crack, which gradually propagates with an increase in
thermal cycles, followed by scale spallation. The repeated spallation exposes a hon-protective or
less protective scale resulting in a phenomenon called breakdown, which is the transition from a

stable and protective scale to more rapid scale growth [148].

2.24. Oxidation modelling

As previously noted, in service life, superalloys typically undergo cyclic oxidation at high
temperatures. Under these conditions, the spallation of the protective scale is a major concern and
isothermal oxidation does not provide insight into this spallation behaviour [7], [14], [190]. Over
the past years, a number of researchers have developed models to investigate the growth Kinetics,
magnitude of spallation and rejuvenation process of superalloys under cyclic conditions [191]. For
example, Evans and Lobb [192] investigated the decohesion of oxide scale due to increased strain
energy at the oxide-scale interface. Schutze [193] used fracture mechanics to measure the adhesion
strength and concluded that the decohesion of scale occurs due to the presence of cracks at the
scale-alloy interface. Similarly, Cahn [194] measured the fracture toughness or stored strain energy
by injecting microcracks at the scale/alloy interface using fracture mechanics. The calculated and
observed weight change of these authors were comparable.

There are four different mechanistic models to determine the factors affecting cyclic
oxidation: cyclic oxidation spallation program (COSP) uniform model [195], COSP Monte Carlo
model[196], deterministic interfacial cyclic oxidation spallation model (DISCOM) [197] and a
statistical model developed by Monceau [198]. These models generate mass change as a function
of oxidation cycle curves by quantifying the scale growth and a mass loss. The curves developed

by these models are then fitted to the experimental results. Each model works on the basic principle




of oxide formation during a heating segment of a cycle at high temperature and subsequent
spallation during the cooling segment. Where these models differ from each other is based on

statistical calculations of scale spallation during cooling.

2.24.1. COSP-uniform model

The COSP-uniform model is the simplest model among the four and is described as follows. The
oxide growth during the initial cycle is and considered to be due to an isothermal effect, where the
growth rate follows a prescribed behaviour. Each cycle is a combination of heating and cooling.
The specific weight of the oxide after a heating segment W, is determined using isothermal
oxidation kinetics. The subsequent cooling step of the cycle will lead to a fraction of scale
spallation. The total mass of the oxide retained on the surface (I#}.) after each cycle is the starting
point for the next cycle, which is shown in Figure 2-6 [196]. In this model, there are two major
assumptions. First, the growth Kkinetics is constant and it is a function of scale thickness. Second,
the amount scale spallation after each cycle depends on the amount of oxide scale present on the

previous cycle.
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Figure 2-6. COSP-uniform layer modelled specific weight change as a function of time at
oxidation temperature (Reproduced with permission from Springer) [196].

The model is described as follows. Consider a material that follows parabolic oxidation
behaviour, where the rate constant is kp. As discussed before, on the first cycle, the specific weight

of the oxide can be calculated as follows,

W) = ¢ k/2-t'l2 (28)

Where 1 is the time at oxidation temperature per cycle, & is the ratio of the mass of oxide to the
mass of oxygen (stoichiometric constant), and a is a spallation exponent, assumed to be greater
than zero. The subscript i represents the cycle number. In this model, the amount of scale spallation

occurs during the cooling segment of the cycle. The portion of the scale spalled is always assumed




to be thin with uniform thickness. The scale spallation may occur at the scale/alloy interface or
within the scale and this type of cohesion requires a crack within the scale or at the scale/alloy
interface. The amount of oxide spalled is expressed in terms of the fraction of scale spallation (F;),

which is directly proportional to the specific weight of the oxide. The relation is given as:

Fo= Q- (W) (29)
Where, Q, is the spall constant. Equation (29) was developed by carefully measuring the
weight change during cyclic oxidation of a NiCrAlY alloy [196].
A typical weight change curve along with the effect of spall constant Q, is shown in Figure
2-7 [184], [196]. It can be seen that with an increase in spall constant value, the number of cycles

required to cross zero weight change decreases.
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Figure 2-7. The effect of spall constant, Qo on standard baseline COSP model curves for
parabolic growth and uniform spalling of an Al>Os scale (Reproduced with permission from
Springer) [184], [196].




2.24.2. COSP-Monte Carlo model

In service life at elevated temperatures, the scale spallation on the surface is more localised
spallation (discreet spallation) rather than being uniform spallation on the entire surface. Hence,
the COSP Monte Carlo model is more representative of the actual scale spallation in an alloy. In
this model, the surface of the sample is divided into multiple segments of equal areas. The growth
and the spallation in these areas are independent of each other. These discrete areas are controlled
by the probabilistic manner using the Monte Carlo technique. The specific weight of the oxide is
calculated similar to that of COSP-uniform layer model; however, the fraction of oxide spalled, F,

is expressed using probability, which is given by,

and,

E= Qo (W)" (31)

To deviate completely from the uniform layer, F1 is set to zero and F2 is equal to unity. Then

equation (29) reduces to:

P= Qo (W) (32)

The effective time, terr in the COSP-Monte Carlo model can then be calculated using the simple

equation:




teff,i = T'Nn (33)

where n is the number of cycles. The oxidation behaviour of the material during thermal cycling
is determined by averaging the all the discreet spallation areas. This model was implemented to
determine the life of simple chromia-forming (Ni-Cr-Al) and alumina-forming (Ni-Al) alloys
[196]. The modelled results are fitted to the experimental data to find two major unknowns, i.e.,
the parabolic rate constant and the spall constant. Even though the parabolic rate constant can be
obtained by a simple oxidation test for small time durations, determining the spall constant is very

difficult.

2.24.3. DISCOM and statistical Monceau model

Both of these models are similar to the COSP-Monte Carlo model, which assumes parabolic
growth Kkinetics, but a different spallation format is applied. For example, spallation is assumed to
be always at interfacial locations and over a constant area fraction during each cooling step. In the
DISCOM model [197], the surface is divided into equivalent segments and these segments are the
inverse of the spalling area fraction. One more assumption is that the spalling will occur only for
the thickest scale segment. Since the scale decohesion is occurring at the scale/alloy interface,
fracture mechanics is used to address the fracture toughness or stored strain energy at the interface
[197]. The Monceau model [199] is similar to the DISCOM by Smialek [197]. In this model, the
surface is divided into surface segments of identical sizes, and these segments are grouped

according to the oxide thickness. The oxide spallation from each thickness is kept constant




according to a constant area fraction analysis. Monceau has developed a simple statistical model
to find the analytical solution for cyclic oxidation data.

In service life at elevated temperatures, the scale spallation on the surface is more localised
spallation (discreet) rather than the uniform spallation on the entire surface. Hence, the COSP
Monte Carlo model is more representative of the actual scale spallation in alloys. The current

research was focused on the COSP-Monte Carlo model.

2.25. Corrosion and oxide scales

Oxide scales that form on a metal surface at lower temperatures are generally due to either
atmospheric air or electrochemical reaction [200]. Corrosion is an electrochemical reaction
between the metal and the corrosive environment with transfer of electrons from metal to the
environment; therefore, a change in valence occurs from zero to a positive value. The corrosive
environment may consist of liquid or gas; these environments are called electrolytes, which act
similarly to a conductive solution with positive and negatively charged ions (cations and anions
respectively) [201]. Corrosion is termed as being an electrochemical process due to the flow of
current between anodes and cathodes. Therefore, the respective reactions are classified as being
anodic and/or cathodic. For instance, if a metal M is immersed in HCI solution, this can be

expressed as follows [201]:

In this example, metal M reacts with the acid solution to form a soluble metal chloride and

hydrogen bubbles on the metal surface. This type of reaction is used to clean the surface of metals

and for pickling of metals and alloys [202]. The ionic form of the reaction is [201]:




M+ zH* + zCl~ - M?* + zCl~ + H, (35)

By eliminating CI” from both the sides of the reaction, we can get anodic and cathodic reactions:

M - M?* + 2e~ (anodic reaction) (36)
2H* + 2e~ — H, ( cathodic reaction) (37)

The anodic reaction is also called oxidation in which metal valence electrons increase from
0 to +2, releasing electrons, whereas the cathodic reaction (reduction reaction), in which oxidation
state of hydrogen decreases from +1 to 0, consumes electrons [201].

When a metal reacts with a corrosive environment, it produces oxide to form metal as a
reaction product, for example, cations (Ni®* (aq.)), anions (HNiO2 (ag.)) and solid compounds
(NiO, Ni(OH)2) [201]. Since corrosion involves a chemical change of one or more reactants at the
metal/non-metallic interface, it is considered to be a heterogeneous redox reaction [201].

In brief, the following features can be used to explain the characteristics of a corrosion
reaction in liquids [201]:

e The metal and liquid interface will have an electrical connection.

e Migration of +ve charge from the metal surface to the electrolyte, consequently metal
oxidised to a higher valency state. Because the migration of +ve charge from the electrolyte
to metal surface results in a decrease in ionic species in the electrolyte, it will go to a lower
valency state.

e Migration of charge always happens between metal and electrolyte.

e Both thermodynamics and the corrosion kinetics control the stability of corrosion.




2.26. Thermodynamics of corrosion

Pourbaix diagrams are derived from electrochemical measurements and thermodynamic data,
which are also called potential-pH diagrams [203]. These diagrams relate electrochemical and
corrosion behaviour of metals in aqueous solutions. Furthermore, they also relate stability of a
metal with respect to its ions and its oxides. However, these diagrams cannot be used to determine
the corrosion kinetics [204].

Only a few metals show thermodynamic stability in all corrosive media as their corrosive
potential is higher than the reduction potential of their respective ionic species in the corrosive
environment; these metals are called noble metals [201]. In contrast, base metals tend to corrode
as they do not meet this requirement. Thermodynamics will only inform whether the reaction is
possible or not using the simple electromotive force or EMF series. The EMF is the potential
between metals exposed to solutions that contain 1 gm atomic weight of their respective ions [205].
For example, when chromium is immersed in an aqueous solution, the possibility of corrosion is

determined by comparing the respective standard electrode and reduction potentials [205].

2.27. Kinetics of corrosion

As mentioned in the previous section, thermodynamics provides information on the possibility of
reaction to take place. However, it does not indicate the rate of reaction. The rate of overall reaction
is limited by the rate at which the slower of the anodic or cathodic reactions occurs. One of the
two reactions is rate controlling. A knowledge of a rate-controlling reaction can often be applied

to reducing the corrosion rate. Corrosion rate depends on many factors [206]. Generally, the




reaction kinetics is expressed in terms of the concentration of a reactant used to form a product
over a period of time .

When the metal surface and electrolytic solution interface is electrified, the potential at the
surface becomes positive as the electrons leave from the metal surface in the anodic region. The
equilibrium electrode potential is considered to be zero since the rate of anodic reaction is equal
to the rate of cathodic reaction.

The corrosion rate of an actively corroding metal is determined by the intersection of the
kinetic curves that caharacterize the anodic and cathodic halves of the corrosion reaction. If the
rates of either of these reactions can be changed such that the intersection point is at a lower current
density, the corrosion rate is reduced. A schematic of the polarization curve is illustrated in Figure

2-8 [204].
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Figure 2-8. Schematic of polarization curve for anodic and cathodic reactions of a metal scale
(Reproduced with permission from Elsevier Science & Technology books) [204].




The mass loss using corrosion current density can be calculated with the help of Faraday’s
law [207]. Here, the main assumption is that one reaction, i.e., metal oxidation, controls the process

and other reactions are ignored. The equation is given by [207]:

Mipss = (%) “Ecorr - t (38)

Where m is the metal, M is molar mass of metal and t is time.

Materials that form a protective oxide layer on the surface are corrosion-inhibited; the
process being called anodic protection [208]. This type of behaviour has been studied using a
three electrode cell; working electrode, auxiliary electrode and reference electrode [205]. When

the potential of working electrode is controlled and shifted in the anodic direction, the current

required to cause that shift will vary. This behaviour is shown schematically in Figure 2-9 [205].
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Figure 2-9. Schematic anodic polarization curve (Reproduced with permission from McGraw-
Hill) [205].




2.28. Passivation

The oxidation or corrosion resistance of any metal depends on the formation of a passive layer on
the surface. Passivity is defined as the loss of chemical reactivity experienced by some metals and
alloys in corrosive environments [209]. Once these metals and alloys develop a passive film on
the surface, they behave as noble metals. The passive film composition, morphology and
mechanism of formation have been studied extensively [108], [210]. For example, a passive film
that formed during an electrochemical reaction is thinner compared to that formed by oxidation at
elevated temperatures [211]. The composition and thickness of the passive film depend on four

major factors: temperature, time, potential and environment [212].

2.29. Passivity breakdown

Passivity breakdown is a typical phenomenon where a passive film completely deteriorates due to
the formation of pitting corrosion and subsequently exposing sites to crevice corrosion and stress
corrosion cracking [213], [214]. Pitting corrosion occurs randomly on a surface and is extremely
localized. The stability of a passive film depends on many factors such as temperature, potential,
the concentration of solution and oxide scale composition [209], [214], [215].

Over the past many years, researchers have concluded that the presence of halides in
aqueous solutions influences breakdown of the passive film in metals and alloys by forming pitting
corrosion [55], [216], [217]. For example, the breakdown of an Al.O3 layer can be aggravated
with the presence of ClI” ions [218]. Typical pitting corrosion will occur in a pH range of about 4.5-
9.0 [18], [218]. Pitting corrosion exhibits self-limiting corrosion behaviour once the pit reaches a

limiting depth, at which point diffusion of metal ions and oxygen ions in or out is no longer




possible. Thus, the concentration of the solution inside the pit decreases compared to that of the
surrounding solution. The reaction that takes place inside the pit is known as a hydrolysis reaction

(Eq. 47) and is given by [205]:

M*X + XH,0 - M(OH)y + XH* (39)

Where M*¥ are the positive ions and H* are hydrogen ions.

2.30. Corrosion behaviour of Ni-based superalloys

Ni and its alloys generally offer very good corrosion resistant behaviour in harsh environments
ranging from sub-zero to elevated temperatures [9]. Ni exhibits a passive film of NiO, which is
thermodynamically stable in both moderate and neutral alkaline solutions. However, the film
displays poor resistance to corrosion in acidic and strong alkaline solutions [208]. The stability of
the passive film is also affected due to the formation of pitting corrosion, which occurs when the
metal is polarized above the critical electrode potentials in a chloride solution [214]. Since Ni is a
ductile material and acts as a hardenable matrix, it is used as a base material to create strong
corrosion resistant alloys such as Ni-base alloys, which can be achieved by adding different
alloying elements [1]. The principle elements used to create such alloys are chromium and

aluminum [1], [9], [42].




2.31. Purpose of the current study

In summary, oxidation and corrosion resistance are of prime importance when selecting a material
for high-temperature application such as aerospace gas turbine engines and nuclear power plants.
A common method for improving the oxidation or corrosion resistance of Ni-based superalloys is
to alter the chemical composition and microstructure, the beneficial effect of which has been a
topic of study for at least 60 years [42], [219], [220]. However, no detailed study exists in the
literature on the effect of the principle alloying elements on oxidation behaviour of IN738LC, N5
and Rene 80 Ni-based superalloys, despite the fact that the presence of certain alloying elements
affects the oxidation resistance during exposure at high temperatures. Also, microstructure such as
grain boundaries can increase the oxidation rate by acting as a rapid diffusion path for alloying
elements. The effect of grain boundaries on oxidation behaviour varies from alloy to alloy, which
has not been studied in detail.

Furthermore, no information is available about the effect of y' intermetallic sizes on oxidation and
corrosion behaviour, which is the major controlling factor of the oxidation rate and the subsurface
degradation such as the formation of internal oxide zone and precipitate free zone. Keeping this
background in view, the objectives of this study were:

1. To determine the different composition and microstructural factors affecting the oxide
scale kinetics and scale spallation during cyclic oxidation at high temperature for the
IN738LC (polycrystalline), N5 (single crystal) and Rene 80 (directional solidified) alloys.

2. Determine the relationship between y' precipitate size and PFZ, oxidation and corrosion

rates.




Chapter 3 Experimental Procedure

This chapter includes the composition of the as-received alloys, a brief description of the heat
treatments involved, metallographic preparation of the as-received alloy samples, and isothermal
and cyclic oxidation tests to understand the oxidation behaviour of candidate alloys. Further, an
aqueous corrosion testing procedure is explained to understand the corrosion behaviour. Finally,
this chapter discusses the different characterization techniques used analyse the microstructures of

the materials at every stage.

3.1. Materials
PCC Airfoils, Inc. provided the three Ni-based superalloys used for this study; all alloys were in
ingot form with dimensions of 150 mm x 64 mm x 10 mm. The chemical compositions of these

alloys were analysed by NADCAP, material-testing laboratory and are summarised in Table 3-1.




Table 3-1. The measured chemical composition of the alloys studied.

Alloys
Composition (wt. %)
IN738LC Rene 80 N5
C (LECO) 0.112 0.2 0.06
Cr (XRF) 16.02 141 7.14
Mo (XRF) 1.77 4 1.44
Ti (XRF) 3.44 5 0.02
Al (XRF) 3.4 2.9 6.14
Co (XRF) 8.47 9.5 7.44
W (XRF) 2.58 4 4.94
Zr (XRF) 0.028 - 0.02
Nb (XRF) 0.9 0.02 <0.02
Ta (XRF) 1.71 <0.02 6.41
Re (XRF) 0.02 - 2.92
Hf (XRF) <0.02 - 0.16

Bal. Ni Ni Ni




3.2. Sample preparation

3.2.1. Electrical discharge machining-wire cutting (EDM-WC)

This is a thermal mass-reducing process that uses a continuously moving wire to remove material
using rapid, controlled repetitive spark discharges. A thin wire of molybdenum was used as an
electrode. A dielectric fluid (water coolant) was used to flush the removed particles, regulate the
discharge, and keep the wire and specimen cool. Samples were cut from the as-received ingot
materials using a Hansvedt EDM machine giving a surface area of 3.72 cm?, which is less than
those recommended by TESTCORR (the European Guidelines for High-Temperature Corrosion
Testing) (20 mm x 10 mm x 5 mm = 7 cm?+ 0.05) [221]. However, the sample size is acceptable
based on previous work [26], [222], [223]. The wire cutting parameters of the EDM were kept

constant for all three alloys, which are summarized in Table 3-2.

Table 3-2. Summary of power parameters used in EDM-WC.

Power parameters

Pulse 2.8 usec
On-time 2.5%
Peak Amps 3A
Gap spacing 2
Servo speed 13
Cut-off 1




3.2.2. Heat treatment

The heat treatment processes are divided into conventional and continuous cooling heat-treatment

based on the nature of the subsequent oxidation study.

3.2.2.1. Conventional heat treatment

To understand the effect of alloying elements and microstructures (grain boundaries and carbides)
on cyclic oxidation behaviour, the as-received ingot form of IN738LC, Rene 80 and N5 Ni-based
superalloys were subjected to solution treatment and ageing heat treatment. These are summarized

in Table 3-3.

Table 3-3. Solution treatment and ageing heat treatment conditions used for the candidates (RT:
Room temperature, AC: Air-cooling, FC: Furnace cooling).

Alloy Solution treatment Ageing heat treatment

1120°C for 2 hours and 845°C for 24 hours and FC to
IN738LC
cooled to RT using AC RT

1052°C for 4 hours and then
1204°C for 2 hours and
Rene 80 843°C for 16 hours followed
cooled to RT using AC
by FC to RT

1079°C for 4 hours and then
1289°C for 2 hours and
N5 899°C for 16 hours followed
cooled to RT using AC
by FC to RT




3.2.2.2. Continuous cooling heat treatment

The equilibrium weight fractions of y, y' and liquid phase for IN738LC were obtained over
the range 700°C to 1400°C using the thermodynamic simulation JMatPro® version 4
software [224], which is shown in Figure 3-1. From Figure 3-1, the y' solvus temperature for this
alloy is approximately 1134°C. The standard solution heat treatment temperature for this alloy is
1120°C [225], which is below the predicted y' solvus temperature; this temperature is termed as

the partial solution treatment temperature.
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Figure 3-1. Equilibrium weight fractions of phases as a function of temperature from JMatPro.

In order to investigate the effect of y' precipitate size on the oxidation behaviour of a Ni-
based superalloy, different monomodal y' precipitate size distributions were produced using a
continuous cooling heat treatment procedure. To prove the concept of influence of y' precipitate

size on oxidation behaviour, only one alloy was selected out of the three alloys, i.e., IN738LC.

For this purpose, EDM cut blank samples were used to produce different precipitate sizes

using different cooling rates. All cooling tests were performed in a Carbolite box furnace, CWF-




1300, in static air and a y' solutionizing temperature of 1200°C was used (supersolvus
temperature). Specimens were held at 1200°C for up to 10 minutes and then cooled to 800°C at
different cooling rates. On reaching 800°C, specimens were rapidly quenched by immersing in
water. The primary objective of this experiment was to produce a mono-modal precipitate size
distribution by avoiding the second and third burst of nucleation below 800°C. Four different
cooling rates were obtained (from 1200-800°C) by water quenching, air cooling and furnace

programming; these gave cooling rates of 3000, 50, 5 and 2.5°C/min respectively.

3.2.3. Polishing, dimensioning and weighing

The heat-treatment conditioned samples were polished from 180- to 1200-grit on silicon carbide
paper and subsequently rinsed with distilled water, de-greased and then ultrasonicated using
methanol. After surface preparation, the sample dimensions (11 mm x 9 mm x 3 mm = 3.18 cm?)
were measured to a precision of £ 0.01mm using a digital vernier calliper to evaluate the surface
area. Finally, the weight of each sample, as well as the weight of the glazed porcelain crucible

containers, were measured using a micro-balance with an accuracy of 0.0001 mg.

3.3. Oxidation

The type of exposure at elevated temperature in ambient air was selected based on the objective of
this research. First, cyclic oxidation at high-temperature was conducted to understand the effect of
alloying elements, microstructure and scale spallation behaviour during thermal cycling. Second,
to prove the concept that oxidation/corrosion Kinetics, scale thickness and internal oxidation zone
thickness depended upon y' precipitate size, alloy IN738 was subjected to isothermal and cyclic

oxidation at various temperatures as well as to agqueous corrosion.




3.3.1. Cyclic oxidation

Each cyclic oxidation test (one test for each of the three alloys studied) was conducted using an
automated cyclic oxidation apparatus, which was built in-house. A schematic of the apparatus is
shown in Figure 3-2. The setup consisted of a vertical alumina tubular furnace (70 mm inner
dianmeter), with three stages of sample trays that could accommodate a total of 21 samples per
batch (7 samples in each tray). The furnace consisted of three stages of controlled heating zones
surrounded by insulation, each capable of independent operation via an external controller. The
temperature at the top of the furnace remained cool (to help samples maintain close to ambient
temperature when they are raised) throughout experimentation using copper coils connected to a
constantly flowing and pressurized cold water supply. The trays were automatically raised and
lowered using a pneumatic actuator, controlled by a timer-operated solenoid valve using an
Arduino Uno controller.

Each thermal cycle consisted of (1) heating from ambient temperature to 900°C in 1 min
(2) isothermal exposure at 900°C for 60 min and (3) cooling close to ambient temperature for 10
min. Thus, every cycle took a minimum of 70 min to complete including both heating and cooling;
a total of 1000 cycles (1116 h) was used for each alloy composition. The heating and cooling rates
were found to be 25°C/s and 5°C/s respectively. The thermal cycles used for the present work are
illustrated in Figure 3-3. A series of samples of the same alloy was periodically removed one by
one from the furnace at pre-defined time intervals/cycles to monitor mass change measurements
and microstructural evolution. For each alloy, 21 samples were used for one batch of tests. Two
tests were conducted for each alloy to check for consistency in mass change measurement and

scale spallation.
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Figure 3-2. Schematic of in-house built vertical tube cyclic oxidation furnace. a) specimens at 900°C and b) specimens at ambient
temperature
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Figure 3-3. Heating and cooling rates measured using the in-house built cyclic oxidation setup.

3.3.2. Isothermal oxidation

In order to study the effect of y' intermetallic size on isothermal oxidation behaviour, the
polycrystalline IN738LC superalloy was oxidized in ambient air at 900°C for various time
intervals for up to 1000h in a Carbolite high-temperature box furnace, CWF-1300 (max: 1250°C).
The furnace was calibrated using an external thermocouple before the tests. The size of the hot
zone was confirmed by taking calibrated temperature readings in four corners and the centre. The
samples were withdrawn at different intervals of time and left to cool in laboratory air. Once
cooled, each sample was weighed at least three times after the oxidation tests using an analytical
balance, and the mean mass gains and standard deviations were calculated. In order to ensure the

accuracy of the measurements, the balance was allowed to stabilize before taking the readings.




3.3.3. Electrochemical tests

The effect of ' size on corrosion behaviour was also studied using ageuous corrosion tests at room
tempearture. Different y'-sized monomodal IN738LC specimens produced from the different
cooling rate experiments were mounted in bakelite and polished to 1 um using diamond paste.
These specimens were used as working electrodes with a surface area of 1 cm? in contact with the
electrolyte. The tests were conducted in a three-electrode electrochemical cell using a saturated
calomel electrode (SCE) as a reference electrode and graphite rods as the counter electrodes as
shown in Figure 3-4. Electrochemical tests were conducted in different electrolytes, both acidic
and chloride-containing solutions, to simulate different types of exposure conditions; the
electrolytes used were 0.1M sulfuric acid (H2SO4), 0.5M sodium chloride (NaCl) and 0.5M

hydrochloric acid (HCI).
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Figure 3-4. Three-electrode electrochemical cell.




During an experiment, the test specimens were subjected to potentiodynamic polarization
testing scanned at a rate of 1 mV/s from -1 V to 1.5 V (SCE). A stable corrosion potential was
achieved by running an open circuit potential for one hour before the electrochemical test. The
polarization and current measurements were performed with a Princeton Applied Research
Potentiostat and the potential and current were recorded on a VersaSat3 software. The results from
these experiments were used to analyse corrosion current density (icorr), corrosion potential (Ecorr),
passive current density (ipass), Critical current density (icrit) and passivation potential range (AEpass).
All tests were conducted at room temperature. The corroded samples were examined using an

optical microscope to evaluate evidence of pitting.

3.4. Microstructural Characterization

3.4.1. X-ray diffraction (XRD)

A Bruker D8 advance XRD instrument with LynxEye PSD was used to identify the oxide scale
phases formed on the surface of the samples at various intervals. The analysis was done using a
standard Copper K, radiation (A=0.15406 nm) in the Bragg-Brentano configuration operated at
40 kV/40 mA, with a Ni-filter to suppress the spectral line Kg. The measurement at RT was
conducted over the 20 range of 20° - 70° with a scan rate of 1.5 seconds/step. The peaks in the
diffraction patterns were identified by matching with known standard patterns, using JADE

software basic evaluation search ad match program.




3.4.2. Cold mounting and polishing procedures

Once the surface oxide phases were determined using XRD, to retain the edge and to overcome
abrasion problems the samples were mounted in cold-setting epoxy resin on the longitudinal axis.
The mounts were allowed to set for 15 h and then subjected to grinding and polishing procedures.
Briefly, the mounted samples were ground from 180 to 1200 grit on SiC paper and then polished
with 6 pm followed by 1 um diamond suspension on polishing cloths. In order to remove the

polishing residues, samples were cleaned thoroughly in an ultrasonic bath with methanol and dried.

3.4.3. Etching for alloy microstructural characterization

In order to obtain a clear threshold between matrix, precipitates and oxide scale, etching was
performed. The optimum etching solution for IN738, Rene 80 and N5 was found to be 12ml of

70% H3PO4 + 40ml of 70% HNOs3 + 48ml of 98% H2SOa4.

3.4.4. Optical microscopy

Optical microscopy had limited use in this study as the oxide scale thickness was not resolvable
with the maximum magnification of 1000x offered by an optical microscope. It was mainly used
for general aspects of checking an oxidized surface or the quality a polish. The microscope used

was a ZEISS—Aziovert 25 with a digital camera attached to it for image acquisition.




3.4.5. Scanning electron microscopy (SEM) / EDS analysis

The microstructure and morphology of the as-polished and oxidized specimens were examined
with a scanning electron microscope JEOL JSM-5900LV and an in-lens detector fitted high-
resolution FEI Nova Nano SEM 450 with a field emission gun at the Manitoba Institute for
Materials (MIM). The images were taken in the secondary electron (SE) mode for topography and
backscattered electron (BSE) for phase contrast. The working distance (WD) was between 10 -
14 mm and an accelerating voltage of 12 kV (to ensure that excessive over-voltages did not lead
to charging) was used during imaging. Spot, line and overall compositional analyses were
conducted with an Oxford INCA energy dispersive X-ray spectroscopy (EDS) detector attached
to the JEOL-SEM and the results were averaged from at least five different readings. The
accelerating voltage was increased to 20 kV during the EDS analysis in order to increase the count
rate. The acquisition time for the composition analysis was fixed at 60sec and the dead time was
adjusted between 20-30%. Prior to examinations, the specimens were carbon-coated to reduce the

effect of charging by improving the conductivity of the oxide scale.

3.4.6. Transmission electron microscopy

To study the effect of cooling rate on the composition of y' precipitates and to understand the
subsequent effect of these on corrosion and oxidation, the samples were subjected to transmission
electron microscopy (TEM) analyses. Thin transparent foils for TEM imaging were cut from the
samples cooled using different cooling rates and ground to a thickness of <100 pm using standard
metallographic methods. Conventional TEM samples were made from discs of 3 mm diameter

punched out of 100 um thickness sheet. These discs were subjected to dimpling on a Gatan Dimple




Grinder™ using 1 um diamond paste to attain a dimpled region thickness of <50 um to minimise
the time required for the final stage of electron transparency. The samples were subsequently
electropolished using a Tenupol twin-jet electropolisher with 10% perchloric acid in 90%
methanol at -40°C and 1 V. TEM and scanning/transmission electron microscope (STEM) imaging
were performed using an FEI Talos F200X at an accelerating voltage of 200kv, at MIM. A single
tilt sample holder was used in this study as diffraction analyses were not required. The

compositional analysis was done using a Super - X EDS system.

3.4.7. Electron backscattered diffraction (EBSD)

To study the grain orientation of all three alloys, the samples were ground to 1200 SiC grit and
subsequently polished to 1 um diamond. Finally, to develop a strain free and flat surface for EBSD
measurement, samples were polished using a vibratory polisher for 48 h. These samples were
ultrasonically cleaned using acetone for 15 min, then washed with ethanol and dried in flowing
air. Grain orientations were characterized using a FEI Nova NanoSEM 450 equipped with Oxford

EBSD system at a voltage of 20 kV. The EBSD maps were recorded with a step size of 3 pm.




Chapter 4 Results

4.1. Microstructure of the heat-treated specimens

The candidate alloys were subjected to microstructural investigation prior to cyclic oxidation to
understand the effect of microstructure on their subsequent oxidation behaviour. Based on an SEM
investigation, the IN738LC contained MC and M23Ce carbides along the grain boundaries and
gamma-gamma prime (y-y") eutectic phases within the interdendritic regions, all within the Ni-rich
gamma (y) matrix. The IN738LC exhibited a bi-modal precipitate size distributions of primary 7'
(~1pm) and secondary y' (~150 nm). The strength of the alloy depends on the volume fraction of
the precipitates (58%), precipitate size distribution and lattice mismatch between y and y'. The
IN738LC has a serrated grain boundary structure with the sizes varying from 1-3 mm. The SEM

microstructure and grain mapping of the IN738LC are shown in Figure 4-1a.

The SEM microstructure of the second generation, single crystal alloy, N5 is shown in
Figure 4-1b. The alloy has a y/y' microstructure and contains a high volume fraction of monomodal
Y' (>60 %) precipitates with the average size of 0.5 um homogeneously distributed in the y matrix.
The N5 has a dendritic microstructure with eutectic phase. The dendritic regions were enriched in

Re and W and depleted in Ta and Al. The Ta and Hf segregated to the eutectic phase as carbides.

The microstructure of the directionally-solidified (DS) Rene 80 is shown in Figure 4-1c.
The alloy consists of ~ 70 % volume fraction of uniformly sized cuboidal y' precipitates with sizes
varying from 0.3-0.5 um in an austenitic, y matrix. The alloy contains 0.2 wt. % carbon in the form
of blocky MC carbides (M = Ti, W and Mo). These carbides occur within the grains and along the
grain boundaries and measure ~20 pm in size. Some of these carbides also dissociate at an ageing

temperature (843°C for 16 h) to form discrete M23Cs (M=Cr) grain boundary carbides [226].
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Figure 4-1. Initial SEM microstructures of all three Ni-based superalloys a) polycrystalline IN738LC, b) directionally solidified Rene
80 and c) single crystal N5 and corresponding grain mapping in d), e) and f) with planar mapping in g).




The samples were subjected to electron backscattered diffraction (EBSD) analysis to
identify the crystallinity of the samples and the results are shown in Figure 4-1d, 2e and 2f for
IN738LC, Rene 80 and N5 respectively. The representative planes are given to the right side of

Figure 4-1g.

4.2. Kinetics of cyclic oxidation

Each of the commercial alloys studied was cyclically oxidized in air for up to 1000 cycles (1116
h) at 900°C in order to understand the effect of alloying elements and microstructure on cyclic
oxidation performance. The specific mass change per unit surface area of the IN738LC, Rene 80
and N5 as a function of oxidation cycles (AW/A vs N) is shown in Figure 4-2. Because the
experiments were duplicated, the plot represents the average of the replicate experiments.
IN738LC and Rene 80 showed positive mass change for up to 300 cycles and 500 cycles
respectively, followed by a linear decrease into the negative slope region. The mass loss exhibited
in these alloys is believed to be due to oxide scale spallation. The Rene 80 degradation was severe,
approximately ten times more mass loss after 700 cycles than that of IN738LC under the same
conditions. However, the single crystal N5 maintained a positive mass change for the entire 1000
cycles and followed a general parabolic oxidation behaviour with minimum scale spallation and
rejuvenation. This parabolic behaviour is more readily seen later in Figure 4-4C.

The N5 alloy exhibited a maximum mass gain of 0.42 mg cm?; this might be due to the
formation of a thin and slow growing oxide scale on the surface of N5. Corresponding values for
IN738 and Rene 80 prior to spallation were 1.65 mg cm™ and 1.63 mg cm respectively. To
understand the effect of cyclic oxidation on all three alloys for up to 300 cycles, parabolic rate

constants, k, were calculated by plotting the square of mass change as a function of cycles




((AW/A)? vs N) as shown in Figure 4-3. The calculated parabolic rate constant, k, values for all
three alloys are summarized in Table 4-1; again the parabolic nature of the plots is more readily

seen in Figure 4-4C.
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Figure 4-2. Specific mass change of IN738LC, Rene 80 and N5 as a function of oxidation cycles
for up to 1000 cycles.
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Table 4-1. Calculated parabolic rate constants, kp for the three alloys for up to 300 cycles.

Parabolic rate constant, k, (mg? cm* s)

Alloy
Up to 300 cycles
IN738LC 9.71E-03
Rene 80 8.20E-03

N5 3.93E-05




4.3. COSP Modelling

To understand cyclic oxidation kinetics, the experimental cyclic oxidation results for the three
alloys were compared using the cyclic oxidation spallation program (COSP) developed by NASA-
[195]. The COSP-Monte Carlo model tracks the mass of oxide scale which grows and spalls in
each cycle. For cyclic oxidation, a spallation constant, Qo, of 0.000101 was determined for
IN738LC and 0.00015 for N5 by matching the experimental cyclic oxidation kinetics curves with
the best fitted cyclic oxidation kinetics curves obtained by COSP; this is shown in Figure 4-4. The
parabolic oxide scale growth type was then used to determine the rate constant and spallation
constant for both IN738LC and N5, Figure 4-4a and c respectively. However, for Rene 80, a
parabolic oxide growth rate could not be fitted; hence, a power law growth type was used and the
spall constant was found to be 0.0001 with the power, m of 1.35. From Figure 4-4b, it is seen that
the COSP-Monte Carlo fitted kinetics curve deviated from the experimental curve for Rene 80

after 700 cycles.
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Figure 4-4. Fitting of cyclic oxidation kinetics after 1000 cycles using the COSP- Monte Carlo
model a) IN738LC, b) Rene 80 and c) N5.




Although the scale spallation constant value of N5 was higher than that of IN738LC and
Rene 80, the difference is considered to be negligible due to less mass change. The parabolic rate

constants and the scale spallation constants for all three alloys are summarised in Table 4-2.

Table 4-2. COSP-Monte Carlo model results for IN738LC, Rene 80 and N5 after 1000 cycles.

Parameters IN738LC Rene 80 N5
Oxide scale Cr03 Cr03 AlLO3
Stoichiometric 3.1666 3.1666 2.1243
constant
Type of oxide growth Parabolic law Power law (m=1.35) Parabolic law
kp=1.62x102 k=1.12x102 kp=2.3x10"
Rate constant
( mg2 Cm-4 S-l) ( mg1.35 Cm-2.55 S-l) ( ng Cm-4 S-l)
Spall constant, Qo 0.000101 0.0001 0.00015

4.4. X-ray Diffraction

The oxides formed on the surface of the three superalloys were subjected to standard XRD to
identify the oxide phases. The primary oxides formed on the surface of IN738LC at the initial
stages of oxidation were Cr203, TiOz (rutile) and Ni(Cr, Al)204 spinel but no traces of NiO were
found for the entire 1000 cycles. The intensities for each oxide increased with an increase in the
number of oxidation cycles. Additionally, MoOs and NiMoO4 phases were identified on the surface
of Rene 80, whereas N5 showed an external Al>Os layer. The XRD peaks for the alloys taken at
different intervals of cyclic oxidation for up to 1000 cycles are shown in Figure 4-5 and the oxide
phases determined for all three superalloys are summarized in Table 4-3. The oxide peak intensities
varied for different time intervals due to scale spallation and the associated subsurface exposure.
The oxide phases found also agree with those reported by other researchers on the same alloys

[13], [223], [227], [228].
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Table 4-3. XRD analysis of oxide scale phases formed on IN738LC, Rene 80 and N5 from 1-

1000 oxidation cycles.

Phases Phases Phases
Alloy identified Alloy identified Alloy i dentified
TiOy
TiO2
Cr203 NiO
Cr203
IN738LC Rene 80  Ni (Cr,Al).Oq N5 Ni(Cr,Al)204
Ni
CrTi2Os Al>O3
(Cr,Al204
NiMOO4 Tax0s5
CrTi»0s
MoO3

4.5. SEM scale morphology and characterization - surface analysis

4.5.1. Surface analysis of IN738LC

Both the oxide scale composition and morphology changed significantly with an increase in cyclic

oxidation duration. The specimen exposed for one cycle exhibited a discontinuous oxide layer on

the surface with three distinct regions; one with no sign of oxide formation, one showing strong

peaks of Cr, Ni, O along with a detectable amount of Al, presumably corresponding to

Ni(Cr,Al)204 spinels and finally a Cr-rich oxide layer along the grain boundaries. The longer

oxidation cycles led to the formation of continuous layers of NiCr.O4, Cr.O3 and TiO on the

surface and the specimen exposed for up to seven cycles exhibited scale spallation in some areas.

Similar scale morphologies and compositions during isothermal oxidation for the same alloy were

also reported in an earlier work [26].




The EDS elemental mapping of the delaminated region after seven cycles as shown in
Figure 4-6 indicated that the scale spallation occurred at the scale/alloy interface. The bright region
(A) of the spalled area was rich in Ni, indicating substrate composition (Figure 4-6f). The darker
region (B) was rich in Cr along with a measurable quantity of Ti; both elements were associated
with oxygen suggesting Cr.O3 and TiO. formation. Further exposure led to the formation of

multiple and non-uniform oxide layers on the surface due to scale spallation and regrowth.




Figure 4-6. SEM elemental mapping of IN738LC scale spallation after seven cycles a) BSE image and b), ¢), d), e) and f) are O, Cr,
Ti, Al and Ni respectively.




The SEM and BSE surface morphologies after 100 and 1000 cycles are shown in Figure
4-7. From Figure 4-7a, the topmost layer consisted of Ti-rich oxide particles and a porous
Ni(Cr,Al)204 spinel layer. Most of the scale spallation was observed within the scale, i.e., at the
spinel/TiO2 and Cr20z3 interface as shown in Figure 4-7a and Figure 4-7b. The layer below the
spalled scale was found to be a dense Cr.Oz oxide scale, which is more resistant to scale spallation
compared to that of the spinel and TiO2. From Figure 4-7b, it is seen that the scale spallation
network occurred on the entire surface of the specimen as the oxidation cycles increased up to
1000 cycles. However, XRD and EDS surface analysis results did not reveal the presence of an

Al>O3 layer up to 1000 cycles.
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Figure 4-7. SEM- BSE surface morphologies of IN738LC showing scale spallation areas after a) 100 cycles and b) 1000 cycles.




4.5.2. Surface analysis of Rene 80

The Rene 80 samples, after one cycle, exhibited a uniform and transparent oxide layer as shown
in Figure 4-8. The corresponding EDS results revealed Ti-, Cr-, Ni- and Al-rich layers associated
with oxygen, which were identified as TiO2, Cr.Oz and the transient oxides NiAl2O4 and NiCr204
from the XRD analysis (Figure 4-5). Scale spallation was also observed in several areas on the
surface, exposing the substrate again to the oxidizing atmosphere as shown in Figure 4-8a. Most
of this spallation was observed at the scale/alloy interface. The transverse view of a specimen
surface after one cycle is shown in Figure 4-8b. Since Rene 80 is a directionally-solidified alloy
consisting of columnar grains, exposure of this alloy to cyclic oxidation conditions revealed grain
boundary oxidation. The grain boundary oxides were much thicker compared to that of surface
oxides suggesting grain boundary oxidation was more rapid relative to that of surface oxidation.
The EDS analysis of the darker islands of oxide scale along the grain boundaries in Figure 4-8

revealed Ti- and Cr-rich oxide phases.




X288, 1 @B

Figure 4-8. SEM- BSE surface morphologies of Rene 80 after one cycle showing a) oxide scale spallation and b) grain boundary
oxidation.




Further exposure resulted in the formation of complex oxides similar to those found for
IN738LC. The EDS analysis of a specimen surface after five cycles revealed the formation of a
Mo-rich oxide layer between the TiOz and Cr.Os scales as shown in Figure 4-9a. This phase was
identified as MoOz and NiMoOa as shown in the XRD analysis of Figure 4-5b. The respective
SEM-backscattered images displayed a significant amount of porosity and cracks within the scale,
Figure 4-9b. An increase in oxidation cycles increased the formation of this porous Mo-rich scale

on the surface.




Figure 4-9. SEM- BSE surface morphologies of Rene 80 after five cycles showing a) darker region TiO2 and Cr,03 scale and Mo-rich
scale (bright) and b) magnified view of Mo-rich scale.




The combination of thermal stresses, a porous oxide layer and weak adherence to the substrate led
to severe scale spallation after 600 cycles as shown in Figure 4-10a. The scale spallation continued
after 600 cycles and led to the significant mass loss, which was shown in the mass change as a
function of oxidation cycle curve in Figure 4-4b. The coherency between spalled and oxidation
kinetics can be seen by comparing Figure 4-4b and Figure 4-10. This scale spallation resulted in
bare matrix material being exposed to the environment as shown in Figure 4-10b. The EDS
analysis revealed that the brighter region A is substrate material with discontinuous Al>Os scale;
the dense and compact second layer (region B) is Cr.Oz and finally, the external layer on the

surface of region C is TiOx.
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Figure 4-10. SEM- BSE surface morphologies of Rene 80, a) Sizeable Mo-rich oxide scale spallation at oxide/oxide interface after
600 cycles and b) scale spallation at oxide/oxide/substrate interfaces. Region A — substrate with a dark discontinuous network of
Al203; Region B-Cr203 scale and region C-TiO; scale.
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4.5.3. Surface analysis of N5

The corresponding microstructure for N5 after one cycle was similar to that of Rene 80 after the
same duration. The EDS and XRD analyses indicated the presence of NiO and NiAl.O4; moderate
scale spallation was evident following one cycle. The appearance of the sample surface after 15
cycles was similar to that oxidized after one cycle. A close observation of this sample revealed

regions of both moderate and severe spallation; this is shown in Figure 4-11(bright regions).

lﬁ -

200 pm  e——

Figure 4-11. SEM- BSE surface morphology of N5 showing scale spallation regions after 15
cycles.
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Eutectic regions that were present on the surface were covered predominantly with the
oxides of Ta and Hf, imparting a somewhat uneven surface morphology. Since the majority of the
surface is not covered with eutectic, Al-rich oxides were identified in both dendritic and
interdendritic regions as shown in Figure 4-12a; with further increase in cycles, the majority of the
surface was covered by a mixture of Al, Ni and Cr also with a detectable amount of Ta. There was
also a subsequent increase in the thickness of the external Al.Oz scale. These Al,Os ridges form
during early cycles (up to 15 cycles) and will crack and spall off from the surface of the alloy as
shown in Figure 4-12a; compositionally the ridges are rich in Ni and Al, suggesting Al.Oz and
NiAlO4. A significant amount of scale spallation was observed in the eutectic region, i.e., around
the oxides of TaC and HfC as shown in Figure 4-12b. The oxide scale spallation observed in N5

occurred at the scale/alloy interface due to the presence of a thin and non-adherent NiAl>O4 scale.
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Figure 4-12. SEM backscattered surface morphology of N5 a) oxidation of eutectic region after 15 cycles and b) scale spallation
around the oxy-metal carbides in the eutectic region after 50 cycles.
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4.6. SEM scale morphology and characterization - cross-sectional
analysis

4.6.1. Cross-sectional analysis of IN738LC

The SEM cross-sectional microstructural observations of the oxide layers formed on IN738LC
after 1, 100 and 1000 cycles are displayed in Figure 4-13. From Figure 4-13, the alloy showed the
formation of both an external oxide scale and internal oxidation attack. The primary external oxide
scale after one cycle (Figure 4-13a) was not thick enough to resolve. However, the later cycles
suggested the presence of oxides Cr20s, TiO2, Ni(Cr, Al)204 (Figure 4-13b) and discontinuous
finger-like structures of Al2Os. The wrinkling and rumpling features of chromia scale extended up
to 100 cycles as shown in Figure 4-13b. This type of feature was generally observed in the Al2O3
scale, when the scale is relatively thin, typically about 0.5-1.5 um [185], [229]. Further increase in
oxidation cycles initiated cracks in the oxide scale, which later propagated resulting in scale
delamination. The adherent part of the oxide scale was mostly small amounts of Cr203, NiAl2Oa,

TiTaO4and Al,Os.
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Figure 4-13. SEM-BSE cross-sectional microstructures of IN738LC, a) one cycle b) 100 cycles and c) 1000 cycles.
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The morphology and the phases present in the scale varied significantly with increase in
cycles due to intergranular oxidation and severe scale spallation; further increase in oxidation
cycles resulted in extensive grain boundary oxidation, which led to initiation and propagation of
cracks into the substrate. This is evident in Figure 4-13c. From Figure 4-13, the subsurface
microstructure also revealed the formation of a precipitate free zone (PFZ), which resulted from
selective oxidation of Al from the y'-precipitates that act as an Al reservoir. A similar mechanism
has also been reported in other alumina-forming and chromia-forming alloys by a number of
researchers [22], [27]. An increase in cycles increased the dissolution rate of these precipitates
making the PFZ much thicker. The thickness of the PFZ was measured to be one micron at the

initial oxidation cycle, reaching a maximum of 10 microns after 1000 cycles.

The composition of the oxides at the intergranular region depended on depth in the alloy.
From Figure 4-14, EDS elemental mapping of the deep regions of the intergranular oxides was
always found to be Ti-rich and as the analysis progressed towards the external Cr.Oz scale/alloy

interface, the oxides transitioned from Ti-rich to Al-rich.
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Figure 4-14. The EDS elemental mapping of the grain boundary oxidation region in IN738LC after 50 cycles, where a) is the SEM
image and b), ¢), d), e) and f) are O, Al, Ti, Cr and Ni respectively.
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4.6.2. Cross-sectional analysis of Rene 80

The cross-sectional microstructures of Rene 80 after 1000 cycles are shown in Figure 4-15. By
comparing Figure 4-8 and Figure 4-15a, it can be concluded that grain boundary oxidation
occurred before surface oxidation. An increase in oxidation cycles led to the formation of multiple
oxide layers as displayed in Figure 4-15b. From EDS analysis, the layer beneath the external Mo-
rich oxide was determined to be rich in Cr and Ti, associated with oxygen, indicating the formation
of TiO2 and Cr20s. The morphology of the Mo-rich scale revealed a significant amount of porosity
and therefore it was less compact than Cr20s. As the cycles increased, this scale did not exhibit
good adherence, unlike the Cr.Oz and Al>Oz oxide scales and after 600 cycles, Rene 80 underwent
severe spallation. Most of the scale delamination and spallation occurred at the scale/alloy

interface, further exposing the substrate to the oxidizing atmosphere, as shown in Figure 4-15c.
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Figure 4-15. SEM-BSE cross-sectional microstructures of Rene 80, a) one cycle b) 600 cycles and c¢) 1000 cycles.
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Since Rene 80 consists of columnar grain boundaries, intergranular oxidation was observed
as shown in Figure 4-16. The depth of the grain boundary oxidation was approximately 40-50 pum,
which was similar to that observed in IN738LC. The grain boundary surface consisted of Cr-rich
oxides; the subsurface region of the grain boundary showed Al-rich oxides followed by Ti-rich
oxides deep into alloy matrix. The subsequent cracking of these grain boundaries is also shown in
Figure 4-16b; these cracks were severe compared to those found in IN738LC after the same

number of cycles.
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Figure 4-16. SEM-BSE microstructures of Rene 80 showing a) grain boundary crack initiation (100 cycles) and b) crack propagation
(300 cycles) resulting from grain boundary oxidation.
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4.6.3. Cross-sectional analysis of N5

Cross-sectional microstructures of N5 up to 1000 cycles are shown in Figure 4-17. The cross-
sectional microstructures for one to three cycles did not display a distinct oxide scale; however,
surface SEM-EDS analysis showed a thin transparent NiO layer and some spinel NiAl2O4
formation (Figure 4-11). The alloy exhibited excellent oxidation resistance due to the formation of
a thin, continuous Al.Oz oxide scale; there was no evidence of internal oxidation. The oxide scale

thickness was maintained for the entire 1000 cycles and was measured to be two microns thick.

The SEM analysis of the oxide scale revealed a characteristic three-layered structure as
shown in Figure 4-17b. Here, Ni- and Al-rich oxides characterized region A; region B was rich in
Al with a small quantity of Cr oxides and region C was Al-rich oxides. Further increase in
oxidation cycles resulted in complete NiO scale spallation, retaining Al>O3 alone. From Figure
4-17b and Figure 4-17c, the cross-sectional microstructures revealed buckling and voids at the
scale/alloy interface. This can be related to the sudden drop in specific mass change values
followed by scale rejuvenation, which was shown in Figure 4-4c. The EDS analysis of the bright
region on the external oxide scale in Figure 4-17c displayed the presence of Ta-rich layer
associated with oxygen, which was found to be Ta,Os form XRD analyses. The specimens also

exhibited void formation below the thin Al>Os scale.
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Figure 4-17. SEM-BSE cross-sectional microstructures of single crystal N5 a) one cycle b) 100 cycles and c) 1000 cycles.
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As mentioned in the surface morphology section for N5, the alloy contains a significant amount
of MC carbides in the interdendritic areas, which were identified as being Ta-rich eutectic regions.
The selective oxidation of these regions occurred all over the surface to form Ta-Hf-rich oxy-
carbide phases. The cross-sectional microstructure and corresponding elemental mapping of these
regions are shown in Figure 4-18, where the Ta and Hf carbides are completely oxidized and an
Al-rich oxide scale is formed beneath. Further increase in oxidation cycles led to the formation of
micro-cracks and splitting of the oxy-carbides followed by delaminating from the Al>Os scale at

the scale/alloy interface as shown in Figure 4-19.
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Figure 4-18. a) SEM-BSE cross-sectional microstructure of MC carbide region in N5 after 100
cycles and b), c), d), e) elemental maps of O, Al, Ta and Ni respectively.

Ta-Hf
carbide

Figure 4-19. SEM-BSE cross-sectional microstructure of MC carbide in N5 showing micro-
crack and carbide splitting.
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4.7. Effect of cooling rate

To understand the effect of microstructural factors such as precipitate size, morphology, volume
fraction as well as composition on oxidation and corrosion behaviour, alloy IN738LC was
subjected to different cooling rates from solutionizing temperature such that a monomodal
precipitate distribution was obtained. The results of the different cooling rate experiments are as

follows:

4.7.1. Precipitate size distribution for as-received material

The microstructure and the precipitate size distribution (PSD) of the solution treated (as-received)
IN738LC material are shown in Figure 4-20. The material consisted of a bimodal precipitate
distribution with large cuboidal shaped primary y' and small spherical shaped secondary y'. The
ImageJ software was used to determine the volume fraction and the average ' size of the as-
received material; these were found to be approximately 58 + 1% and 274 nm respectively. The
PSD revealed that the majority of the precipitates was less than 350 £ 15 nm. However, the

equilibrium volume fraction of y' at 20°C obtained from JMatPro was about 50%.
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Figure 4-20. a) SEM microstructure and b) The precipitate size distribution of as-received IN738LC.
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4.7.2. Continuous cooling precipitation

Figure 4-21 shows the precipitate size distribution for the samples cooled from 1200-800°C at four
different cooling rates. All four cooling rates revealed monomodal precipitate size distribution
with the precipitate sizes varying from 50nm to 800nm. The water quenched (WQ) specimens
exhibited the smallest precipitate size (50 £ 5 nm) with a spherical morphology as shown in Figure
4-21, which is the same order of tertiary gamma prime size in RR1000 [230]. However, there were
no tertiary precipitates found in any of the present cooling rate samples. Since the number of '
precipitates per unit area was higher in WQ (3000 °C/min) specimens, necking was observed
between them. Figure 4-21b is an image of the 150 £ 10 nm precipitates formed from the 50°C/min
cooling rate. These are similar to the secondary precipitate size in the bi-modal PSD specimen
shown in Figure 4-20. The 150 *+ 10 nm sized y' precipitate morphology was found to be spherical
similar to those of precipitates found in the WQ specimens. The 5°C/min and 2.5°C/min specimens
shown in Figure 4-21c and Figure 4-21d exhibited large cuboidal precipitate morphology with
sizes of 400 = 10 nm and 800 £ 10 nm respectively. The ImageJ analyses of the different cooling
rate specimens suggested that the volume fraction of y' precipitates increased with an increase in

cooling rate as shown in Figure 4-22.

Despite the presence of secondary precipitates, the standard aged alloy displayed lower
volume fraction y' precipitates compared to other cooling rate specimens. The corresponding
results are tabulated in Table 4-4 and the quantitative image analysis results are shown in Figure
4-23, which presents histograms of the probability distribution of the y' precipitate sizes for each
cooling rate assessed, where N on Figure 4-23 indicates the number of precipitates used for the
measurement. The precipitates in all the samples appeared to conform to a monomodal size

distribution.
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Figure 4-21. SEM microstructures of IN738LC cooled at a) 3000°C/min, b) 50°C/min, c)
5°C/min and d) 2.5°C/min.
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Figure 4-22. The volume fraction of y' as a function of cooling rate for IN738LC.

Table 4-4. Summary of y' precipitate size (nm) and volume fraction (%) as a function of cooling

rate.

Specimen Cooling rate (°C/min)  Precipitate size (nm)  Volume fraction (%)
A Aged 100-500 58
B 3000 50+5 73+2
C 50 150 + 10 68 + 10
D 5 450 + 10 63+ 10
E 25 800 + 10 60 + 10

121



IOO | 1 ] I ] T |l Ll ] ] T T . T v T o T T
Standard Aged (A) -

3000°C/min (B)

N=387 T
N=26
> P
5 2
= =
(7} o
: S
] 2
= =
00 02 04 06 08 10 12 1.4 1.6 1.8 20 0.045 0.048 0.050 0.053 0.055 0.058 0.060

Precipitate Size (um) Precipitate Size (um)

50°C/min (C)

N=064
6

-
-y g
23 L
S =
g4 2
= =~

0.13 0.14 0.15 0.16 0.17 0.0 0.1 0.2 0.3 0.4 0.5 0.6

Precipitate Size (um) Precipitate Size (pum)

80 T d T T T T T M T M T

~
=
T

2.5°C/min (E)

o2
(=]
T

N =248

Frequency
B wn
(=] (=]

Lo
(=]

0.5 0.6 0.7 0.8 0.9 1.0

Precipitate Size (um)
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The respective TEM dark field microstructures are shown in Figure 4-24. From Figure
4-24, the inter-precipitate distance was found to decrease and precipitate number density increase
with an increase in cooling rate (i.e., decrease in y' precipitate size). These results are summarized
in Table 4-5. The corresponding size-dependent compositions of the y' precipitates analysed using

STEM-EDS are shown in Figure 4-25.

The reported compositional data are the average of 15-20 precipitates and the +/- is the
standard deviation with a 95 % confidence level. The compositional analyses revealed a higher Al
content in smaller y' precipitates that obtained from specimen B and the concentration decreased
with increasing precipitate sizes, whereas the y stabilizing elements such as Co and Cr were found
to increase with increasing precipitate size. The highest Al was measured to be 6.2+0.6 wt.% in
the spherical precipitates formed by specimen B, compared to 4.5 = 0.3 wt.% Al in the larger
cuboidal precipitates formed by specimen E. In contrast, the compositional data for specimens B
and E showed minimal compositional variations in Ti, i.e., 6.2 + 0.8 wt. % and 7.1 + 0.9 wt. %

respectively.
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Figure 4-24. TEM dark field images for the different cooling rates a) 3000°C/min, b) 50°C/min,
¢) 5°C/min and d) 2.5°C/min.
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Table 4-5. Inter-precipitate distance and precipitate density as a function of cooling rate.

Specimen Cooling rate Inter-precipitate Precipitate number density
(°C/min) distance (nm) (number of ppts./um?)
B 3000 25 12800 £ 500
C 50 65 1850 + 54
D 5 220 100+5
E 2.5 250 84 +3.27
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Figure 4-25. Compositions of y' precipitates as a function of precipitate size as determined using
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STEM-super X-EDS spectroscopy.
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4.7.3. Effect of y' size on oxidation behaviour

To understand the influence of precipitate size on the oxidation behaviour and the PFZ thickness
of IN738LC, the specimens were exposed to isothermal and cyclic oxidation at four different

temperatures.

4.7.3.1. Kinetics of isothermal oxidation of IN738LC

Figure 4-26 illustrates the specific mass change of specimen A with bi-modal y' PSD as well as
monomodal y' PSD specimens B, C, D and E with sizes of 50 + 5, 150 £ 10, 450 * 10, and 800 *
10 nm, respectively, as a function of isothermal oxidation at 750, 850, 900, and 950°C in static air.
A close observation of the specimens and the weight change plots revealed no spallation during
the entire 150 h. It was apparent that the oxide growth rate of specimen B was more rapid relative
to that of specimen E at 750°C. However, these differences reduced as the temperature was
increased to 950°C. Also, the calculated specific mass gain of all specimens tested at 750°C was

approximately 25% of those obtained at 950°C.

126



] ] ] ] L] ] L] L] ] ] ) ] ] ] T T ] T
0.35 | ——Aged (A) - T 0.8 —m—Aged(A) o
- O -3000°C/min (B) S 0.7 L =© ~3000°C/min (B) _-""A
2 030F - A 50°C/min (C) o’ A 1% | -4 s0cminc) a- ..
5 -0~ 5°C/min (D) -7 - S 0.6 F =O- 5°C/min (D) P
= 025+ PR 7 4 = PRt ,7.A
£ =< 2.5"C/min (E) o = Q= 2,5 C/min (E) :
< N S A T
0 020 40 } 2T AT e
=1 2 I ReetT o T
Z £ 04r
2 015+ I I
4 g03f
-% 0.10 ll u-% Gl
9 =
2 005+ 4 g
-3 [ 201t
0.00 + . 0.0+ 850°C b) .
_0-05 1 1 L 1 1 1 1 1 L .O'I 1 1 L 1 1 1 1 1 1
20 0 20 40 60 80 100 120 140 160 20 0 20 40 60 80 100 120 140 160
Oxidation duration (h) Oxidation duration (h)
T Ld T T T T T T T T l-6 T T T % T T T T T T
20k —— Aged (A) I r —i— Aged (A) o
“71 =0 -3000°C/min (B) 0 14 F ~ 0 -3000°C/min (B) o
<A~ 50°C/min (C) P\ i [ -A- 50°C/min (C) BT A
- - O~ 5°C/min (D) G o . | -O- 5°C/min (D) 3 ,2. L.
P O 2.5°C/min (E) A 7 1.0 =< 2.5°C/min (E) TS
.................... 0.8 |-
10+ . -

e
wn
I

Specific mass change (mg/cm’)

Specific mass change (mg/cm’)

04 F

i 1l oo}
o 950°C d) [ 900°C ¢)
L A 1 A 1 A 1 A 1 A L L 1 A L .2 A 1 A 1 A 1 A 1 A 1 A L 1 1 L

=20 0 20 40 60 80 100 120 140 160 =20 0 20 40 60 80 100 120 140 160

Figure 4-26. Plots of specific mass change as a function of isothermal oxidation duration for five
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heat-treated conditions for IN738LC at a) 750°C, b) 850°C, ¢) 900°C and d) 950°C.
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The relationship between specific mass change and oxidation duration of all specimens followed
a parabolic rate law. The parabolic rate constants, kp for the different cooling rates were calculated
from the linear relationship between mass change and square root of oxidation duration; these are
listed in Table 4-6. The higher parabolic rate constant for specimen B suggested the least oxidation
resistance relative to specimen E. The growth rate for specimen A was found to fall between

specimens C and D (150 nm and 450 nm v', respectively).

Table 4-6. A summary of isothermal oxidation rate constants, kp, for the different heat treatment
conditions as a function of temperature.

Rate constants, ke (mg?cm™s™)

Temp.
(°C) A B C D E
750 3.16E-04 8.11E-04 5.02E-04 2.75E-04 1.32E-04
850 2.21E-03 4.09E-03 3.45E-03 1.84E-03 1.49E-03
900 8.47E-03 1.30E-02 1.11E-02 6.98E-03 5.30E-03
950 1.59E-02 2.41E-02 2.04E-02 1.39E-02 1.21E-02

4.7.3.2. Isothermal oxide characterisation of IN738LC

Typical surface morphology and elemental line scan analysis of specimen A after 150 h of
oxidation at 950°C in static air are shown in Figure 4-27. The oxide morphologies that developed
on the surface of specimen A consist of multiple layers of oxides with a continuous external scale,

internal oxidation in the subsurface zone, followed by a y' PFZ. An Energy Dispersive X-ray
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Spectroscopy (EDS) signal intensity for Ti in the outermost surface matches well with that of
oxygen, indicating that the top layer is composed of a Ti-rich oxide. Beneath this layer, a Cr-rich
oxide layer was observed. The thin layer beneath the chromium oxide layer was found to be a
mixture of Ni, Cr, Al and O confirming a spinel, Ni(Cr, Al)204 and Ti- and Ta-rich oxide layer.
The EDS signal intensity of discontinuous finger-like structures was rich in alumina. From Figure
4-27, Al depletion in the subsurface region was also observed. The EDS point analysis of the Al-

depleted region showed a significant reduction in Al concentration from 3.4wt. % to 0.2wt. %.
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Figure 4-27. Elemental mapping showing the distribution of alloying elements for the standard aged IN738LC specimen (A) after 15 h
of isothermal oxidation at 950°C in static air.
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In order to understand the effect of y' precipitate size, composition and volume fraction on
oxidation kinetics as well as on depth of the y' PFZ, specimens A, B and E were subjected to SEM
microstructural analyses and the results are shown in the cross-sectional images in Figure 4-28.
From the figure, it can be seen that specimen E (i - I) has similar oxide morphologies to those of
specimen A (a - d) at all temperatures under isothermal conditions. However, the depth of the '
PFZ is much larger in specimen A compared to specimen E. Additionally, the internal oxidation
zone (10Z) was more pronounced in soecimen A, whereas specimen E showed a smaller depth of

I0Z and a denser external Cr.O3 layer.
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Figure 4-28. SEM-BSE cross-sectional microstructures of specimen A after 150 h isothermal oxidation at a) 750°C, b) 850°C, c)
900°C and d) 950°C; specimen B after 150 h at, e) 750°C, f) 850°C, g) 900°C and h) 950°C; specimen E after 150 h at i) 750°C,
J) 850°C, k) 900°C and I) 950°C.
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On the other hand, specimen B showed the formation of a cluster of oxide particles at the
air/alloy interface (without the outer oxide scale) at 750°C after 150 h. As the temperature
increased, specimen B revealed the formation of discontinuous and denser finger-like structures
of oxides at the subsurface zone. The 10Z was found to be significantly thicker in specimen B
compared to specimen A and E at all temperatures. Therefore, it is assumed that increasing the

cooling rate increases the volume fraction of 10Z.

Since all specimens were prepared from IN738LC, which is a chromia former, it was
expected that specimen B would have a thicker external scale similar to specimen A and E;
however, it showed a thinner outer scale. Figure 4-29 illustrates the elemental distribution using
EDS mapping. The EDS mapping of specimen B after 150 h at 950°C in air revealed that the
external thin scale consists of Cr.0O3 and TiO> with an Al>Oz layer at the subsurface zone. Overall,
specimen B showed relatively low oxidation resistance, while the depth of y' PFZ was twice that

of specimen E and 0.86 times specimen A.
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Figure 4-29. EDS mapping for the distribution of elements in the oxide region in specimen B after 150 h at 950°C a) SEM
microstructure, b) oxygen, c) titanium, d) chromium, e) aluminum and f) nickel.
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4.7.3.3. Kinetics of cyclic oxidation of IN738LC

The cyclic oxidation results for specimens A, B, C, D and E (Table 4-4) are shown in Figure 4-30,
where specific mass change is plotted as a function of oxidation cycles at 750, 850, 900 and
950°C. The mass change behaviour during cyclic oxidation was similar to the isothermal tests at
all temperatures. Specimen B showed a higher mass gain at all temperatures compared to other
specimens. No scale spallation was observed during the entire oxidation tests for specimens A,
C, D and E. However, specimen B displayed a small drop in mass after 100 cycles at 950°C,
which can be attributed to scale spallation. The relationship between the square of mass change
(mg?/cm*) and oxidation duration (number of cycles) revealed that all specimens followed a
parabolic rate law. The parabolic rate constants, kp, for all specimens at different temperatures in

static air were calculated on the basis of 150 cycles and are tabulated in Table 4-7.
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Figure 4-30. Plots of specific mass change as a function of oxidation cycles for five different
heat-treated conditions for IN738LC at a) 750°C, b) 850°C, ¢) 900°C and d) 950°C.
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Table 4-7. Summary of cyclic oxidation rate constants, kp, for the different heat treatment

conditions as a function of temperature.

Rate constants, ke (mgZcm™s™)

Temp.
(°C) A B C D E
750 4.30E-04 7.59E-04 5.02E-04 2.75E-04 1.37E-04
850 3.28E-03 4.09E-03 3.47E-03 2.45E-03 1.67E-03
900 1.05E-02 1.30E-02 1.11E-02 6.68E-03 5.93E-03
950 2.58E-02 3.05E-02 2.76E-02 1.68E-02 1.61E-02

4.7.3.4. Cyclic oxide characterisation of IN738LC

Cross-sectional SEM-Backcattered Electron (BSE) microstructures of the oxide scales developed
on specimens A, B and E are shown in Figure 4-31. The oxide morphologies were similar to those
found in the isothermal tests; an external Cr2Oz and TiO2, spinel, thin Ta- and Ti-rich oxide scale
beneath the outer scale and an internal oxide scale of Al>Os. The internal oxidation during cyclic
oxidation had occurred to a greater depth than for the isothermal tests. Specimens A and E revealed
no distinct oxide scale formation at 750°C after 150 cycles, whereas specimen B showed a

measurable amount of oxide scale on the surface under the same conditions. Specimen A

developed the thickest outer Cr2O3 scale followed by specimen E at 850, 900 and 950°C.
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Figure 4-31. SEM-BSE cross-sectional microstructures of specimen A after 150 cycles of cyclic oxidation at a) 750°C, b) 850°C, c)
900°C and d) 950°C; specimen B after 150 cycles at, €) 750°C, f) 850°C, g) 900°C and h) 950°C; specimen E after 150 cycles at i)
750°C, j) 850°C, k) 900°C and I) 950°C.
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4.7.4. Effect of y' size on corrosion behaviour of IN738LC

To assess the relationship between the corrosion resistance and precipitate size, aqueous corrosion
experiments were conducted at room temperature. The potentiodynamic polarization
measurements for the corrosion of 3000°C/min (specimen B) and 2.5°C/min (specimen E) samples
were carried out in three different aqueous solutions: 0.5M NaCl, 0.5M HCI and 0.1M H>SO; at
room temperature; these are shown in Figure 4-32a-c respectively. From Figure 4-32a, it is clear
that neither specimen exhibited a passive layer in 0.5M NaCl solution. However, they showed
small passivation regions in 0.5M HCI, as shown in Figure 4-32b. Even though specimen B had
lower critical current density, icit and passivation current density, ipass than specimen E in 0.5M
HCI, it did not display any passivation region for up to 0.03 A/cm?. However, specimen B later
showed a small passivation range of 0.265 V against 0.7 V for specimen E. On the other hand,
both specimens displayed good passivation range of 0.71 V and 0.8 V for specimens B and E
respectively in 0.1M H>SO4 (Figure 4-32c). Overall, the chloride environment was much more
aggressive compared to the sulphate environment for both specimens. As well, it is clear that the
polarization curves for specimen B are shifted to the higher current density region compared to the
slow furnace cooled specimen E in all three solutions. A summary of the corrosion data is tabulated

in Table 4-8.
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Figure 4-32. Potentiodynamic polarization curves for the corrosion of 3000 (B) and
2.5°C/min (E) specimens at room temperature in: a) 0.5M NacCl, b) 0.5M HCl and ¢) 0.1M

H2SO4.
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Table 4-8. A summary of potentiodynamic polarization results for specimens B and E.

0.5M NaCl
Specimen
Ecorr (V) icor (A/cm?) icrit (A/ecm?) ipass (A/cm?) AEpass (V)

B 0.33 4.10E-06 - - -

E 0.22 3.00E-07 - - -
0.5M HCI

B 0.19 6.50E-05 2.60E-03 0.8E-04 0.265

E 0.22 3.00E-05 2.80E-03 2.00E-04 0.7

0.1M H2504
B 0.19 1.30E-05 6.50E-05 8.00E-06 0.71
E 0.26 3.00E-06 2.80E-05 1.30E-05 0.8
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Chapter 5 Discussion

5.1. Cyclic oxidation Kkinetics of the three candidate alloys

The oxidation kinetics of N5 obeyed the parabolic law for the entire 1000 cycles; this behaviour
showed that diffusion of reactive species controlled the oxidation kinetics, i.e., cations and anions
through the oxide scale and/or in the alloy. Onal et al. [231] reported similar behaviour during
cyclic oxidation of N5 at 900°C for up to 3500 cycles. The IN738LC and Rene 80 alloys initially
exhibited positive weight change and then transitioned to negative after 300 and 600 oxidation
cycles respectively; the mass gain is mainly due to scale growth on the alloy and the mass loss

corresponds to oxide scale spallation.

From the XRD and EDS results, both IN738LC and Rene 80 alloys formed a thick Cr.Oz layer,
whereas N5 showed thin and continuous Al>Osz scale on the surface. The microstructures observed
in the present study are analogous to the findings of Geng et al. [232], Bensch et al.[20] and Cade
et al. [223] for the same alloys. However, in contrast to the present study, Nowak et al. [233]
reported no MoQ3 scale formation on the surface of Rene 80 during oxidation at 1050°C in air for
up to 100 h. This might be due to volatilization behaviour of MoO3 at that temperature; Tei et al.

[160] reported that the MoOs is volatile above 795°C and sublimates at 1155°C.

The parabolic rate constant for chromia-forming IN738LC and Rene 80 alloys (for up to 300
cycles) was calculated to be approximately 30 times higher than for N5, an Al.Osz former for the
same number of cycles. Generally, below 1000°C Al>O3 will exist in all its allotropes (y, 6 and 0
phases), which are unstable and therefore considered to be non-protective [234], [235]. Hence,

Cr20z is preferable at these temperatures. However, in the present work, N5 exhibited a continuous
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oxide layer throughout the 1000 cycles, which served as an effective cation diffusion barrier. This
is likely due to the transformation of the allotropic phase to stable a- Al2Os, which exhibits low

diffusivity for both cations and anions resulting in a reduced oxide growth [179].

Sato et al. [236] also recorded formation of an a- Al.O3 scale during oxidation of single crystal
alumina-forming alloys at 900°C in air and Swadzba et al. [237] studied the effect of temperature
ranging from 1050 to 1150°C for 100 h on the alumina phase and composition in a second
generation single crystal superalloy. The latter authors concluded that an increase in temperature

increased the 0-Al,O3 transformation to a-Al2Os.

The cyclic oxidation rate values for all three alloys after 300 cycles were two orders of
magnitude higher than that of isothermal oxidation values at same temperature after 1000 h and
has been reported [26], [223]. This is in agreement with the results reported by Bensch et al. [20]
for IN738LC and N5 alloys. Finally, Taylor et al. [238] have reported a kp value of 3.13x10°® mg?
cm* st for oxidation of chromia-forming alloy RR1100 in air at 900°C, whereas Nowak et al.
[233] recorded an instantaneous k, value of 4.7 x10° mg? cm™ s for Rene 80 during isothermal

oxidation at 1050°C in air after 50 h.

The cyclic oxidation of N5 experienced a transient oxidation behaviour at the initial stages
(50 cycles) followed by steady-state oxidation. A similar behaviour in alumina-forming alloys has
also been reported by a number researchers [179], [198], [239]. In the present work, the slope of
the transient stage was greater than that of the steady-state stage, explaining the higher initial
oxidation rate; this decreased once the steady state was reached. The transient growth rate was
found to be 1.8 x 10 mg? cm™ s up to 29,400 s and further increase in exposure duration
decreased to 1.53 x 104 mg? cm™ s, The decrease in the rate constant was found to be due to the

formation of Al.O3 along with spinel (Ni(Cr,Al)204). Smialek [228] has also reported that the
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transient oxides always take a spinel form. The author also suggested that a decrease in the amount
of transient oxidation and an increase in stable continuous Al>Osz results in an increase in oxidation
resistance. This transient oxidation proceeded until a thermodynamically stable continuous single
oxide scale formed on the surface; this lowers the dissociation pressure of oxygen, Py, at the
scale/alloy interface. Further increase in the number of cycles led to other rapidly diffusing cations
such as Ta to move from the substrate and subsequently oxidize forming Ta20Os, as evident by the
bright layer in Figure 4-17c. Pint et al. [240] reported a similar type of Ta and Hf rich oxide
particle segregation at the scale/alloy interface. Finally, a dense, compact Al.Oz layer will form
beneath all scales. This layer offers the best high-temperature oxidation resistance, with an

equilibrium Py, of 5 x 10 atm. [3].

There was no evidence of a transient oxidation stage for either IN738LC or Rene 80 under the
same conditions. The oxides formed at the transient stage on the surface of IN738LC and Rene 80
might have continued from the steady state; however, there was no change in slope to distinguish

the transient state and steady state.

According to the scale spallation results, the alloys are ranked from best to worst: N5 >
IN738LC > Rene 80. The initial scale spallation in IN738LC and Rene 80 was observed at the
scale/alloy interface and later within the scales as shown in Figure 4-6 and Figure 4-8. Barrett and
Lowell [241] studied oxidation kinetics and spallation behaviour of 25 chromia-forming alloys
and concluded that the majority of scale spallation occurs due to the formation of spinels as a result
of increased brittleness of the oxide scale. However, in the present work, the majority of scale
spallation in IN738LC and Rene 80 was observed at the TiO2/Cr203 and MoO3+Ti02/Cr203
interfaces respectively. The Rene 80 and IN738LC alloys showed the most significant amount of

scale spallation by undergoing breakdown mass loss kinetics after 600 and 300 cycles respectively.
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On the other hand, the small amount of spallation in N5 was observed at the scale/alloy
interface. The alloy continuously displayed iterative spallation and rejuvenation behaviour for up
to 1000 cycles. Unlike IN738LC and Rene 80, N5 did not undergo breakdown mass loss for the
entire 1000 cycles. A similar analysis by Pint et al. [240] on N5 also reported no severe scale
spallation. However, in the same work, the authors reported abrupt mass change due to the
spallation of the NiO layer from the surface. McVay et al. [242] reported that the alumina scale
must exhibit good adherence in order to confer protection from further oxidation. Pint et al. [243]
reported an increase in scale adhesion property in alumina-forming alloys by co-doping more than
one reactive element such as Hf, Y and La. However, in the present work, the presence of Hf in
eutectic carbides resulted in scale spallation (Section 5.3.3. Tantalum and Hafnium). The
microstructural observation of all three oxidized alloys agrees with measured weight change data.
For example, the severe scale spallation microstructure of Rene 80 (Figure 4-10) can be correlated
with the negative slope of specific weight change as a function of oxidation cycles curve (Figure
4-4b). The spallation rates (Table 5-1) after breakdown oxidation indicated that IN738LC and

Rene 80 formed less protective scales after breakdown.

Table 5-1. Spallation rates after breakdown oxidation in IN738LC and Rene 80.

Alloy Rate (mg? cm™ h)
IN738LC -3.69 x 1073
Rene 80 -2.3x 1072

NS -
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5.2. Cyclic oxidation modelling

The experimental data from the cyclic oxidation experiments for IN738LC were fitted to the
COSP-Monte Carlo model to calculate rate kinetics and the fraction of scale spalled in each cycle.
The computer-simulated results were presented in Figure 4-4a. From the figure, the best fit for
IN738LC was a parabolic relationship with k, = 1.6x1072 (mg2.cm™.hr) and Co/Cm = 3.85 (Co is the
cycles required to for specific weight gain reaches zero and Cn, are the cycles to reach maximum
weight gain). A spallation constant, Qo, of 0.0001 cm? mg™* was determined for IN738LC. The
fraction of scale spalled was also calculated from the model and found to be 0.07% of total scale
weight; the final mass of scale retained was calculated to be 8.83 mg cm after 1000 oxidation
cycles. The alloy showed a maximum weight gain of about 1.5 mg cm™ at 200 cycles followed by
zero crossover at 854 cycles. The number of cycles for zero crossover can be considered as a life
expectancy for the alloys at those conditions. Therefore, the results for IN738LC showed that the
alloy could withstand a maximum of 854 cycles before material loss exceeds rejuvenation under

the experimental conditions employed.

For Rene 80 the test results showed severe scale spallation after 600 cycles. Here parabolic
oxide growth rate using the COSP-Monte Carlo model did not provide a good fit. However, the
power-law using an average stoichiometry constant of 3.4162 (NiMoO4 and MoQ3), where MoOs3
and NiMoO4 were the major oxides spalled gave the best fit for up to 700 cycles and thereafter
deviated from the experimental data. Thus, the COSP-Monte Carlo model could not take into
account sudden increase in weight loss due to severe MoO3z/NiMoOjs spallation. The oxidation rate
constant from this model was determined to be k = 1.12x10°2 (mg?.cm™.hr) and using the power

law with m =1.5, gave Co/Cm = 3.22. A reasonable fit to the experimental data was found when
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the value of a was unity in equation 31 (section 2.24.2), where o is an exponent of the dependence

of fraction of oxide spalled, F and specific mass of oxide before cooling on each cycle, W}’;.

In the present work, the best curve fit for the Rene 80 cyclic oxidation experimental data
was found when o was increased from unity to 2. The rate constant, k was then determined to be
7.75x102 (mg?.cm™.hr) at m=1 and the ratio Co/Cm Was determined to be 2.28 for the best fit as
displayed in Figure 5-1. The model calculated the scale spallation constant, Qo to be 0.000112 cm?
mg? and the fraction of oxide spalled to be 0.21%. The fraction of oxide-spalled value is
significantly higher than that found for the other chromia-forming alloy IN738LC, suggesting

severe scale spallation in Rene 80 as was found experimentally.
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Figure 5-1. Fitting of cyclic oxidation kinetics for Rene 80 after 1000 cycles using the COSP-
Monte Carlo model when o = 2.
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Since N5 exhibited parabolic weight change behaviour with minimal scale spallation, the
parabolic growth rate was used to determine the rate constant and spallation constant (Figure
4-4c). The rate constant was determined to be, ky = 2.8 x 10 (mg?.cm “.hr) with spallation
constant, Qo of 0.0003 cm? mg™. The alloy took 498 cycles to reach a maximum weight gain of
0.33 mg cm™? and exhibited 11 times slower scale growth rate compared to that of IN738LC and
Rene 80 under the same conditions. The measured and calculated maximum weight gain values
are in good agreement with the findings of Onal et al. [244] for the same alloy. Since N5 is an
alumina-former and the Al>Os scale had good adherence behaviour, the fraction of oxide spalled
was found to be very low, i.e., 0.03% compared to the two chromia-forming alloys IN738LC and
Rene 80 with 0.07% and 0.21% respectively. The accuracy of the model is addressed by calculating
the standard error of the estimate between the experimental and modelled data and was calculated
to be 0.104 for IN738LC revealing a good fit compared with reasonable fits for N5 and Rene 80

(error values of 0.4 and 0.7 respectively).

5.3. Effect of alloying elements on cyclic oxidation

5.3.1. Titanium

Earlier research on the effect of Ti concentration on chromium activity using JMatPro modelling
suggested that an increase in Ti resulted in an increase in chromium activity and subsequent
increase in oxidation rate [13]. The present work also agrees with the JMatPro results. The addition
of more than critical Ti wt. % would result in metal-deficient, i.e., p-type Cr203 by Ti** ions [245].
An alloy containing 1 wt. % Ti would have a lower chemical activity of Cr than an alloy with

higher Ti. Higher Cr activity results in a higher oxidation rate by increasing the gradient of
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chromium and oxygen activity across the external scale. Additionally, TiO2 has a higher coefficient
of thermal expansion, 8.4-11.8E-6 C™ [246] compared to that of Cr,0O3, 5.86 - 8.12E- 6 C* [247];

this difference is expected to result in the severe scale spallation found.

5.3.2. Molybdenum

The extent of scale spallation was most severe in Rene 80, which had the highest Mo content.
Significant Mo-rich oxide scales were visible, both on the surface and on cross-sectional
microstructures. These were shown in Figure 4-9 and Figure 4-15b. From XRD and EDS analysis,
these Mo-rich layers contained high volume fractions of Mo-oxides, such as MoO3z and NiMoOa.
Since Mo requires a lower partial pressure of oxygen to form its oxide compared to the other
elements present, Mo will selectively oxidize to form MoO3/NiMo004[228]. The formation of these
Mo-oxides adversely affected the oxide scale density, which eventually decreased the oxidation
resistance. Additionally, the melting temperature of MoOs is ~795°C [248] and the maximum
temperature for each cycle in the present study was 900°C. Therefore, the MoOz will start
vapourizing and eventually create porosity on the Mo-rich oxides as shown in Figure 4-9b. This
porosity acts as a rapid diffusion path for cationic and anionic migration across the oxide scale to
the alloy, which further enhances the oxidation. Further increase in oxidation cycles led to a

continuous layer of Cr.O3 and TiO,, covering the MoOs as shown in Figure 4-10.

The catastrophic spallation after 600 cycles in Rene 80 may be attributed to increasing stress
within the oxide scale due to volume change. The growth stresses generated by the formation of
MoOs can be estimated knowing their Pilling-Bedworth ratio (PBR), which is the ratio of the
volume of oxide to the volume of metal consumed to form an oxide [3], [7]. The PBR for MoO3s/Mo

was calculated to be high, 3.29, and therefore significant internal compressive stresses would be
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expected to develop, leading to cracking and a reduction in the adhesion between the oxide scale

and substrate, resulting in the severe scale spallation noted.

5.3.3. Tantalum and Hafnium

Alloy N5 contained significant amounts of Ta and Hf carbides in the eutectic regions. These
carbide phases increase the strength of the alloy but are also prone to oxidation [249]. If the
carbides are located at the metal surface, they undergo selective oxidation. The carbide oxidation
mechanism is different from that of matrix oxidation. The oxide formed during matrix oxidation
forms a protective scale, whereas the oxides formed on the carbides are non-protective [250]. The
interface between the oxide and carbide is more vulnerable to scale spallation. The oxidation of
Ta causes a substantial volume change, i.e., TaCpgr = 2.23. The combined effect of different
oxidation rates and a large volume change generates a high shear strain at the matrix oxide and
oxy-carbide interface as shown in Figure 4-18. The increase in thermal cycles aggravates this
process, resulting in cracks and de-cohesion of the oxide scale. In agreement with the present work,

Pint et al. [178] reported that the presence of Ta does not enhance the life of the oxide scale.

Another cause of scale spallation was the presence of micro-cracks in the oxy-carbides.
These micro-cracks propagate at the scale/alloy interface with an increase in thermal cycles
resulting in complete delamination of the oxide scale around it. On the other hand, they also lead
to internal oxidation around the carbide particles as shown in Figure 4-19. A similar oxidation

mechanism has been reported in other works [251].
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5.4. Effect of microstructure on cyclic oxidation
5.4.1. Grain boundaries

Grain boundaries are three-dimensional defects, which allow rapid migration of cations and
anions; therefore, they are prone to oxidize more rapidly than the matrix. Since the activation
energy required for diffusion through a grain boundary is always less than that of lattice diffusion,
the diffusion rate through a grain boundary is always higher [124]. Clemens [122] has determined
the diffusion coefficient for lattice and grain boundary diffusion in alumina-forming alloys. For a
grain size of 0.3um, the lattice diffusion coefficient was found to be of the order of 10*" cm2 s
and for a 1 nm grain boundary, the diffusion coefficient was 10"*2 cm2 s, In the current work, the
thicker Cr.Oz oxide scales above the grain boundaries in Figure 4-14 and Figure 4-16 indicated
that diffusion along the grain boundary not only enhanced the outward diffusion of chromia but
also provided rapid migration of ions through it. This increase in Cr®* diffusion outward through
the grain boundary also increased the interfacial void formation. These voids rapidly grow and

become grain boundary cracks during thermal cycling at high temperatures as displayed by both

chromia-forming alloys.

5.5. Effect of cooling rate on ' size

Both thermodynamic and kinetic phenomena can be used to explain the precipitation mechanism
that occurs during different cooling rates. The effect of cooling rates on the precipitation
mechanism was shown in Figure 4-21. Since all four specimens were cooled to below solutionizing
temperature, the volume free energy, AG,, of the system increases. The magnitude of AG,, depends

on the rate of undercooling and a higher undercooling results in a higher AG,,. This continues to

151



increase until the critical nucleation energy barrier, AG*, is sufficiently low, allowing the

nucleation to take place. The free energy equation is given below [57],

Alé6my3

AG* =
3(AG, — AG,)?

(40)

Where, v is the interfacial energy, AG; is strain energy and A is the surface area.

The y' precipitate size distribution in specimen B was monomodal, with size measured t0
be approximately 50 = 5nm. For such a small precipitate size to occur, the specimen must undergo
maximum undercooling so that the amount of time required for the growth of y' precipitates is
reduced, but at the same time the thermodynamic driving force for the nucleation will be high. As
a precipitate nucleates at maximum undercooling, one would expect a high nucleation rate. It is
well known that an increase in undercooling will increase the rate of nucleation exponentially
[252]. Therefore, the nucleation density of the y' precipitates in specimen B is very high and was
shown in Figure 4-21a. Since these precipitates are also very small and their inter-precipitate
distance is approximately equal to the size of the precipitates (Table 4-5), their diffusion fields

overlapped causing inter-necking between them as shown in Figure 4-21a and Figure 4-21b.

Langer-Schwartz [253] explained this mechanism using phase-field modelling. The model
incorporated the strain, diffusion fields around the precipitates and overlapping diffusion field
parameters to predict a microstructure, which was similar to that found experimentally. Both low
diffusivity and high nucleation density impedes the y' growth and maintains the spherical
morphology. The high undercooling prevents further nucleation and growth even though a non-
equilibrium condition exists in the system. Hence, the monomodal distribution of the y' precipitates

was observed.
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In contrast, the results for the slowest cooled condition (specimen E) suggest a different
mechanism. These precipitates nucleate at high temperatures and have higher diffusion rates and
lower undercooling compared those of specimen B, where diffusion rates are slow. This allows
equilibrium to be established at the y/y' interface resulting in near equilibrium precipitate
composition. The nucleation rate decreases at high temperature resulting in a lower volume
fraction of precipitates and thus an increase in inter-precipitate distance as was shown in Figure

4-24c and Figure 4-24d.

From Figure 4-25, the composition of the y' precipitates in specimen B was found to be
similar to the thermodynamic equilibrium composition predicted from JMatPro, which is shown
in Figure 5-2. From Figure 5-2, it is clear that the Al concentration does not vary much (5.98 wt.%
to 6.1wt.%) as a function of temperature (700 — 1135°C), whereas the gamma forming elements
such as Co and Cr decrease with decreasing temperature (from 6 and 3.25 wt. % to 4.2 and 2.25

wt. % respectively).
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Figure 5-2. JMatPro thermodynamic predicted phase composition for IN738LC showing weight
fraction of elements in y' as a function of temperature.
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The composition of the y' precipitates for specimen B contradicts those found by Chen
[254], where the composition of the y' precipitates in fast cooled specimens (100K/min and 360
K/min) with monomodal precipitate size distribution was reported to have minimal if any
compositional variation. This discrepancy is probably due to the slower cooling rates used in the
work by Chen [254]. However, in the same work, the tertiary y' precipitates in a slowly cooled
specimen with bimodal precipitate size distribution were reported to have a higher Al content
compared to the primary y' precipitates. This higher Al content was found to be due to the presence
of Al-rich antisites in an ordered phase, which occurred by an antisite bridge diffusion mechanism

[254].

During slow cooling, the y' precipitates will grow due to vacancy-mediated diffusion of y'-
forming alloying elements such as Al and Ti. Local equilibrium between the y and ' is maintained
at the y'/ y interface due to a decrease in time at each temperature; this decreases the diffusion
distance. Under this condition, the composition distant from the precipitate will not reach
equilibrium. Since the time at each temperature is limited during cooling, it becomes difficult to
achieve the equilibrium volume fraction of precipitates; the precipitate can maintain equilibrium
with the matrix not more than a few tens of nanometers from the interface [255], [256]. At high
temperature, the diffusivities of the elements are high, which results in diffusion fields overlapping
between the adjacent y' precipitates. Additionally, there will not be sufficient driving force for new

nucleation to occur between these precipitates.

The slow-cooled y' precipitates displayed deviation from the equilibrium concentration,
i.e., 4.5+ 0.3 wt.% of Al (Figure 4-25) vs 6.1 £ 0.9 wt.% of Al at equilibrium (JMatPro-Figure
5-2). From Figure 4-25, it is clear that a decrease in cooling rate decreased the Al concentration in

the y' precipitates. In contrast, the decrease in cooling rate (i.e. larger y' precipitates) increased the
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concentration of y-forming elements such as Co and Cr in larger y' precipitates. The non-
equilibrium compositions can be attributed to the low Al concentration in the slow cooled
specimen. However, with increased Al diffusion into a precipitate with further decrease in cooling
rate, equilibrium composition could be attained. According to equilibrium defect concentration
studies in ordered phases [257], the deviation in precipitate composition is due to the presence of
antisite defects, which are accommodated by Nis«xAlix, i.e., Ni atoms on Al sites for Ni-rich
compositions. Similarly, the formation of larger precipitates during slow cooling was assumed to
be due to vacancy-mediated antisite-bridge diffusion of elements such as Co and Cr into the v'

precipitate, resulting in non-equilibrium across the interface [258].

5.5.1. y' size dependent oxidation kinetics and activation energy

Figure 4-26 and Figure 4-30 illustrated specific mass change as a function of oxidation duration
and cycles for specimens A, B, C, D and E after isothermal and cyclic oxidation in air at 750, 850,
900 and 950°C for 150 h. Under both conditions, the specific mass change plots followed parabolic
oxidation behaviour throughout the exposure times at all temperatures. This type of oxidation
behaviour shows that the migration of reactive elements across the oxide scale is controlled by
solid-state diffusion, which follows the parabolic rate law. The rate constant, kp, is the slope of the
specific mass change as a function of square root of oxidation duration curve (equation 15). Table
4-6 and Table 4-7 show that that the slowest cooling rate specimens (D and E) have lower rate
constants under both isothermal and cyclic oxidation respectively at all investigated temperatures
when compared to the other specimens. The lower rate constants suggest that the oxide scale
growth rates for these specimens are relatively slower; this may be attributed to the formation of a

dense and continuous protective layer on the surface.

155



Understanding the effect of activation energy on diffusion characteristics of an alloy will
help in designing better oxidation resistant materials and predicting their degradation behaviour.
The migration of anions and cations through an oxide scale is a diffusion-controlled process and
is affected by temperature. The effect of temperature on diffusion can be expressed using the
Arrhenius equation where the activation energy associated with the oxidation behaviour may be
determined by considering that the temperature dependence of the parabolic rate constant, kp,

follows an Arrhenius-type expression [259]:

kp = k, - exp(-¢/RD (41)

where ke is the parabolic rate constant (mg?cms™), k. is exponential constant, Q is the activation
energy (kJ mol?), R is gas constant and T is temperature (K). The activation energy can then be
calculated by plotting the different rate constants as a function of inverse temperature as shown in
Figure 5-3; a summary of the calculations is given in Table 5-2. Activation energies, Q for different

heat treatment conditions as a function of temperature.
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Figure 5-3. Arrhenius temperature dependence of the parabolic rate constants a) isothermal
oxidation and b) cyclic oxidation.
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Table 5-2. Activation energies, Q for different heat treatment conditions as a function of
temperature.

Activation energy (kJ/mol.) for scale growth
Heat treatment condition

Isothermal oxidation Cyclic oxidation
Aged (A) 209 214
3000°C/min (B) 180 192
50°C/min (C) 197 209
5°C/min (D) 208 214
2.5°C/min (E) 238 249

The activation energy required for specimen B during isothermal oxidation at 750-950°C
was 180 kJ/mol., whereas specimen E exhibited a higher activation energy of 238 kJ/mol. for the
same temperature range. A similar trend was followed during cyclic oxidation; 192 and
249 kJ/mol., respectively. The higher activation energy for the slowest cooled specimen E can be
attributed to a slower growth rate due to the presence of a dense and thicker Cr,O3 oxide scale on

the surface.

Since the volume fraction of y' precipitates in specimen E was lower than in specimen B
(Table 4-4), more matrix is exposed to the oxidising environment. Therefore, the possibility of
formation of a continuous external Cr.Oz scale is greater in specimen E and hence the higher
activation energy obtained for specimen E. Although specimen B contained higher volume fraction
of y' precipitates (70%) compared to specimen B (60%), it did not show a continuous Al,O3 scale,

either externally or in the subsurface zone.
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Hagel and Seybolt [170] reported that the activation energy required for Cr.O3 growth as
256 kJ/mol over a temperature range of 1100-1500°C. In the present study, specimen E shows the
same range of activation energies under isothermal and cyclic oxidation conditions (238 and
249 kJ/mol., respectively) although the tests were carried out at lower temperatures. Similarly, Al
- hatab et al. [174] determined the activation energy for the ternary alloy system, Superni-718
(19Cr-18.5Fe-bal. Ni) at 750, 850 and 950°C for up to 168 h under cyclic conditions in air. The
activation energies were found to be 117.516 kJ/mol. at 750-850°C, 249.3 kJ/mol at 850-950°C
and 177.543 kJ/mol. at 750-950°C. Chen et al. [260] reported that there was no difference in
activation energies for both isothermal and cyclic exposures in air. They reported activation
energies of 250, 270 and 300 kJ/mol. for a Ni-based disc of Udimet 720, Astroloy and Waspaloy
at 750-1000°C. In the present study, specimen E with a larger y'/y interfacial area and lower volume
fraction of y' precipitates was found to have activation energy (Table 5-2) similar to those by Al -
hatab [174]and Chen [260]; this suggests that Cr.Oz formed on the surface of specimen E is more

protective compared to those of specimens A and B.

5.5.2. Effect of y' intermetallic size on y' precipitate free zone

Approximately 50-60 y' PFZ thickness measurements were taken at 5-6 different locations on the
same sample using the SEM distance measurement feature. The y' PFZ thickness of both
isothermal and cyclic oxidation specimens are summarised in Table 5-3. The subsurface
degradation during isothermal oxidation was minimum compared to that of cyclic oxidation
conditions, therefore, only cyclically oxidized specimens were considered to understand the effect
of y' precipitate size at the subsurface level. The y' PFZ thickness profiles for samples after cyclic

oxidation at different temperatures are shown in Figure 5-4. Under all conditions, near-parabolic
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behaviour was followed. The relationship between the depth of y' PFZ and the parabolic rate

constant is given by [7]:

Dprz” = ky -t (42)

where, Dprz is the depth of y' PFZ (um), Kp is the parabolic rate constant (um?s™) and t is the
oxidation duration (s). The parabolic rate constants for y' PFZ were determined using the above
relationship and are summarised in Table 5-4. This revealed that specimen B with the smallest
precipitate size exhibited a higher rate of precipitate dissolution creating thicker y' PFZ at all

temperatures than that of specimen E.
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Table 5-3. The depth of y’' PFZ (95% confidence level) measured from the scale/alloy interface to matrix under different heat

treatment conditions at different temperatures for isothermal and cyclic oxidation.

Temperature v' PFZ thickness (pum)
Oxidation type

(°C) A B C D E
850 1.24 +0.04 2.64 £ 0.06 1.9+0.08 1.09 + 0.03 1.03+0.05

Isothermal 900 3.11+0.26 3.88+£0.03 3.28£0.04 2.68 £ 0.08 2.1+0.05
950 3.63+0.39 4.62 +0.03 4.1+0.05 3.26 £ 0.03 3.03+0.06
750 1.12 £0.05 2.15+0.06 1.56 £ 0.09 0.54 £ 0.04 0.25+0.02
850 51+0.05 7.27+0.17 6.27 £0.12 431+0.1 4.03+£0.15

Cyclic

900 16 £ 0.03 18.4+0.08 16.2 +0.05 10.8+0.1 9.89+£0.13
950 17.4£0.26 22.1+0.24 21.6 £0.26 15.3+£0.27 14 £ 27
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Figure 5-4. Plots of y' PFZ depth as a function of oxidation cycles for specimens A, B and E at

a) 850°C, b) 900°C and c) 950°C.

Table 5-4. Parabolic rate constants for depth of y' PFZ for specimens A, B and E after 150

cycles of oxidation.

Temperature Parabolic rate constants, k, (nm?s™)
(°C) A B E
850 1.92E-25 3.03E-25 8.82E-26
900 1.08E-24 1.67E-24 5.34E-25
950 1.93E-24 3.07E-24 1.31E-24
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Internal oxidation results when an alloying element is selectively oxidized but cannot reach
the surface quickly enough to develop an external scale. In the present study, both the external
scale and 10Z growth kinetics obeyed the parabolic rate law and the rate constants decreased with
an increasing exposure duration due to increase in the depth of the I0Z and an increase in the
external scale thickness. The external scale exhibits continuity in an extremely short time, therefore
the oxygen potential at the scale-alloy interface is controlled by the metal-metal oxide equilibrium
[114]. Many researchers including Wagner [114] and Maak [261] have studied the internal
oxidation mechanism and its kinetics [262]-[264]. In particular, Rhines et al. [262] reported that
the extent of internal oxidation in the presence of an external scale depends on the partial pressure
of oxygen. The authors also noted that the internal oxidation kinetics in a dilute alloy system was
a function of time and followed a parabolic relationship [262]. The results of the current study
agree with the results of other chromia-forming alloys as reported by a number of researchers [24],

[85], [265].

From Figure 4-28 and Figure 4-31, it is also clear that precipitate dissolution occurs much
faster than the internal oxidation, which is evidenced by the presence of a y' PFZ. The precipitate
dissolution in the subsurface zone is attributed to the selective oxidation of Al from the
precipitates; this led to a much thicker y' PFZ in specimen B compared to those of specimens A
and E. This may be due to the relatively lower volume fraction of y' precipitates found in specimens
A (58%) and E (60%) resulting in more exposure of the y-matrix to the oxidizing environment,
which subsequently causes more Cr2Os to form on the surface of the substrate. In contrast, in
specimen B, approximately 70% of the area was covered with y' precipitates and therefore, the
oxidation of this specimen depleted more Al from the y' precipitates as well as the matrix to form

discontinuous finger-like Al>Oz to a greater depth. This can be seen in Figure 4-31e), f), g) and h).
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The degree of internal oxidation is dependent on diffusion of oxygen ions into the bulk
material. Activation energies calculated from external oxidation parabolic rate constants for
specimens A, B and E can be used to assess the depth of internal oxidation. To understand the
relationship between the outer oxide scale and the depth of y' PFZ, the activation energy for the y'
dissolution zone must be measured. The temperature dependency of internal oxidation (depth of y'
PFZ) is shown in Figure 5-5, which is an Arrhenius plot. The activation energies were obtained
from the slope of the In (kp) vs (1/T) curve and tabulated in Table 5-5. From Figure 5-5, the
activation energies for specimens A and B were found to be similar at 279 and 278 kJ/mol.,
whereas specimen E revealed a higher activation energy. Although specimen A has a wide range
of precipitate sizes, more than 60% of the y' precipitates (secondary y') are less than 300 nm. Hence,
the activation energy for the formation of y' PFZ in the standard aged condition is similar to that
of specimen B. These results (relatively higher activation energy values for specimens with larger
y' precipitate size) mirror those given in Table 4-7 for scale growth and interdependence of

oxidation kinetics on precipitate size.
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Figure 5-5. Arrhenius plot for standard aged, 3000°C/min and 2.5°C/min specimens.

Table 5-5. Summary of activation energies for specimens A, B and E from Figure 5-5.

Activation energy, Q (kJ/mol.) for PFZ

A B E

279 278 324
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5.5.3. Interdiffusion-coeffic

ient of aluminum

The cyclically oxidised specimens were subjected to SEM-EDS analysis to obtain the Al depletion

profiles in the subsurface zone, where the distance measured is from the PFZ into the bulk material.

Figure 5-6 illustrates profiles for specimens B and E after 150 h of isothermal oxidation at 850,

900 and 950°C. This figure demonstrates that the concentration of Al drops from the bulk material

to y' PFZ (below the Al-rich finger-like oxide phase) at all three temperatures. Also, the Al

depletion zone in specimen B was thicker with a flatter composition profile than for specimen E.
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Figure 5-6. Subsurface Al profiles for specimens B and E at a) 850°C, b) 900°C and c) 950°C.
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To obtain more information about the oxidation mechanism in the subsurface zone, the
average interdiffusion coefficient of Al was determined using the Dayananda model [266]. The

relationship is given by,

Cz
D= - & dc
= Ztﬁcf" (43)
C1

where C; is the measured Al concentration in the bulk material, Cy is the Al concentration at the
v' PFZ (below the Al-rich finger-like oxide phase), x is the Matano plane and t is a time of oxidation
duration. In this study, the average interdiffusion coefficient of Al, D,;, was determined for

specimens B and E at 850, 900 and 950°C; these are reported in Table 5-6.

Table 5-6. The average interdiffusion coefficient, (D,;) of Al for specimens B and E as
determined from subsurface depletion profiles after 150 h of cyclic oxidation at three different
temperatures.

Average interdiffusion coefficient (D,;) after 150 h of oxidation (m?/s)

Specimen
850°C 900°C 950°C
B 1.78E-18 4.06E-18 4.38E-17
E 3.09E-19 6.37E-19 3.54E-18
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The calculated interdiffusion coefficients (Dy;) for specimens B and E are compared with
literature values as shown in Figure 5-7. Included are the results estimated by Watanabe et al.[267],
Cserhati et al.[268] and Ikeda et al.[269]. The estimations made by Ikeda et al.[269] and Watanabe
et al.[267] are significantly higher than the results of this study. It is considered that the difference
is due to the Al concentration. In particular, Ikeda et al. [269] deduced the equation to calculate
(D4y) on the basis of 24 at% Al. However, the estimation of (D,;) made by Cserhati et al.[268],
using a Ni and Al diffusion couple sample is somewhat higher than the results of specimen E, but

it is very close to the values of specimen B.
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Figure 5-7. Plots of the Dy, estimated in this study compared to those of, D,; in Ni/NizAl
diffusion couple by Watanabe et al.[267], D4, in NisAl system by Cserhati et al.[268] and Dy; in
NisAl system by lkeda et al.[269].
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From Table 5-6, the larger D,, in specimen B can be attributed to the following factors.
First, the smaller y' precipitates (specimen B ~ 6.2 wt. % Al) exhibit a higher concentration gradient
from ' precipitate/matrix interface into the matrix resulting in an increase in the rate of Al diffusion
from y' to y, whereas the larger y' precipitates (specimen E ~4.1 wt.% Al) showed a lower diffusion
rate due to lower concentration gradient. Secondly, the time for complete dissolution of the y'
precipitates increases with increase in size, as the number of Al atoms required to diffuse from the
precipitate increases. Furthermore, the y/y' interfacial area available for diffusion of alloying
elements has been shown to significantly increase the rate of diffusion [153], [270]. In this study,
the higher Dj; in specimen B compared to specimen E may be attributable to both smaller
precipitate sizes and larger y/y' interfacial area in the former. As a result, the presence of smaller

precipitates will negatively influence the overall oxidation Kinetics.

5.5.4. Influence of y' size on corrosion performance

Ni-based superalloys exhibit excellent corrosion resistance due to the formation of passive layers
such as Cr203 and Al,O3. However, the corrosion resistance can vary depending on the corrosive
environment or corrosive medium. For instance, the alloy can perform well in a chloride-free
electrolyte but show severe corrosion in a chloride-containing solution. Therefore, knowledge of
the chemical composition of the alloy is critical to understand the formation of passive films and
subsequent corrosion behaviour. In chromium-containing alloys, it is often observed that the
external layer is mainly Ni-hydroxides over an inner chromium-rich oxide layer [271]. The amount
of chromium present in the alloy plays a significant role in corrosion performance. Craig et al.
[133] suggested that an alloy should contain a minimum of 10.5 wt. % Cr to exhibit corrosion

resistance and a further increase in chromium will enhance the corrosion resistance. The alloy used
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for the present study, IN738LC consisted of 16 wt. % chromium, which is high enough to provide
a good corrosion resistance. Previous studies revealed that IN738LC is a chromia former with

multiple oxide layer formation [26].

The electrochemical behaviour of a Ni-based superalloy is complex and is highly dependent
on composition, size, area/volume fraction and the morphology of the y' precipitates. To
understand the influence of these factors, potentiodynamic tests were conducted on IN738LC and
the results were shown in Figure 4-32. The specimens described earlier as derived from different
cooling rates of 3000 (specimen B) and 2.5°C/min (specimen E) displayed a high corrosion
resistance in sulphate medium (H2SO4) compared to chloride media (NaCl and HCI). In the present
study, the corrosion current density was strongly influenced by the size and area/volume fraction
of the y' precipitates indicating a decrease in the precipitate size increased the corrosion rate. It

was also noted that the composition of y' precipitates had influenced the corrosion performance.

Since the y-matrix contains more chromium than the y' precipitates, the matrix exhibits more
corrosion resistance than the y' precipitates. Some studies have shown that an increase in Al content
can have a negative influence on the corrosion resistance. For example, Castadena et al. [272] and
Osorio et al. [200] showed that an increase in Al content decreases the corrosion resistance in Ni-
Fe-Al and Fe-Al alloys respectively by forming localised corrosion such as pitting. In the present
work, both Al content (6.1 + 0.9 wt. %) and precipitate number density
(84 + 3.27 precipitates/um?) in a specimen cooled at 3000°C/min was higher than that found in a
slow cooled specimen (2.5°C/min) with Al of 4.5 £ 0.3 wt. % and precipitate number density of
12800 + 500 precipitates/um?. Hence, specimen B with the smaller y' precipitates would be more

susceptible to corrosion than specimen E with larger y' precipitates.
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Chapter 6 Summary and Conclusions

6.1. Effect of alloying elements and microstructure

Based on cyclic oxidation experiments of all three alloys, N5, an alumina former, exhibited
excellent oxidation resistance under cyclic conditions compared to chromia-forming
IN738LC and Rene 80. The calculated rate constants as determined from the data revealed
that the N5 oxidation resistance for the entire 1000 cycles was two orders of magnitude
higher than for the chromia-forming alloys. The COSP-Monte Carlo model developed by
NASA was found to be useful to predict the rate constants and scale spallation constants
of IN738LC by showing a good fit for the experimental data. However, the model was less
applicable for Rene 80 and N5 due to severe scale spallation after 700 cycles in Rene 80
and spall/rejuvenation cycles of N5.

The IN738LC and Rene 80 alloys exhibited a significant increase in the rate of surface
oxide growth compared to N5, due to the presence of Ti. The oxide scale thickness before
scale spallation was found to be ~6 pm and ~8 pum corresponding to the Ti concentration
in the alloys IN738C and Rene 80 respectively, whereas N5, with no Ti, exhibited a slow
growth rate with ~2 um of oxide scale.

Rene 80 exhibited poor scale adherence. The presence of high levels of Mo (4 wt. %) in
Rene 80 relative to the other alloys significantly affected the scale spallation rate. Severe
scale spallation during cyclic oxidation of IN738LC and Rene 80 resulted in grain
boundary oxidation followed by initiation of grain boundary cracking. Most of the scale

spallation in N5 was due to the oxidation of large eutectic regions that contained Ta-Hf
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carbides on the surface. The shear strain generated at the matrix scale/oxy-carbide interface

resulted in the scale spallation.

6.2. Effect of cooling rate

e The microstructural and compositional analyses suggest that cooling rate influences the
y' precipitate size, morphology and composition. The y’ precipitate size was found to
decrease with an increase in cooling rate due to limited diffusion time and reduction in
transportation of y’ forming alloying elements.

e Compositionally, the smaller precipitates were found to be richer in Al than the larger
precipitates, which can be attributed to the presence of Cr and Co-rich antisite defects.

e The WQ specimen (3000°C/min) with small spherical y’ precipitates (50 nm) was found
to have a higher corrosion current density compared to the slow cooled specimen

(2.5°C/min) with larger cuboidal precipitate (800 nm).

6.3. Effect of y' precipitate size

Both isothermal and cyclic oxidation studies conducted on IN738LC samples (four sizes
v'; monomodal distribution) over a temperature range of 750-950°C in ambient air for up
to 150 h showed that oxidation is precipitate-size dependent. All test specimens followed
typical parabolic oxidation behaviour under both conditions. The specimen consisting 50+5
nm y' precipitate size was found to be the least oxidation resistant at all temperatures
followed by 150+10 nm, standard aged (~274 nm), 450+5 nm and 800 nm. The low
oxidation resistance in the 50+5 nm 7' precipitate size specimen was attributed to the

formation of a thin external oxide layer and severe internal oxidation.
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The y' PFZ depth at all temperatures was dependent on the precipitate size; smaller
precipitates gave an extensive PFZ. The activation energy for y' PFZ formation was found
to be highest in the specimen consisting 800+10 nm y' precipitate size, 324 kJ/mol. and
values for the 50+5 nm and standard aged specimens were 278 and 279 kJ/mol.
respectively. The lower concentration gradient due to lower Al content in larger y' and
lower y/y' interfacial area decreased the y' dissolution rate in 800+10 nm y' precipitate size
specimens, thereby increasing the activation energy. This suggests that the larger
precipitates will decrease the oxidation rate by decreasing the internal oxidation rate.

It was found that the interdiffusion coefficient of Al, (D,;), across the y' PFZ depends on
the y' precipitate size and composition. High Al contents and small y' size will increase the
value of (D,;) suggesting a higher y' dissolution rate. An increase in Al concentration in
the precipitates will increase the concentration gradient, which results in a relatively higher
diffusion coefficient of Al and subsequent increase in oxidation rate.

The WQ specimen (3000°C/min) with small spherical y’ precipitates (50 nm) was found to
have a higher corrosion current density compared to the slow cooled specimen (2.5°C/min)
with larger cuboidal precipitate (800 nm). The improvement in corrosion resistance for the
2.5°C/min specimen was attributed to an increase in inter-precipitate distance that exposed
more matrix to the corrosive environment and a decrease in volume fraction of 7y’
precipitates.

The improvement in corrosion resistance for specimens cooled at the rate of 2.5°C/min
(800 nm size) compared to 3000°C/min (50 nm size) was attributed to an increase in inter-
precipitate distance that exposed more matrix to the corrosive environment and a decrease

in area fraction of y' precipitates.
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Chapter 7 Suggestions for Future
work

1. Residual stress measurements in the oxide scales in all three alloys using X-ray diffraction
(XRD) and incorporation of these stresses in COSP modelling to predict the oxidation rate
and scale spallation should be investigated.

2. The effect of scale/oxy-carbide interfacial stress on scale spallation should be studied using
FEM.

3. Aninvestigation of the effect of different precipitate sizes produced by continuous cooling
at different rates on the isothermal and cyclic oxidation behaviour of other materials should
be examined.

4. A thorough investigation of dissolution rate of different y' sizes should be examined.
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