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ABSTRACT

During plastic deformation o1 polyveryvstals, grain
houndaries interact with mobile lattice dislocalions leading
to  the formation of so called extrinsic grain boundary
diglocations {(EGBDs). Since these digslocations are not a part
of the eguilibrium struciture of grain boundaries, GLhey lead
te a npon-equidlibrium grain boundary state, i.e., s higher
energy state. On annealing at high temperatures the
annihilation of EGBDs occursg resulting in the eguilibration
of non-equilibrium grain boundary structure.

The major emphasis of this work has been to develop a
description of the changes in the grain boundary structure
and also the structure in the grain interior as a result of
small plagtic deformation and subsequent annealing over a
wide range of temperatures. The resulting sitructural changes
have then been correlated with the deformation behavior of
polyverystals., For this purpose, detailed guantitative
metallography and  transmission electron microscopy (TEM)
observations have been performed on 316L austenitic stainless
asteel specimens which were 2% pre-strained and subsequently
annealed. The specimens were annealed al temperatures in the
range of 500°C to 900°C for annealing times in the range of 1
te 30 minutes.

The above obscrvaltions show Lhat the EGBDs are
annihilated at high femperatures without any significant

Vi



or distribution of dislocations in the

changes in the

gsrain intevior. Algo, no detectable change in the grain size

]

ig observed as a rqult of the above annealing treatment. The

resulls of the mechanical tests show that the recovery of
vield stress in pre-strained specimens occurs in the range of
annealing temperatures at which the annihilation of EGBDs
occurs, Therefore, it has been concluded that Lhe drop in
vield stress is related to the annihiiation of EGBDs, i.e.,
the transformation of non-eguilibrium grain boundarics Lo
their equilibrium state. A theoretical model has been
proposed to predict the kinetics of transformation of
non-eguilibrium grain boundaries to equilibrium grain
boundarices. The model assumnes that the transformation

involves the annihilation of EGBDz by climb via lattice

diffusion of wvacancies at Lthe triple points. Due Lo the

—

stress field of the EGRDs, there is a vacancy concentration
gradient arcund the triple points. The profile of the vacancy
concentration gradient has been obtained by assuming a steady
state flux of wvacanciess. Using this wvacancy concentration
profile, the expressions for the rate of climb of EGBDs and
the wate of their annihilation have been derived. The
proposed model predicts that the time required for the
equilibration of non-aquiiibrium gyain boundaries is
dependent not only on the annealing temperature bubt also on

the idinitial density of EGBDs and the grain size of the

polycrystal. It has been shown that the equilibration




PN
i

behaviour predicted by the mof in good sgreement with

(SN

perimental results obtained for 316L stainless stecl,

The grain sizc dependence of flow siress at  room

temperature in the regime of amall strainsg {0 Lo 2%) has also

amined in anncaled and 2% pre-~strained and

subgsequently annealed polycrystals of 316L stainless steel. A

Hall-Petch type of analysis was employed for grain sizes in
the range of 3.4 um to 22.4 pm. The analysis shows a Llinear
increase in  the Hall-Petch parameter Uo(ﬁ) and a linear
decrease in the Hall-Petch parameter K(e) with increasing
strain in the annealed specimens., The increase in Gé{g} has
been associated with both, the work-hardening processes in
the grain interior and the long range stress field of EGBDs.
The EGBDs algo act as sites of stress concentralbion, thereby
malking it eagsier to generate diglocations in the vicinity of

grain boundaries. Therefore, K{g) which is a function ol the

stress required to generate dislocations, decreases with

increasing strain in the esarly stages of plastic deformation.
The observed drop in the flow sbtress as a result of annealing
of pre-strained specimens has been related with the
annihilation of dislocations at and in the vicinity of grain

boundaries.
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CHAPTER 1

INTRODUCTION AND OBJECTIVES

The influence of grain boundaries on the deformation
behaviour of polycrystals is a2 widely studied problem in
physical metallurgy. The effects of grain boundaries on the
properties of polycrystals can be broadly classified into two
categories: 1) the grain size effects, and 2) the grain
boundary structure effects. In a strict sense, these two
effects cannot be treated in isclation as has often been the
case in numerous studies in the past, The relationship
between grain size and the mechanical properties of
polyerystalline materials has been a subject of extensive
experimental and theoretical investigations. But, a wvast
majority of these studies neglect the structural aspects of
grain boundaries and explain the work-hardening behavior of
polyerystals based on the following assumptions:

1. Grain boundaries act as an effective slip barrier and
therefore the grain size determines the slip distance
and consequently the mechanical properties.

2. Since +the grains in a polyecrystal are randomiy
oriented, the defeormation in the individual grains
must be such that the material continuity is
maintained between adjacent grains.

3. As a consequence of the restraint due to the grain



boundaries, the deformation is inherently
inhomogeneous, varying not only from grain to grain
but also within individual grains.

The models developed to describe the dependence of flow
stress on grain size of polycrystals {e.g., the dislocation
pile-up models and the work-hardening models) based on the
above asgumpltions which are essentially of a geometrical
nature, ignore the changes in the grain boundary structure
during plastic deformation {Balluffi, Komen and Schober 1972,
Pond and Smith 19877, and Clark and Smith 1979). More recent
studies have shown thatl the grain boundaries not only act as
obstacles to digslocation movement , but also act as
dislocation sources (Li 1963, Singh and Tangri 1870, Murr
1974 and 1975, and Malis and Tangri 1979) in the early stages
of plastic deformation and as sinks (Valiev, Gertsman and
Kaibyshev 1980, and Grabski, Valiev, Wyrzykowski and
Lojkowski 1981) for lattice dislocations at elevated
temperatures., The properties of the grain boundaries can be
changed by introducing extrinsic defects (e.g., extrinsic
grain boundary dislocations) in their structure, Grain
boundaries containing these extrinsgsic grain boundary
digslocations have a higher energy state leading to the so
called non-equilibrium state, 11 has been shown that the
presence of non-—-equilibrium grain boundaries can markedly

affect the mechanical properties of metals and alloys., Though



there are numerocus investigations which deal with  the
formation and annihilation of EGBDs, there are very few
agtudies (Valiev et al 1980, and Grabski et al 1981t) which
attempt to correlate the behaviour of HEGBDs with the overall
deformation behavior of polvecrystals. Therefore, the major
emphasis of this work has been to develop a description of
the changes in the grain boundary structure as a result of
plastic deformation and subsequent annealing over a wide
range of temperatures. The resulting structural changes at
grain boundaries have been related to the plastic flow of
polycrystals.

Chapter 2 examines some of the main grain boundary
effects which occur as a result of plastic deformation and as
a result of annealing of deformed materials. 1t is followed
by a discussion on the possible influence of the changes in
the grain boundary structure on the flow parameters of
polycerystal deformation.

Chapter 3 outlines the various experimental procedures
nused in this study. The experimental procedureg include
thermo~mechanical treatments, mechanical tests, transmission
electron microscopy, and quantitative metallography.

Chapter 4 presents the results of experimental and
theoretical studies, followed by a discussion on the
relationship between the micro-structural changes both within

grains and at grain boundaries and the room temperature




deformation behavior in polyerystals of 3161L austenitic
stainless steel., The changes in the structure of grain
houndaries due to plastic deformation and subsequent
annealing have been described in terms of changes in the
density and distribution of dislocations by TEM observations
and in terms of the changes in the geometry of the grain
boundary network by metallographic measurements. A
theoretical model has also been proposed to predict the
kinetics of the above changes, It has been shown that the
quantitative predictions of the model are in agreement with
experimental observations. Finally, the role of grain
boundary structure on the flow stress of polycrystals of
varying grain size has been examined by means of a Hall-Petch
type of relationship. The Hall-Petch analysis is used to
obtain the variation of the Hall-Petch parameters oo(g) and
E{g) as & function of strain., This wvariation has been
correlated with the c¢hanges in the grain boundary structure
during plastic deformation.

Iin summary, the main objectives of +this investigation

may be listed as follows:

i. Pescription of the changes in the structure of grain
boundaries as a result of the formation of ¥EGBDs
during rlastic deformation and their
annihilation on subseguent annealing.

2. The relationship between the changes in the grain




o8]

boundary atructure and the flow stress of
polyverystals in the range of small strainsg,
Development of a theoretical model to predict the
kinetics of the annihilaltion of BEGBDs as a resullt of
annealing of deformed materials,.

The role of grain boundary structure in the grain
size dependence of flow stress in the early stages of

plastic deformation at room temperature.

[




CHAPTER 2

GRAIN BOUNDARY EFFECTS

Grain boundaries, important microstructural elements
in polycrystalline materials, have properties which are gquite
different from those of the grain interior. The specific
properties of major concern here are the interaction of grain
boundaries with dislocations under given external conditions
of stress and temperature. These interactions play an
important role in determining the mechanical properties
{e.g., flow stress) of polycrystalline metals and alloys. In
this chapter some of the key grain boundary effects and their
influence on the mechanical properties have been reviewed.

A grain boundary delineates the region of contact
between two crystals of different orientations as illustrated
in figure (2.1). Figures {2.1a) and (2.1b) show two simple
types of grain boundaries: the symmetrical tilt and the
symmetrical +twist respectively. A Lilt grain boundary 1is
formed when two crystals are rotated about an axis parallel
to the plane of the boundary (see figure Z2.1a). A twist grain
boundary is formed when two crystals are rotated about an
axis perpendicular to the plane of the boundary (see figure
2.1b). The angle of rotation 8 (shown in figures 2.la and
2.1b) is the misorientation angle of the two crystals. In

general, the misorientation relationship can be expressed by



Rotation axis

e
7 IR
IR
e -L_¢----{‘
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Figure 2.1: A symmetrical {(a) tilt grain boundary, and (b)
twist grain boundary formed as a result of rotations sabout
axes parallel and perpendicular to the boundary plane
respectively.



rotations about three mutually perpendicular axes. The
rotations, given by Gx, Gy and 8?, are known as  the
misorientation parameters between the two <c¢rystals, in
figures (2.1a) and (2.1b), the grain boundary plane 1is
located symmetrically with respect to the two crystals, i.e.,
prarallel +to the rotation axig in the case of the tilt
boundary and perpendicular to the rotation axis in the case
of the twist boundary. In general, the grain boundary plane
may take wup any arbitrary orientation resulting in an
asymmetrical grain boundary. The orientation of a grain
boundary plane can be described by rotations, ¢y and ¢7 about
two mutually perpendicular axes. These two rotations (@y and
¢2) are known as the orientation parameters for a grailn
boundary. Since it is difficult +to obtain a description of
the grain boundary structure and its energy as a function of
all the five parameters (Gx, Gy, 9?, ¢y and @7), three

parameters (ey, 92 and ¢y) are usually kept constant. The
variation in the energy of a grain boundary can therefore be
expregsed as a fTunction of 8 and ¢ only.

Several models have been developed to describe the
structure of grain boundaries. Some of the models are: 1)
dislocation models (Tavlor 1934, Burgers 1940, Bragg 1940,
Read and Shockley 1950, and Li 1961); 2) coincidence models

{Kronberg and Wilson 1949, Frank 1950, Bollmann 1967, and

1970, Bollmann and Perry 1968, and Warrington and Bollmann



1972); 3) plane matching models {Pumphrey 1972, Balluffi and
Schober 1972, and Ralph, Howell and Page 1897); and 4)
polyhedral unit models (Weing, Chalmers, Gleiter and Ashby
1969, and Gleiter 1997). It may be mentioned that these
models were initially proposed to explain the structure of
low energy grain boundaries {low angle grain boundaries or
special high angle grain boundaries). For example, the low
angle grain boundaries can be adequately described by the
dislocation model as developed by Taylor (19834), Burgers
(1240), and Bragg (1940). The ecnergy of low angle grain
boundaries is computed from the dislocation theory based on
linear elasticity. However, for grain boundaries with
misorientations greater than approximately 157, the
dislocation cores overlap making it physically impossible to
identify the individual dislocations. These grain boundaries
have been termed as random grain boundaries. Whereas the low
angle boundaries have large areas of undislorted atomic sites
between the two c¢rystal lattices, random grain boundaries
contain large avreas of poor fit between the {two crystals.
This leads to a relatively high energy for random grain
boundaries. Figure (2.2a) shows an experimentally observed
variation of energy for a tilt grain boundary as a function
of the misorientation angle ¢ in aluminum when the rotation
axis 1is [100]. From the figure it can be seen that for low

energy grain boundaries (6 < 15°), the energy increases
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Figure 2;2: Measured relative energies as a function
misorientation angle 6 of (a) [100] tilt boundaries and
[110] tilt boundaries in aluminum (Hasson and Goux 1971).
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rapidly with increasing value of 8. For most high angle grain
boundaries (6 > 15%), the energy is more or less independent
of orientation. However, not all high angle grain boundaries
are characterized by a highly disordered structure., There are
some high angle grain boundaries termed as special grain
boundaries, which have significantly lower energies than that
of random grain boundaries. These boundaries occur at
specific misorientations. Figure (2.2b) shows {(in contrast to
figure 2.2a}) that when the rotaltion axis is [110], there are
gseveral high angle orientations which have significantly
lower energies than the random grain boundaries., Several
investigations (Read and Shockley 1950, Li 1961, Bishop and
Chalmers 1968, Chalmers and Gleiter 1971, Hasson and Goux
1971, and Pumphrey 1976,) have bheen carried out Lo explain
the existence of these special grain boundaries. Read and
Shockley {(1950) originally proposed that if the orientation
relationship between the two crystal lathices is sguch that
the boundary consists of equally spaced dislocations, the
energy of the boundary is relatively low. Based on this model
guantitative predictions of the grain boundary energy have
been made by Li (1961) and Hasson and Goux (1971). The low
energy structure of special grain boundaries has also been
explained (Bishop and Chalmers 1968 and Pumphrey 1976} based
on the faci, that these boundaries consist of a high density

of coincidence sites (atomic sites common Lo both crystal

i1



lattices). The high density of the shared sites leads to the
low energy of these coincidence grain boundaries.

It is neither necessary [For the purposes of this thesis
nor possible to discuss in detail the.models which describe
the structure of grain boundaries. However, for the sake of
completeness a number of review articles and conference
proceedings which cover this broad aresa quite comprehensively
are listed as follows: Gleiter and Chalmers 1971, Chaudhari
and Matthews 1972, Chadwick and Smith 1976, Johnson and
Blakely 1979, Balluffi 1980, Gleiter 1982, and Valiev,
Gertsman and Kaibyshev 1986. In the subsequent sections,
the concept of the energy state of grain boundaries in
annealed and in deformed polyecrystalline materials has been
discussed. The interaction of grain boundaries with lattice
dislocations as a result of plastic deformation and annealing
is examined. Finally, the influence of grain boundaries on
the mechanical properties of polycrystals has been briefly

reviewed.
2.1. THE GRAIN BOUNDARY ENERGY STATE

The grain boundary energy state ig usually classified as
an equilibrium or a non—-equilibrium state. But a precise
definition of the energy state of grain boundaries has not

been possible as vyet. The problem in defining the energy



state lies in the fact that +the equilibrium or a reference

state for any grain boundary is unknown. It should alsoc be

recognized that the grain boundary itgelf is a
non-equilibrium crystal defect in a material. Therefore, a

thermodynamic definition for an equilibrium grain boundary
state can be given as follows: at a given temperature,
external stregss and chemical composition and for given
crystallographic parameters, an equilibrated grain boundary
has a minimum free energy and a non-egqguilibrium grain
boundary will have an energy higher that that of the
equilibrium grain boundary.

The non-eguilibrium grain boundary state can be created
by introducing defects in an equilibrium grain boundary. The
grain boundary defects are of two types: 1) intrinsic and 2)
extringic., The intrinsic defects, suech as, the idintrinsic
grain boundary dislocations (IGBDs) are a necessary part of
the grain boundary slructure (Schober and Balluffi 1971 and
Balliffi, Komen and Schober 1972) and do not give rise to
long vrange sgstress fields. Therefore, the grain boundary
remains in its low energy state. However, extrinsic grain
boundary dislocations (EGBDs), the most commonly observed
extrinsic defects {(Balluffi et al 1972, Pond and Smith 1977,
and Clark and Smith 1979) are not a part of the equilibrium
structure of grain boundaries. Since EGBDs also possess long

range stress fields (the significance of which in plastic
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deformation will be a subject of considerable discussion in
this work), the grain boundaries containing BEGBDs are at a
higher energy state or a non-equilibrium state. Section 2.2
deals in detail with the c¢reation of EGBDs and their
interaction with grain boundaries.

S0 far, the eguilibrium and the non-eguilibrium state
has been considered for igolated grain boundaries. But, in
polyerystalline materials, the grains are randomly oriented
which gives rise to a range of misorientations between
adjacent grainsg. The different misorientations may lead to
the formation of both, high energy random grain boundaries
and low energy special grain boundaries. The grain boundary
network formed during annealing of polycrystals arranges
itself in an overall low energy configuration. Figure (2.3)
shows a sketch of three grain boundary planes meeting at a
triple edge. For the configuration of figure (2.3) to be in
equilibrium the boundary tensions Yoo, and 7, must be
balanced. Mathematically, the equilibrium configuration can

be expressed by the following relationship (Smith 1848):

¥ ¥ ¥
1 2 3 :
L T e = g (2.1)
8in « in sin o
23 13
where o0 O and o, are the angles between the grain

boundary planes. Thus, the eguilibrium state of annealed

polycrystals can now be defined as follows: the individual

14



Figure 2.3: Three grain boundary planes meeting at a triple
edge: T v, and 7, are the grain boundary energies; and a0

LR and o, are the angles between the planes.
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grain boundaries as well as the entire grain boundary network
have a minimum energy; and the grain interior has an
equilibrium density of dislocations which is typically in the
range of 10° to 107 em™®. This definition of the equilibrium
state will be used for polycerystals which have been annealed

at sufficiently high temperatures for sufficiently long

times,
2.2. INTERACTION CF GRAIN BOUNDARIES WITH LATTICE
DISLOCATIONS

The interaction of grain boundaries with lattice
dislocations occurs during recrystallization and during
plastic deformation of materials. During recrystallization,
migrabing grain boundaries sweep up the dislocations in the
deformed matrix (Grabski and Korski 1970 and Varin and Tangri
1980 and 1982). During plastic deformation, +the mobile
lattice dislocations interact with the grain bhoundarieg
(Balluffi et al 1972, Pond and Smith 1977, and Clark and
Smith 1979). This interaction of a grain boundary with a
dislocation creates a new line defect which was called by
Balluffi et al (1972) as an extrinsic grain boundary
dislocation (EGBD).

If the temperature of deformation is lower than 0.2 7T

m

for pure metals and 0.5 T for alloys, then the RGRDs retain
13

their identity and their contrast 1is wvisible in the TEM
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image. Figure {2.4) shows an electron micrograph of EGBDs
visible on a grain boundary in 3161 stainless steel after 2%
plastic deformation. However, as the temperature 18 increased
beyond a certain critical value {(denoted asu Td), the image of
the EGBDs widens and eventually disappears. This phenomenon
has been observed in a number of in-gsitu TEM observations
(for example, Ishida, Hasegawa and Nagata 1968, Punphrey and
Gleiter 1975, and Lojkowski and Grabski 1979). The widening
of the image of Lhe EGBDs is believed to occur either by the
process of delocalization or spreading of the cores of the
EGBDs (Gleiter 1971, Ishida et al 1968, and Pumphrey and
Gleiter 1974} or by the dissociation of EGBDs into partial
dislocations with small Burgers vectors (Bellmann, Michaut
and Sanifort 1972, Darby, Pond and Smith 1977, Schindler and
Balluffi 1978, and Clark and Smith 1379).

The core delocalization or gpreading model proposes that
the dislocation core spreads out in the boundary plane as
shown schematically in figure (2.5). Figure (2.5a) shows a
lattice dislocation with a localized core approaching a grain
boundary. Figure {(2.5b) shows an extra-half plane introduced
at the grain boundary. The core of the dislocation spreads
out as shown in figure (2.5c¢)}. The driving force for the
Spfeading process is the reduction in the energy. The
reduction in the energy c¢an be viewed in the following

manner:

17



~

Figure 2.4: An electron micrograph showing a grain boundary
containing EGBDs, dislocation rile-ups and/or emission
profiles after 2% plastic deformation in 316L stainless steel
of grain size 3.4 m.
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The total energy of any dislocation ig the sum of the
elastic strain energy and the energy stored in the
dislocation core. For example, the total energy of an edge

diglocation can be written as (Hirth and Lothe 1982):

B = B P GbT [l;’: J (2.2)
ftotal core 4’1‘[(1“‘1)} I‘o
where G is the shear modulus, b is the Burgers vector, v is
the Poisson’s ratio, R is the outer cutoff radius, and r; is
the core radius. From equation {(2.2), it is clear that the
elastic strain energy decreases with increasing core size,
i.e., increasing wvalue of r;. Whereas, the energy stored in
the dislocation core increases with increasing core size. The
dislocation structure of minimum total energy corresponds to
an equilibrium core size, 1.e., the total energy in the
elastic strain field and the dislocation core ig a minimum.
Thus, an EGBD in a highly ordered low energy grain boundary
would remain stable since the process of spreading would
require more energy than the energy gained in reducing the
elastic strain field. TEM observations {Pumphrey and Gleiter
1974, Varin 1979, and Mori and Tangri 1979) made on low
energy special grain boundaries show that the grain boundary
dislocations are much more stable. However, in high energy
random grain boundaries there is little long range order {(as

compared with special grain boundaries) and therefore the
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gystem c¢an reduce the total energy by spreading of the
digslocation core. It is this reduction in the strain energy
of the dislocation which causes the disappearance of the
contrast in Lhe elecltron microscope.

The dissociation model proposes that EGBDs split into
partial dislocationsg with small Burgers vectors. Such a model
appears to have a physical meaning in the case of a well
defined boundary structure, e.g., special grain boundaries.
An example of such a process is shown in the electron
micrograph of figure (2.6). However, in the case of random
grain boundaries there has been no evidence of the splitting
of HGBDs into partial dislocations. Also, in these boundaries
the Burgers vector of the partial dislocations would be so
small that the concept noe longer retains its physical
gignificance. In such a case, the core spreading model can be
equivalently represented by the dissociation model by an
infinite number of dislocations of infinitesimal Burgers
vectors (Darby, Schindler and Balluffi 1978).

Johannesson and Tholen (1972) derived the kinetics of
gpreading based on the dissociation model. The rate of
dissociation was calculated by estimating the rate of
separation of two partial dislocations, as shown in figure
{2.7). The rate of separation being controlled by grain

boundary diffusion, is given by

]
]




Figure 2.6: Splitting of a lattice dislocation into five
boundary dislocations in a E = 39 boundary in stainless steel
{Bollmann, Michaut and Sanifort 1972).

22



Figure 2.7: Dissociation of a lattice dislocation into
partial dislocations with small Burgers vector (Johannesson

and Tholen 1972).
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’ gb
ds _  GbV.D (2.3)

dt 2%(1~p)kTSZ

where S 1is the distance of separation between the two

b .
DY is the grain boundary

dislocations of Burgers vector b,
gelf~diftfusion coefficient, V is the atomic veolume and k is
the Boltzmann constant. By integrating equation (2.3}, a
relation between the spreading time (td) and the sgpreading

temperature (Td) for a given critical gseparation distance a,

can be dervived:

2%{1“v)k,agTd

t, o= {2.4)
4 3Gbv.peP
- gb . g4b Ang . gb . . -
Since D = Do exXP |~ FyF— (where DO is the frequency

factor, AQ N is the activation energy for grain boundary
g
self-diffusion, and R is the gas constant), equation (2.4)

can be re~-written as

AQ_, |
€= A,Pdexp( ﬁfzm ] (2.5)

2%(1*u)k.a3
where A = .
SGbV.ng

Lojkowski and Grabski (1981) derived another equalion

based on the assumption that the widened core of the
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dislocation can be modeled by a continuous digtribution of
dislocations with infinitesimally small Burgers vectors.
These infinitesimally small dislocations repel each other and
by climbing spread out in the grain boundary plane. Assuming
that grain boundary diffusion conlrols the rate of climb,
they derived the following relationship between spreading

time and the spreading temperature:
Ang
o= A.Idexp[ B ) {2.6)

where A = Z2—2lii., and S ig the dislocation core width and )

is the grain boundary width.

On examining equations (2.5) and (2.8) it can be seen
that the two models discussed above vield similar kinetics
for the spreading of EGBDs. The grain boundary width A can be
assumed to be in the range of 4b to 6b (approximately 10 to
15 A° for most materials). For A = 4b, equation (2.6)
predicts the spreading time td to be slightly higher than
that predicted by equation {(2.5). For A = 6b, equation (2.6)
predicts more or less the same spreading time td as predicted
by equation (2.5). Thus, the experimentally observed
spreading kinetics cannot be used to deduce the validity of
either of the two models discussed above.

The digappearance of the EGBD contrast in the TEM image
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ig supposed to occur when the core width 8 reaches in the
vange of 1 to 2 extinction distances. Using equation (2.8),
the calculated curves of spreading temperature Td versus
gspreading time td for nickel and aluminum are shown in figure
{2.8). The vertical bars in the figure represeni the results
of the measurements of spreading temperatures and times of
LGiBDs in polyverystalline nickel {(Pumphrey and Gleiter 1974)
and high purity polycrystalline aluminum {Lojkowski and
Grabski 1979). Thus , it can be concluded that the
disappearance kinetics of EGBDs predicted by equation (2.6)
ig in agreement with the experimental results.

However, the disappearance of the RGEBD contrast does not
imply their complete annihilation, i.e., the complete
recovery of the non-equilibrium structure of grain boundary.
The complete annihilation of EGBDs requires that their
Burgers vector must go to zero. Neither the core spreading
nmodel nor the dissociation model discussed above can explain
the recovery of non-eguilibrium grain boundaries on annealing
at high temperatures., On a boundary of finite 1length
containing a certain density of EGBDs, the spreading of the
cores cannolt continue indefinitely. The spreading process
must stop after a finite core width is reached. The final
core width being dependent on (a) the equilibrium core width

determined by the structure of grain boundary and/or (b) the

interaction between adjacent spread out LEGBDg (Varin,
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Figure 2.8: Plots of the spreading temperature versus
spreading time for (a) nickel and (b) aluminum; the bars
indicate the experimental values (Lojkowski and Grabski

1981},
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Kurzydlowski and Tangri 1987). As discussed earlier, the
equilibrium core width will be small on special grain
boundaries and large on random grain boundaries. Also, higher
the density of EGBDs on a given grain boundary, smaller would
be the widening of their cores.

Experimental observations {Varin and Tangri 1982,
Valiev, Gertsman and Kaibyshev 1980, and Grabski, Valiev,
Wyrezykowski and Lojkowski 1981) also show that grain
boundaries remain in a non-equilibrium state even after the
image of the EGBDs is no longer visible in the electron
microscope. Varin and Tangri (1982) made use of the spreading
temperature as an indicator of the state of the grain
boundaries after annealing of heavily deformed specimens. Low
values of the spreading temperature indicate that the grain
boundaries are in a non-equilibrium state {(Pumphrey and
Gleiter 1874 and 1975, and Varin and Tangri 1980). Figure
(2.9a) shows the wvariation of the spreading temperature
{solid line) and the grain diameter (broken line) as a
function of annealing temperature al a constant annealing
time of 50 minutes in cold-worked specimens of an austenitic
stainless steel, The measured spreading temperature of 438°C
after annealing at 750°C is significantly lower than the
measured value of 515°C after annealing at 1095°C. This
implies that the grain boundaries after annealing at 750°C

are in a non-equilibrium state, i.e., the strain field of the
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Figure 2.9: Dependence of the mean spreading temperature of
EGRDs (solid line) and the true volume grain diameter (broken
line) on (a) the annealing temperature and {b) the annealing
time of cold worked specimens of austenitic stainless steel;
numbers in the bracket indicate the number of boundaries
employed for each data point (Varin and Tangri 1982).
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EGBDs has not been annihilated. Bevond  the annealing
temperature of 750°C (sece figure 2.%a) the increase in the
spreading temperature indicates the ongect of the
equilibration of grain boundaries. From figure (2.9b), it can
bhe seen that the spreading temperature becomes constant
beyond an annealing time of 10 minutes for a constant
annealing temperature of 1095°C. This implies that an
annealing tLtime of 10 minutes is sufficient for the
equilibration of grain boundaries at this temperature.

The above observations are 1in agreement with the
investigation (Grabski et al 1981) on the <changes in the
vield stress as a result of equilibration of grain
boundaries. The results of the investigation are plotted in
figure (2.10) which shows the dependence of yield stress on
the annealing temperature at a constant annealing time of §
minutes for 1% pre-strained specimens of 310 stainless steel.
In-situ TEM observations show that the image of the EGBDs
disappears at a temperature of 735 K (462°C). But the vield
stress remains more or less unchanged up to annealing
temperatures of 770 K (497°C). Thus, it can be concluded that
the structure of grain boundaries remainsg egssentially
unchanged after the spreading of EGBDs. Figure (2.10) also
shows that yvield stress recovery takes place on annealing at
a temperature of 897°C. But the TEM observations {(Grabski et

al 1981} showed no change in the density of dislocations
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Figure 2.10: Dependence of yield stress on the annealing
temperature for a constant annealing time of 5 minutes in 1%
pre-strained specimens of 310 stainless steel of grain size
7.0 ym (Grabski, Valiev, Wyrzykowski and Lojkowski 1981},
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inside the grains. Therefore, it was concluded that the
recovery of the grain boundary structure must be responsible
for the recovery of yvield stress.

From the above discussion it is evident that after the
diglocations have spread out, some other micro-mechanism must
be initiated to explain the phenomenon of recovery of
non-equilibrium grain boundary structure. A model proposed by
Varin and Kurzyvdlowski (1983) attempts to explain the
recovery of non-equilibrium grain boundaries. Their model
assumes that +the annihilation of EGBDs occurs wvia climb
accompanied by plastic deformation at the Eriple points. The
resulting plastic deformation at the triple points is
accommodated by volume diffusion of vacancies, as shown in
figure (2.11). The deformation rate ¢, during accommodation
by volume diffusion has been assumed to follow the equation
for Nabarro~Herring type diffusional creep derived by Ashby

{1871):

. % (2.7)

where the stress ¢ near a triple point is assumed to be given

by

Gbp

2r(1-v) (2.8)

and D is the lattice self-diffugion coefficient, £ is the
g
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Figure 2.11: EGBDs climb towards the triple points as a
result of volume diffusion of vacancies {Varin and
Kurzydlowski 1983).
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grain size and p is the density of «EGBDs. Relating the
deformation rate £ to the annihilation rate of EGBDs, they
derived the following relation between annealing time and
temperature required for the equilibration of non-eqguilibrium
grain boundaries (equilibration process being assumed to be
completed when the density of EGBDs drops below 10% of the

initial density):

2. 3kTa(1-p)&”

20GVD _ (2.9)

The authors did not attempt to relate the annihilation
process with other changes in microstructure (e.g., changes
in the vicinity of grain boundaries). The predicted resultis
were reported to be in agreement with some experimental
regsults on the equilibration of grain boundaries obtained in
a deformed austenitic stainless steel {Varin 1982). However,
egquation (2.9) is unable to explain the experimental results
shown in figures (2.9} and (2.10). For heavily deformed
stainless steel specimens the recovery of grain boundaries
occurs at an annealing temperature of 1095°C at an annealing
time of 10 minutes {see figure 2.9b). Whereas equation (2.9)
predicts a much larger annealing time of 92 minutes at this
annealing temperature. Simitarly, for the 1% deformed
apecimens the time required to equilibrate the grain

o Oy

boundaries is 5 minutes at an annealing itemperature of 897 C
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(see figure 2.10), while equation (2.9} predicts an annealing

time of 96 minutes {approximately 20 times larger than that

obtained experimentally). The above calculations were

made by

using the following values of the parameters in eguation

(2.9): k = 1.18 x 107 g.x"% » = 0.283; Vv = 8.38

m°; G = 8.43 x 10'° z

10030

N.m “; and the grain sizes £ were taken

as 52,0 m (read from the broken curve in figure 2.8b} and

7.0 ym (given in figure 2.9).

It is suggested that this lack of correlation

between

the experimental results is due te the following reasons:

1. The assumpltion of the stress near a triple point

given by eguation {(2.8) is  wvalid only

for a

dislocation pile-up and not for the dislocation

configuration shown in {figure (2.11)
configuration can be better approximated

dislocation arrangement in a tilt boundary).

el

temperature are independent of the starting

of EGBDs {see equation 2.9). This appears

{the

by the

The predicted values of the equilibration time and

dengity

to be

somewhat unrealistic. It can be seen from the

experimental observationg that the equilibration time

and temperature are much higher for the

heavily

deformed material (figure 2.9) than for the material

deformed to small strains (figure 2.10).

3. It may also be pointed out that the physical

pProcess



of the ®EGBD annihilation shown by the authors in
figure (2.11) is incovrect. The direction of the
motion of the EGBDg shown in the figure reguires that
the vacancies flow inwards {towards the triple point)
rather than outwards as shown in region A.

In view of +the above mentioned digscrepancies, a new
model (to be discussed in chapter 4) has been proposed which
also takes into account changes in the microstructure Lo the
annihilation of REGBDs as a result of annealing at elevated

temperatures.

2,3, THE INFLUENCE OF GRAIN SIZE AND STRUCTURE OF GRAIN
BOUNDARIES ON THE MECHANICAL PROPERTIES OF POLYCRYSTALS

2.3.1. THE HALL~PETCH MODELS

Since the original work by Hall (1951) and Petch (1953),
there have been several models proposed to describe the
influence of grain size on the vield and f{flow stress of
metals and alloys. In general, a vast majority of data in
literature {(e.g., Armstrong, Codd, Douthwaite and Petch 1962,
Fujita and Tabata 18973, Meakin and Petch 1974, Lloyd 1980,
and Hansen and Ralph 1982) shows that the wvariation in the
vield and flow stress with grain size follows a Hall-Petch

type of relationship:



ole) = o () + K(e)o /2 (2.10)

Lo}

0

where o{e) is the flow stress, £ is the grain size and 60(6)
and K{c) are constants al a given strain e,

Deviations from the Hall-Petch relationship have also
been reported (Grange 1966, Morrison 1966, Abrahamson 1970,
Fujita and Tabata 1973, Thompson 1975 and 1877, and Lloyd
1980} for some materials under certain grain size range and
testing conditions, These deviations have been usually
observed in the range of fine grain sizes (less than 5.0 m).
The experimental data on fine grained aluminum and aluminum
alloys, and nickel (Theompson 1975 and Lloyd 1980) exhibits
one of the following features: 1) £ ' instead of £ V7
dependence of g¢{eg); 2) two slopes in the Hall-Petch plots
1/2)

{o(g) versus £ . Stress~gtrain curve crossings (Thompson

1977) have also been observed in fine grained (3.4 pm) and
coarse grained (150 um) polycrystals of copper.

The above resulls have been explained on the basis that
fine grained materials develop a highly inhomogeneocus
distribution of dislocations {a high density of dislocations
in the vicinity of grain boundaries}. However, the
experimental data for such fine grained materials is scarce
and also shows a larger scatter. This makes it difficult to
arrive at a unigue explanation on the deformation hehavior,
The situation is further complicated by the fact that there

may be differences in the microstructure of f{ine and coarse

™
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grain gigzed specimens. The microstructural differences
include texture, dislocation density and distribution, grain
boundary structure and grain size distribution. Specimen
thickness is also an important factor which may have a
gignificant effect on the reported data. As shown by
Miyvazaki, Shibata and Fujita ({1979}, specimen thickness is
critical for materials with low stacking fault energy (SFE)
where as many as b0 grains are required in the thickness
direction to obtain a representative polycrystal deformation
behavior, Thus, in order to understand the deformation
behavior of these ultra fine-grained materials well
documented experimental data is necessary which at present isg
rather scarce.

The wvariocus attempts made to rationalize the Hall-Petch
relationship can be broadly clasgified into two categories:

1. The dislocation pile-up models (Hall 1951, Petch

1953, Cottrell 1858, and Armstrong et al 1962)
These models are based on a concept of pile-up of
dislocations alt a grain boundary. The models assunme
that the flow stress of a polycrystal is controlled
by the pile-up stress causing propagation of slip

acrogss grain boundaries.

D

The work-hardening models (Conrad 1963, Kocks 1970,

Ashby 1970, Thompson, Baskes and Flanagan 1973, and

Mecking 1881) : The models in this category propose
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that the flow stress is governed by the accumulation
of dislocations in the grains. The flow stress is
taken to be proportional to the square root of the
dengity of dislocations.
These two types of models are discussed in detail below
and their main features are also summarised in Table (2,1).
The bagic idea underlying the dislocation pile-up model
iz that the gtress concentration produced by a pile-~up of
dislocations at a grain boundary activates dislocation
gsources in the neighbouring grain. The stress at the head of
the pile-up is proportional to the density of dislocations
{number per unit length) in the pile-up, which in turn is
expected to be proportional to the grain size. This leads to
the grain size dependence of flow stress. Based on this
concept, Armstrong et al (1962) proposed that if T, is the
critical stress required to operate a dislocation source at a
distance r from the grain boundary {(see figure in Table 2.1)
then K(eg) in equation (2.10) is given by the Tfollowing
equation:

K(e) = m*x r'/? (2.11)
where m is the Taylor orientation factor. From equation
{2.11}, it can be deduced that K(e&) would increase if T,
increases (i.e., increase in the difficulty of operating a
dislocation source) during plastic deformation. Generation of

unlocked dislocation sources during deformation would




TABLE 2.1
The Hall - Petch models

DISLOCATION Flow stress is controlled o (¢) = friction
PILE-UP MCODELS |by the pile-up stress at ° stress.
{Hall 1951 GBs causing propogation K(e) = mir p1/2
Petch 1953 of slip in the neighbour- - c
CottreLL 1958 grain. From Armstrong is ex ted
Armstrong et al (1962): Tt pecte
et al 1962) _ to vary with

ole) = oo(e) * strain which
_ mztcrilzt-ila in turn would
PILE-UP _ . . lead to the
m = orientftion factor ; -
- s variation of

e Tt = stress required to L

c : K{e) with
activate a .
strain.

TISLOCATIDN STARCE

dislocation source

WORK~-HARDENING
MODELS

(Conrad 1863

Ashby 1970

Thompson

et al 1973)

Original Model by
Conrad {1963):

£ = B(pbﬂ) gives,
gle) = oo(e) +
ab [ £ 1/2£-1/2
*° 6B

Predicts a para-
bolic o - € curve

K(S) o« 61/2,

continuously
increases with
strain.

Ashby (1970):

ole) ='ao(e) +
172
aGb(pg+ ps)
= C bx >
Py N4 g Py P,
c{e) = o +
1/2
aGb(gg) e-1/2

Predicts a para-
bolic ¢ - £ curve

K(e) {x-_euz

Model emphasizes
dislocation
activity in the
vicinity of
grain boundaries.

Each grain regarded as a
composite consisting of a
hard mantle zone and a
soft grain interior

ole) = o+

x +K A K
1 - 8 1 + 8 2
Z ] Z £1/2
8
K and K_are
1 2

experimental constants.

Small strains:

GB contribution
dominates

Predicts a
decreasing K(e)
with strain.

Large strains:

Grain interior
contribution
dominates.

ole) « £71
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decrease T thereby resulting in a decrease in K{eg) as a
function of strain., The effect of unlocking of dislocation
sources on K{g) can be ecasily understood in materials like
annealed « = diron which exhibit a yield point because
dislocations are locked by the Cottrell mechanism. Figure
{2.12) shows the plots of flow stress as a function of the
inverse of the gsqguare root of grain sizZze at various strain
levels Tfor room Lemperature deformation of o - iron. The
plots show that the value of K(g) {given by the slopes of the
lines in figure 2.12) decreases sharply on deformation beyond
the lower vyield point. This decrease in K{eg} has been
agsoclated with both the newly created dislocation sources
and the unpinning of the previously locked dislocation
gsources., In the case of fcc materials where the yield point
is normally absent because there 1is 1little dislocation
locking, K{e) has been observed to show an initial increase
up to a certain strain level and on further straining it 1is
observed to decrease. The decrease in K{e} beyvond a certain
strain has been usually ascribed to the onset of recovery
processes (e.g., Lloyd 1980}). A more detailed discussion on
the factors which influence the variation of K(eg)} with strain
ig discussed in section {(2.3.2).

GO(E) is interpreted as the friction stress in the grain

interior. It is expected to vary with strain as a result of

dislocation accumulation and interaction within the grains.
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Figure 2.12: Plots of flow stress as a function of £ /% in

o« - iron deformed to different strain levels at room
temperature (Armstrong et al 1962).
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The work-hardening in the grain interior has been
approximated {(Armstrong et al 1962) Lo the mono -~ crystal
hardening (Hirsch 1975} where similar dislocation
interactions occur. The relationship between the hardening in
the grain interior of polyverystals and the mono-crystal

hardening can be obtained by the following relationships:

ale) = mu{y) {(2.12)

ancd
S 2 ]
€ = {(2.13})

where m is the average orientation factor, % and y are the
resolved shear stress and shear gtrain respectively. From
equations (2.12) and (2.13), the work-hardening in the grain
interior is related to the work-hardening in mono-crystals by

the following equation:

2 = e CL (2.14)
¥

A discussion on the validity of the above equation in terms
of microstructural changes is given in section {(2.3.2).

The concept of work-hardening to expiain the Hall-Petch
relationship was first proposed by Conrad {1963). The model
is based on the well known experimental observation that flow

stress of polycrystals can be described by the equation:
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ole) = o+ atb.fp (2.15)
where o is the friction stress, o is a constant factor, G is
the shear modulus and p ig the density of diglocations in the
grains, Assuming that the density of dislocations is
inversely proportional to the graln size,; Conrad derived the

following equation:

ole) = o+ o:Gb( E““E‘ Jusz“g (2.16)
where B is a constant. Eguation (2.16) predicts a parabolic
gstress—~strain curve and therefore can be used to describe the
variation of flow stress with grain size in only a limited
number of materials, e.g., Nb {Conrad 1967},

Ashby (1970} extended the work-hardening approach to
take into accounl the inhomogeneous nature of plastic
deformation within the individual grains. He sgsuggested that
the process of work-hardening c¢an be understood in terms of
statistically stored digslocations ps and geometrically
necegssary dislocations pg (see figure in Table 2.1). By a
simple arithmetic addition of the two densities, pg {given by

C ¢ C e
%ﬁm } and Pe {given by g%w ), and using equation {2.15) Ashby
e S

derived a relation for the flow atress:

ole) = o + aGblp, + YV s 4 qu(: i

5 o
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where % and X are the slip distances for the geometrically
g s
necessary and the statistically stored dislocations, and Ci

and C? are constants. In general, p can be neglected because
- &

p 1s much higher than p . Therefore, equation (2.17) reduces
q s

to the Hall-Petch relationship given by equation {(2.10). As
in the case of equation (2.16), equation (2.17) also predicts
a parabolic stress—strain dependence,

Thompson et al {1973) suggested that since the
geometrically necessary dislocations are concenlrated in the
grain boundary vicinity, each grain can be regarded as a
composite consisting of a hard mantle zone and a soft grain
interior. The contributicns from the two regions to the
overall flow stress are obtained by multiplying the stresses
by the regpective area fractions of each region. The sum of
the two contributions gives the following rvrelationship

between flow stress and grain size:

RS K1 Rq K?
U(L) = O'O + 1 - (“‘:“" ‘X:. + "E”‘ ET;‘g (2'i8)

where K1 and K? are experimental constants.
In the range of small strains X 1is of the order of
S
grain size and thus, equation (2.18) reduces to the

Hall-Petch equation with

X K
r 2

8

z

Kleg) = {(2.19)
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The density of statistically stored dislocations increases
with strain. As a resulit, the slip distance K? and tLthereby
K{e) decreases with increaging strain. Ashby’s model
{equation 2.17) on the other hand, predicts a continuous
increase in  K(g) with strain, At  large strains, the
statistical term dominates leading to a ﬂni dependence of the
flow stress. At intermediate strains, both the gecometrically
necessary and the statistically stored dislocations govern
the flow stress. This leads to a complex relationship between
flow stress and grain size.

In view of the above discussion, it is clear that the
proposed models are based on different assumptions and
therefore they predict different variations of the Hall-Petch
parameters with strain. TFor example, +the models do not
uniquely predict the strain dependence of K{g) with strain.
The parameter K{g) may increase with strain {equations 2.18
and 2.17) or may decrease with strain {equation 2.19).
Equation {(2.11) based on the pile-up model does not
explicitly describe the variation of Ki{g) {which is
dependent on the variation of the critical stress te generate
dislocations as a function of strainj).

It may be pointed out that since the work-hardening
models have been developed from a purely geometric
consideration, it is difficult to attach phyvsical

significance +to the parameters involved 1in the derived



equations. For example, equation (2.19) which relates K(g) to
the slip distance of statistically stored dislocations in the
small strain regime, deoes nol permil one to interpret K(eg) in
terms of operative mechanisms during the early stages of
deformation. Even though eguation (2.18) has been applied
successfully to explain the deformation behavior of
aluminum, copper and brass (Thompson et al 1973, and
Thompson and Baskes 1973), it has limited wutility in
developing an understanding of Lhe physics of deformation.
Another limitation of equations (2.18) and (2.19) is that
they have several adjustable parameters (00, Kl, Kz and RS)
and therefore one can expect a good il on experimental data
obtained from a wide range of metals and alloys. Thus, a good
fit does not necessarily imply the validity of the model. A
better method of verification would be to test the validity
of the assumptions made in the model. Unfortunately, this is
not an easy task, since it ig difficult to distinguish the
two diglocation densities: geometrically necessary and
statistically stored dislocations. This is particularly true
in the case of high stacking fault energy {(SFE) materials.
TEM observations (Thomas 1963, Hansen and Bay 1982, IHansen
and Ralph 1982) show +that it is difficult to obtain a
guantitative description of the composite structure (hard
mantle zone and a soft grain interior) as demanded by the

model. Thus, the work-hardening models in their present form
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are not particularly suited for gaining an understanding on
the processes which govern the overall deformation behavior
of polyerystals. In low SFE materials {e.g., a-brasses and
austenitic stainless steels), Lhe dislocations are confined
in their slip planes leading to the formation of dislocation
pile-ups at grain boundaries {Thomas 1963, Meakin and Petch
1994). Figure (2.4) shows the existence of dislocation
pile-ups and other microstructural features (e.g., emission
profiles and EGBDs) in a deformed 316L austenitic stainless
steel. Therefore, the dislocation pile~up model may be the
best approximation to explain the deformation of low S8FE
materials.

However, all models, including the dislocaltion pile-up
model, neglect the influence of the grain boundary structure
on the flow stress, It was shown in section 2.2 (figure 2.9)
that grain boundary structure has a significant influence on
the mechanical properties of polycerystals. However, no
attempt was made to explain the dependence of the mechanical
properties on Lthe grain boundary structure., Therefore, the
next sgection examines the influence of +the grain boundary
gtructure on the deformation behavior from a mechanistic

point of view.
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Z2.3.2. THE EFFECT OF GRAIN BOUNDARY STRUCTURE

It is generally recognized that grain boundaries are
sources of lattice disioéations (Li 1963, Singh and Tangri
1970, Murr 1974 and 1975, and Malis and Tangri 1979) during
plastic deformation of polycrystalline materials. The
structure of grain boundaries can affect the conditions for
dislocation emission from grain boundaries, which in turn
would have an effect on the deformation behavior of
polycrystals. However, there are only a limited number of
investigations (Murr 1974, 1975 and 1981, Gleiter 1977,
Grabski 1982, Varin, Kurzydlowski and Tangri 1987) which
relate the structure of grain boundaries to the generation of
dislocations at and in the vicinity of grain boundarics.
In-situ TEM observations (Murr 1974 and 1975) show that grain
boundary ledges are a common source of lattice dislocations.
These ledges which can be described by an array of single or
agglomerated extrinsic grain boundary dislocations (EGBDs),
have been shown to be a principal source of dislocations in
the early stages of plastic deformation., The number of
sources increase with increasing plastic deformation which
leads to a larger number of emission profiles in the 7TEM
image. If the EGBDs are the principal sources of dislocations
as the above mentioned observations suggest, Lhen the

increase in the density of grain boundary disltocations with




strain would significantly aiffect the process of emission of

dislocations at grain boundaries.

The idea that an EGBD can be a potential site for the
generation of disleocations at grain boundaries has been
further developed in a theoretical model proposed by Varin,
Kurzydlowski and Tangri (1987). Their model proposes that an
EGBD produces a stress concentration site which facilitates
the generation of lattice dislocations in the vicinity of the
EGBD., In other words, the presence of an REGBD reduces the
stress required to generate dislocations. The authors found
that in the presence of EGBDs with localized cores, the
stress required to generate dislocations becomes very small,
As the core width of an EGBD increases (e.g., by annealing)
the stress concentration decreases and therefore the required
gstress to generate dislocations increases. Table (2.2) shows
the calculated values of the stress required to generate
dislocations as a function of the core width of an REGBD.
However, an external stress can constrict the core of an EGED
with a wide core (Gleiter 1977, and UGrabski 1982). Such a
mechanism can be envisaged by assuming a spread out EGBD to
be described by partial dislocations with very small Burgers
vectors (see section 2.2). Then the applied stress can push
the partial dislocations together leading to the localizatian
of a delocalized core of an EGBD. But as vyet there is no

satigfactory model which ~an describe the localization




TABLE 2.2
The caiculated wvalues of the stress reqguired to =Zeneratle
dislocations at a pre-existing extrinsic grain boundary
dislocation as a function of wvarious core widths of the
extrinsic grain boundary dislocation {Varin, Kurzydlowski and
Tangri 1987).

Core width of Stress {(tv) required to
an EGBD (m) generate dislocatio ns
1 x 1077 Very small
2 x 107° Very small
. -9 .
3 x 10 G/255
3.5 x 1077 G/120
4 x 1077 G/90
-9 P
5 % 10 G/63
G 0.77Gb 1
T

30 (i =Y §
where S is the EGBD core width
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phenomenon. Also, such a mechanism is expected to operate
onty 1f the temperature of deformation is Jlow. At high
temperatures there will always be a tendency for the
diglocation to spread its core and thus it will not be an
effective stress concentrator.

Since EGBDs are not a part of the eguilibrium structure
of the grain boundary, their presence results in uncancelled
long range elastic stress field (e.g.; Gleiter 1977). It is
expected that the long range stresses will contribute to the
work-hardening of polycrystals. Therefore, the existence of
these stresses cannot be neglected in any detailed study on
the influence of the grain boundary structure on the
deformation characteristics. In spite of this fact, it has
merited little discussion in literature.

The above discussed grain boundary structural effects
can be isolated by examining their impact on the
experimentally observed variation of the Hall~-Petch
parameters oo(e) and K{e¢) in equation (2.10). In iight of the
experimental observations available in literatuvre, some of
the proposed ideas are briefly discussed below. The exact
nature of the role played by the grain boundary structure and
its implications on the Hall-Petch analysis is discussed in
detail in chapter 4.

Figure (2.13) shows the wvariation of the Hall-Petch

parameters o (&) and Kf{g) for polycecrystalline aluminum

(83
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deformed at room temperature. From the figure, it can be seen
Lthat K{e} initially increases and goes through a wpeak and
then continuously decreases with strain., The initial increase
in K(e¢) has been associated with grain boundary strengthening
and/or increased difficulty in the operation of grain
boundary dislocation sources. The decrecase in K(e) observed
beyond a certain strain has been associated with the
formation of dislocation cells and sub-grains as a result of
recovery processes f{e.g., c¢ross-slip which occurs rather
casily in high SFE materials like aluminum). The reason for
this decrease is that the recovery processes occur at a
higher rate in the fine grained malerials as compared with
the c¢oarse grained materials (Lloyd 1980). This leads to a
much faster decrease in the work-hardening rate of the fine
grained material beyond a certain strain which in turn
results in the observed decrease in K{c). Thus, the physical
interpretation of K{(e) in the higher strain regime becomes
questionable since the specimens of different grain sizes may
have widely different dislocation structures. TEM
observations (Lloyd 1980} made on aluminum confirm that the
coarse grained material at large strains shows a well defined
cell sgtructure in the entire grain area. While the fine
grained material shows large density of dislocations in the
vicinity of grain boundaries and few dislocations in the

grain interior. Also, the formation of cells or sub-grains

53




kig)- INfmm?' )

(el (MPal

o - . + 0
0.0 010 020 0.30
¢ - TRUE STRAIN

Figure 2.13: The variation of the Hall-Petch parameters ¢ (e)
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and K(g) as a function of strain in polycrystalline aluminum
deformed at room temperature (Fujita and Tabata 1973).
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implies that the initial wvalue of the grain size can no
longer be used in the Hall-Petch relationship (equation
2.10).

Figure (2.14) shows the plot of K{g) as a function of
strain in 70:30 brasg deformed at rocom Lemperature. Kf{g)
shows a small increase and then becomes more or less
constant. On further sgstraining K{z) is observed +o drop.
Thus, the trend of Lhe variation of K(g) is similar to that
observed in the polycrystalline aluminum {see figure 2.13).
However, such a variation in K{(g¢) ecannot be explained as a
result of recovery processes, since no significant recovery
is expected in « ~ brass which is a low SFE material. Meakin
and Petch (1974) suggested that this decrease may be due to
the unlocking of dislocation sources at the head of
digslocation pile-ups. This is presumably because with plastic
deformation, the density of dislocationg in the individual
pile—-ups and the density of pile-ups themselves increase with
strain leading to a higher stress concentrations at and in
the vicinity of grain boundaries. The high stresses produced,
leads to a decrease in the stress required to generate
dislocations and/or unlock previously locked dislocation
sources in the wvicinity of pile-ups. Another possible
mechanism which may be proposed here iz thalt the disiocations
are preferentially emitted in the wvicinity of EGBDs. As

discussed earliier in this gection, EGBDs being powerful
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Figure 2.14: The variation of K(g) as a function of strain in
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stress concentrators, can lead to a decrease in the siress
required to generate dislocations al grain boundaries. Such a
mechanism can also be expected to operate in the case of high
SFE materials where also EGBDs are formed during plastic
deformation. But, in these materials, the recovery mechanisms
which are initiated at small strains, may dominate the
plastic deformation process.

Referring to figure (2.13) again, it may be seen that
06(8) varies parabolically with strain for aluminum deformed
at room Lemperature. In contragt for low SFE o-brass
polycrystals {(produced by a high Zn content) GO(E) - £ curve
is linear (Meakin and Petch 1974) up to large strains. In the
zase of relatively high SFE o-brass (produced by decreaging
the Zn content) oo(e) -~ ¢ curve ig parabolic as shown in
figure (2.15). The departure from linearity in the plots of
00(5) versus strain, as the Zn content in o -~ brasses is
decreased, i.e.,; as the SFE increases can be clearly observed
in figure (2.15). Meakin and Petch concluded, that this
departure from linearity occurs due to the onset of recovery
at small strains in high SFE materials.

GO(E) which is the friction stress in the grain interior
has been associated with mono-crystal hardening
characteristics (see equations 2.12 - 2.14), The linear
variation of oo(g) with strain is associated with stage II

type of hardening in mono-crystals (Hirsch 1975) which is
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characterized by dislocation accumulation by multiple slip
with no evidence of c¢ross-slip. The parabolic OO(E) - £ curve
is associated with stage I1E type of hardening in
mono-crystals which is characterized by recovery processes.
Armstrong (1983), compared the experimenltal slope of
05(5) - ¢ curve for 70:30 brass with the computed slope of
stage 1I. Using equation (2.14), he found that the calculated
value of 76 N.mm © is considerably lower (10 times lower)
than the experimental value of 760 N.m °. The difference hasg
been explained on Lthe bhasis that in mono-crystals,
dislocations c¢an escape to the free surface, while in
polycrystals the dislocations are trapped at grain boundaries
forming EGBDs, pile-ups, etc. The presence of REGBDs would
produce a long range stress field. This long range stress
field would also contribute Eo the friction stress ao(e) in
the grain interior. Since the density of EGBDs increases with
plastic deformation, this contribution would increase with
strain leading to higher work-hardening rates in the grain
interior. In chapter 4 the effect of the presence of EGBDs on
the variation of the Hall-Petch parameters and thereby the
overall deformation behavior of polycrystals is discussed in

detail.
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CHAPTER 3

EXPERIMENTAL PROCEDURE

The experiments were performed on a commercial J316L
stainless steel. The nominal composition of the steel is
given in Table 3.1. The as-received material was in the form
of a plate of thickness 1bmm. The tLtechnigues used in the
thermo-mechanical treatments, mechanical tests, transmission
electron microscopy observations and quantitative
metallography measurements are discussed in the following

sections.

3.1. THERMO-MECHANICAL TREATMENTS

The as-received plate of 316L stainless steel was cold
rolled toe 92% and then recrystallized for 1 hour over a
temperature range of 900°C to 1000°C. This resulted in a
range of grain sizes (defined as the mean intercept length £,
see section 3.4) wvarying from 3.4 pm to 22.4 pum. Table 3.2
shows the individual values of the grain size produced at
different annealing temperaltures. Table 3.2 also lists the
ratio (8D/4L) of the standard deviation (SD) to the mean grain
gsize (£) measured over B0 fields {(each field contained

approximately 100 grains) for each specimen. IlL can be seen
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TABLE 3.1

The nominal composition of commercial 3160 stainless steel
{Boyer and Gall 1985).

C Cr Ni Mo Mn Si P S Fe
% 0.03 16 10 2 2 1 0.045 0.03 balance
TABLE 3.2
Grain size (4£) measurements in specimens of 316L stainless
steel annealed at different temperatures for a constant
annealing time of 1 hour.

T (°C) £ {um) 5D/4
900 3.4 0,090
930 5.6 0.097
955 8.9 0.080
970 11.2 0.084
985 i8.0 0.081
990 21.0 0.077
1000 22.4 0.073
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that the ratio (SD/4) is approximately same for the range of
grain sizes examined. This implies that the spatial variation
of grain size {(i.e., field to field variation) obtained as a
result of Lhe above thermo-mechanical treatments was similar
in all specimens. it may be noled that the annealing
temperatures grealber than or equal to 300°c lead to an
equiaxed grain structure., The grain boundaries at these
annealing temperatures are expected to be in their
egquilibrated state (Varin and Tangri 1982). Hereafter, these
specimens will be referred to as the as-annealed specimens.
Some of the annealed specimens were pre-strained to 2%
in tension and subseguently annealed at temperatures in the
range of 550°C to 1000°C for annealing times varying from 1
to 30 minutes. The short annealing times {less than or equal
to 5 minutes) were obtained in a multi-zZone furnace where the
heating up time was minimised to approximately 15 seconds.
Figure {(3.1a) shows a schematic diagram of the multi-zone
furnace used for the heat treatment. Figure {(3.1b)} shows the
temperature profile along the length of the furnace. The
temperature profile shows that there are three constant
temperature szonegs in the furnace: zone A { kept at
approximately room temperature), zone C (kept at the required
annealing temperature T), and zone B (kept at a temperature
T', approximately 200°C higher than that in gzone C). The

specimen to be annealed ig initially kept at room temperature
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Figure 3.1: (a} A schematic sketch of the multi-zone furnace
the temperature profile along the length of the



in zone A. A thermocouple, directly attached to the specimen
ig used to continuously monitor the specimen temperature. The
gpecimen is pulled into the hot gzone B for rapid heating of
the specimen. W%When the sgpecimen temperature reaches to a
value 50°C lower than the annealiing temperature T, it is
pulled in zone C and annealed for the appropriate anncaling
time followed by water quenching. Figure (3.2) shows a
typical temperature versus time curve for a specimen which
was annealed at 800°C. It can be seen from the figure that it
takes only 15 seconds for the specimen to reach the desired

anhealing temperature.

3.2. TENSILE TESTS

The strips of the rolled material were machined using an
Induma N/C milling machine to prepare standard plate type
tensile specimens., The specimens had a cross-—-section area of
approximately 1.2 x 6.0 mm®  and a gauge length of 25.4 mm.
Thickness of 1.2 mm ensures that the ratio of thickness to
grain size is at least 50 grains for all the grain sizes
considered (see Table 3.2). Thus, the deformation behavior of
these specimens would vreflect that for true polycrystals
(Miyazaki et al 1979). The tension tests were performed at
room temperature on an Instron universal testing machine

on~-line with a PDP~11 gystem for data acquisition. The
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-4 -1
applied strain rate for the tests was 10 s 7,

3.3, TRANSMISSION ELECTRON MICROSCOPY

Thin foils for transmission electron microscopy {TEM)
were prepared by chemical thinning of tensile specimens using
a heated solution of 50% HCL, 10% HNOg, 5% HBPO4, and 3b% HZO
(Hirsch, Howie, Nicholson, Pashley and Whelan 1977). Disks of
3 mm diameter were made with Agemaspark spark cutting
machine. Final thinning was completed wusing a Struers
Tenupol-2 twin jet electropolishing unit operating at 14.5 V
and 70 mA using a 15% perchloric acid: methanol electrolyte
alt -40°C, The foils thus prepared were examined with a JEOL
2000 FX scanning transmission electron microscope operating

at an accelerating potential of 200 KV.

3.4, QUANTITATIVE METALLOGRAPHY

Metallographic measurements were performed on
obgservations made on the surface of the tensile sgpecimens
using light microscopy. The surface layer of the specimens
was removed by chemical thinning (the chemical solution was

the same as that used for TEM foil preparation, section 3.3)



fellowed by mechanical polishingk + The grain boundaries were
revealed by  electrochemical etching {5tephenson 1979):
electrolylbe: 60% HNOS; electrode: platinum; current density:
0.66 mA/mmZ. This etching procedure ensures that the twin
boundaries are not revealed. Another advantase of such an
etching technigue ig that it preferentially etches the grain
boundaries resulting in a sharp black and white contrast, as
shown in the optical micrograph of figure (3.3). Such a
contrast is ideal for metallographic meagsurements on
avtomatic image analysis systems.

The following metallographic measurements were
performed:

1) dintercept lLength, £,

2) grain boundary length, L,

3) dihedral angles, ¢, and

4) grain boundary curvature.

To perform the above measurements, special computer
programs were developed for a Leitz TAS PLUS image analysis
system, For interceplt length measurements the program
generates an image of a grid of parallel lines, in three
different ovientations 120° apart superimposed on the image
of grain boundaries. The programs measure the grain boundary

length as the distance between two triple points, and the

Chemical thinning followed by mechanical polishing results
in the removal of 10 to 30 grains thick surface layer.

o
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An optical micrograph of an annealed specimen of

316L stainless steel.

Figure 3.3:
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dihedral angles as the angles between stralight lines joining
adjacent triple points, For curvature measurements, the
coordinates of individual points on a grain boundary are
determined. Figure {3.4) schematically illustrates the
procedure of the above measurements. The programs developed
for these measurements are discussed in greater detail in
appendix A with an emphasis on the possible sources of errors

and the methods used to minimise them.
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Figure 3.4: A schematic of the measurement procedure for
grain boundary length (L), dihedral angles {(¢) and the grain
boundary curvature.
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CHAPTER 4

RESULTS AND DISCUSSION

In this chapter the effect of the changes in the grain
boundary struclture {e.g., changes in the density of EGBDs) as
a result of pre-strain and annealing on the mechanical
properties of polycrystals of 316L stainless steel of varying
grain size has been examined, As discussed in section (2.2},
the spreading of BEGBDs on annealing does not lead to the
recovery of the non~equilibrium grain boundary structure.
There is no satisfactory model Lo date which can describe the
annihilation of EGBDs as a result of annealing at high
temperatures. Therefore, a theoretical model has been
developed to obtain a quantitative description of the
kinetics of the transformation of non-equilibrium grain
boundaries to equilibrium grain boundaries. A detailed study
has also been carried out to obtain a relationship between
the Hall-Petch parameters o;(c) and K(e) in equation (2.10)

and the structure of grain boundaries.

4.1. THE RELATIONSHIP BETWEEN CHANGES 1IN GRAIN BOUNDARY
STRUCTURE AND PROPERTIES OF POLYCRYSTALS

The changes in the grain boundary structure produced as

a result of 2% pre-strain and subsequent annealing are



described in terms of the changes in the density of
dislocations at and in the vicinity of grain boundaries and
the changes in the geometry of the grain boundary network.
The changes in the geometry of the grain boundary network
were measured on the surface of the specimens in terms of the
changes in the grain boundary length (L), dihedral angles
(), grain boundary curvature, and intercept length (£}. The
measurement technigues of the above metallographic parameters
are discusgsed in section 3.4 ({see also figure 3.4}. These
changes have then been correlated with the mechanical

properties of polyerystals of 316L stainless steel.

4.1.1. EXPERIMENTAL RESULTS

The experiments were done on 316L stainless steel
specimens of two grain sizegs: 3.4 um (fine grain size) and
18.0 um {coarse grain size) produced by annealing of cold
rolled material (refer to section 3.1 and Table 3.2).

Metallographic measurements were performed on the
specimens of the fine grained material (grain size: 3.4 pum)
with the thermo-mechanical histories shown in Table (4.1).

Specimens omploved for metallographic measurements were

also used for transmission electron microscopy {TEM) studies.
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TABLE 4.1

Thermo-mechanical histories of the 316L stainless steel
specimens.,

A. As-annealed, annealed at 900°C for 1 hour.
B. As under A and then pre-strained to 2%.
C. As under B and then annealed at 600°C for 5 minutes.

D. As under B and then annealed at 800°C for 5 minutes.
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4.1,1.1. TENSION TEST RESULTS

The results of the measurements of the yield stress
(0.2% offset) on the material of both grain sizes {3.4 pm and
18,0 pm}, pre-strained to 2% and subsequently annealed at
various temperatures and annealing times are shown in figures
(4.1) and (4.2). Figures (4.1a) and (4.1b) show the variation
of wyvield stress as a function of annealing temperature at a
congstant annealing time of 5 minultes for Lhe specimens of
grain sizes 3.4 pm and 18.0 un respectively. Figures (4.2a)
and {4.2b) show the wvariation of vield stress as a function
of annealing time at constant annealing temperatures of 800°C
and 750°C respectively for the fine grained specimens.

From figures {(4.1a) and (4.1b), it can be seen that
there exists a critical temperature TC, at a given constant
annealing time,; beyond which the yield stregs is observed to
drop. The values of TC {the method for estimating Tc ig shown
in the figures) , listed in Table (4.2) are 680°C and 750°C
for the specimens with grain sizes of 3.4 m and 18.0 m
regspectively., It may be noted that the critical temperature
TC igs larger than the spreading temperature Td at which the
image contrast of EGBDs as observed in TEM disappears after
30 seconds. For this type of steel Td has been estimated to

. - [ S, \ . .
be approximately 500°C for random grain boundaries (Varin and

Tangri 1982, and Kurzydlowski et al 1985). The implication of
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Figure 4.1: Variation of yield stress as a function of
annealing temperature for a constant annealing time of 5
minutes after 2% pre-strain in 316L stainless steel specimens
of grain sizes (a) 3.4 pym and (b) 18.0 pm.
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TABLE 4.2

EBxperimentally estimated values of the

critical temperature
T for fine and coarse grained 318L stainless steel.
o
Grain Size Annealing Time Critical Temperature
(pm) {minutest) T (°C)
[
3.4 5 680
18.0 5 750
T 1is defined as shown in figures (4.1a} and (4.1b)
[
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this observation, as also noted earlier, is that the fading
of TEM contrast of the EGBDs does not coincide with the
recovery of the yield stress or with the reccovery of
non-equilibrium grain boundaries.

The c¢ritical temperature TC depends on the time of
annealing and generally longer times result in lower values
of Tr. On increasing the annealing temperature beyond Tc, the
vield stress steadily decreases to a stable value similar to
that observed in the as-annealed material., Figures (4.2a) and
(4.2b) show that the yvield stress continuously decreases with
increasing annealing time for a given annealing temperature.
Thus, it can be concluded that there is a combination of
annealing temperature (denoted by Tr) and annealing time
{denoted by tr) at which the yield stress of the pre-strained

specimens is completely recovered.

4,1.1.2. METALLOGRAPHY MEASUREMENTS RESULTS

Results of the grain boundary length measurements are
shown in the form of histograms in figure (4.3). Mean values
and 95% confidence limits (Spiegel 1975) obtained from the
distribution of the grain boundary lengths are plotted in
figure (4.4a) and are also listed in Table {4.3). The results
indicate that there 1s no significant difference in the

values of the mean grain boundary length for specimens A, B
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Figure 4.3: Distribution of grain boundary lengths for the
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minutes.
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dihedral

regults

specimens A,

angles

of the measurements
, curvature

B, C

TABLE 4.3

and

and I for the

of
mearn

fine

grain boundary length,
intercept length
grained material.

for

A

=

C

Mean grain
boundary
Tength (um)

2.18%0.09

2.23%0.10

Standard
deviation
of dihedral
angles ()"

26.76

27.60

26.80

25.89

Fraction of
curved
grain
boundaries ™

(%)

21.674.5

29.9%3.4

26.8%3.7

34.,953.17

Mean ok
intercept
length (pum)

3.39%0.10

3.23x0.11

3.48%0.11

3.4750.14

K -
number of measurements exceeded 500,

X

for each

*mean intercept length?was calculated from 50 fields with
an area of 73 x 63 um”

field.

intercepts measured exceeded 3000.

Total number of
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and C. However, the mean grain boundary length for specimen D
(annealed at 800°C for 5 minutes) is gignificantly higher
than those for specimens A, B and €. Also the scatter (i.e.,
Lthe 95% confidence 1limit) of grain boundary lengths for
specimen D is Dbroader than the scatter for the other
specimens.

The distributions of the dihedral angles for specimens A
through D are shown as histograms in figure (4.5), The plot
of the standard deviation of dihedral angles as a function of
pre-strain and annealing temperature is shown 1in figure
(4.4b). The values of the standard deviations are listed in
Table 4.3 {tfthe mean value of the dihedral angles being 1200).
From figure (4.4b) the following deductions can be made:

1) 2% pre~strain results in a larger scatter of dihedral

angles.

2) Subsequent annealing at 600°C and 800°C decreases the
scatter of the dihedral angles (even though the
difference in the standard deviation is small, it can
be shown using the F-Test {(Spiegel 1975) that due to
the large number of measurements it is statistically
significant). The standard deviation of the dihedral
angles for specimen € (annealed at 600°C for 5
minutes) drops to the value obtained for specimen A

(as-annealed). The standard deviation for specimen D

(annealed at 800°C for 5 minutes) drops to a value



& (a)

T (b)
L—_

8'T 1T

RT

E‘ﬂ' Ced
ot

Ei Jr”-[ lilh, @

Figure 4.5: Distribution of dihedral angles for the

as—annealed,
annealed at (c} 600°C and (d) 800° for 5 minutes.
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iower than that for specimen A,

The results of the analysis of grain boundary curvature
are shown in Table (4.3) and are also plotted as a function
of annealing temperature in figure (4.4c). The resultls
indicate that +there is a sgignificant difference in the
fraction of curved grain boundaries belween specimens A
(as-annealed) and D (annealed at 800°C for 5 minutes).

Mean intercept length was measured over 50 fields
(approximately 200 grains per field) on specimens A through
D. Figure (4.6) shows the histograms of the distribution of
intercept lengths. Figure (4.4d) shows +the plot of mean
intercept lengith for specimens A through D. The mean values
of the intercept length and the 95% confidence limit for each
specimen are presented in Table {(4.3), It can be seen that
the mean intercept length slightly decreases atfter 2%
rre-strain and is slightly higher than the initial wvalue
after annealing at 600°C. On annealing beyond 600°C, the

value of the mean intercept length remains unchanged.

4.1,1.3. TRANSMISSION ELECTRON MICROSCOPY OBSERVATIONS

Typical dislocation structures within the grain interior
as well ag at the grain boundaries of specimens A, B, C and D
are shown in the TEM micrographs of figures (4.7}, (4.8},

{(4.9) and (4.10) respectively. Figures (4.7a) and (4.7b) show
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Figure 4.6: Distribution of intercept lengths for the (a)
as-annealed, (b) 2% pre-strained specimens and subsequently
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{b)

Figure 4.7: TEM micrographs typical of the

material with grain size of 3.4 ym showing
interior with a low dislocation density and
boundaries free of EGBDs.
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Figure 4.8: TEM micrographs showing the dislocation
distribution of 2% pre-strained specimens of grain size 3.4
pm in (a) the grain boundary vicinity and (b) the grain
interior.
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Figure 4.9: TEM micrographs showing the dislocation
distribution in the grain boundary vicinity and the grain
interior in specimens of grain sige 3.4 um which were
pre-strained to 2% and annealed at 600°C for 5 minutes,
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(b)

Figure 4.10: TEM micrographs showing (a) a dislocation free
Zonce near a curved grain boundary and (b) a high density of
dislocation in the grain interior and a grain boundary free
of EGBDs for 3.4 pgm  grain size specimens which were
pre-strained to 2% and annealed at 800°C for 5 minutes.
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the micrographs from specimen A (representing the as-annealed
condition) which are typical for a fine grained as-—annealed
materials., The density of diglocaltions in the grain interior
was estimated’ to be approximately ]If cm @ . From figures
(4.7) it can also be obscerved that the grain boundaries are
free of EGBDs . After 2% pre-strain the density of
dislocations within the grains was observed to increase to
about 2.5 x 107 em™®., This value corresponds well with that
estimated from the relation between strain e, dislocation
density p and the mean dislocation path X:

€ = pbx (4.1)
assuming that X is equal to the mean intercept length. The
dislocations were observed to be non-uniformly distributed
within the grain volume, the highest density of dislocations
being in the regions close to the grain boundaries. Similar
observations made by Murr and Wang (1982) in 304 stainless
steel also show such a non-uniform distribution of
dislocations. Emission profiles and dislocation pile-ups at
the grain boundaries were also observed, as shown 1in the
micrographs of figure (4.8). The density of EGBDs formed as
as resullt of 2% pre-strain was observed to be 107 em” L,

The density of dislocations within the grains was

The dislocation density was estimated by counting the number
of dislocation segments in a given area on the micrographs.
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obgerved Lo remain approximately constani on subsequent
annealing of the pre-strained specimens at 6060°C and 800°C
for 5 minutes, as shown in the TEM wmicrographs of figures
(4.9) and (4.10). The differences in these Ltwo specimens lie
in the different dislocation structure at and in the vicinity
of grain boundaries., Annealing at 800°C for 5 minutes results
in the disappearance of the contrast of EGBDz as can be seen
in figure {4.10a) {(with the exception of twin boundaries
where KEGBDs are observed to be stable). The density of
dislocations in the wvicinity of grain boundaries is
gsignificantly lower than the densities observed in the case
of the specimen annecaled at 600°C for 5 minutes. Dislocation
free zones near the grain boundaries were observed fTor the
specimen annealed at 800°C. A typical example ig shown in
figure {(4.10a).

TEM observationg in all the specimens indicate that tLhe
material contains small number of precipitates. Some colonies
of precipitates were observed which were identified as MégCﬁ
type of precipitates. No precipitates were observed al grain
boundaries. The pre-straining and the subsequent annealing
appeared to have no effect on the precipitate density or the
distribution. These observations suggest that the
precipitates were present in the bulk material prior to the
thermo-mechanical treatment. The micro-probe analysis using

an EDAX system showed no changes in the chemical composition
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in regions near the grain boundaries and away from the grain
boundarieg 1in the grain interior in all the specimens A

through D.

4.1.2. STRUCTURE-PROPERTY CORRELATION

Annealing at 600°C, i.e., al the temperature below TC,
does nolt change Lhe mean grain boundary length., However,
there is a small decrease in the standard deviation of
dihedral angles {see Table 4.3) which indicates that a slight
rearrangement of the grain boundary network occurs even at
thig low temperature. TEM observations {shown in figure 4.9}
on the game specimen show that there is no significant change
in the density of dislocations in the vicinity of grain
boundarieg. Thus, there ig no evidence for significant change
in the grain boundary structure as a resulit of annealing at
500°C., This deduction corresponds Lo tLthe fact that yield
stress does not change up to annealing temperatures of GOOOC,
as shown in figure (4.1a).

From Table (4.3), it can be seen that annealing at 800°C
for 5 minutes results in a significant increase in grain
boundary length and a further decrease in the standard
deviation of the dihedral angles. The value of the standard
deviation of the dihedral

anglesg 1 even lower than that

w

obtained for the as-annealed material. TEM observations in
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figure (4.10) show that as a result of annealing at 800°C the
image contrast of EGBDz 18 not wvisible in most grain
boundaries. There is also a significant reduction in the
dengity of dislocations near the grain boundaries. However,
no measurable changes in the density of dislocations were
obgerved in the grain interior. Table {(4.4) gives a general
overview of the processes occurring as a function of
annealing temperature afier a given pre-strain ¢,

From the observations listed in Table (4.4), it can be
concluded that the recovery of yield stress is associated
with changes in both the geometry of the grain boundary
network and the density of dislocations at and in Lhe
vicinity of grain boundaries. From the observations on the
changes in the geometry of the grain boundary network, it is
clear that grain boundary migration occurs over amall
distances as a result of annealing of pre-strained specimens.
TEM observations show that annihilation of EGBDs, which leads
to the transformation of non-—-equilibrium grain boundaries to
their equilibrium state, is also accompanied with a decrease
in the density of dislocations in the vicinity of grain
boundaries. This decrease in tLthe density of dislocations
occurs due to the incorporation of these dislocations in
migrating grain boundaries. The dislocations trapped as a
result of grain boundary migration are then subsequently

annihilated.




The above mechanism resulls in both the annihilation of
®GBDs  and the softening of the region in the vicinity of
grain boundaries which in turn leads to the drop in vield
stress.

In the next section a theoretical model has been
developed to obtain the kineltics of the annihilation of
EGBDs. The results of the computations of the model show that
the rate of annihilation of EGBDs, 1.0, rate of
transformation of non-equilibrium grain boundaries to tLheir
equilibrium state is in agreement with the observed variation
in the yield stress. It can therefore be concluded that the
annihilation of EGBDs is the rate contreiling process in the
relaxation of the stresses in the vicinity of grain

houndaries.

4.2. A THEORETICAL MODEL FOR THE KINETICS OF TRANSFORMATION
OF NON-~EQUILIBRIUM GRAIN BOUNDARIES TO THEIR EQUILIBRIUM
STATE

In the previous section it was shown through detailed
experimental observations that +the changes in the grain
boundary state are related to the observed drop in the yield
stress (see figures 4.1 and 4.2) during annealing of 2%
pre-strained polycrystals of 316L stainless steel. One of the
significant conclusions of the experimental observationg

which may be re—emphasized is that grain boundary migration
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TABLE 4.4

An overview of the processes occurring as a function of
annealing temperature after a given pre-strain e.
Values Compared with That of the Prestrained Sample
Mean Standard Density of Dislocations
Annealing Mean Grain Deviation At and in the In
Temperature Yield Intercept Chemical Boundary of Dihedral Vicinity of Grain
T Stress Length Composition Length Angles Grain Boundaries  Interior
T=T. no change nochange  slight decrease  slight decrease
T.<T<T, drop increase decrease decrease no change
T=T, drop to value of changes negligible no change in the significant  decrease to. most GB’s free of
as-annealed with respect to concentration increase value of EGBD image
material changes in of the main (as much as-annealed contrast except
yield stress elements near as 21 pet) sample twin boundaries
grain bound- .
aries and in
the grain
interior

T, = temperature of the recovery of yield stress.
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occurs as a result of annealing and that this migration is
associated with the annihilation of dislocations at and in
the vicinity of grain boundaries. In this section a
theoretical model has been developed for the transformation
of the grain boundaries [{rom the non-equilibrium state to the
equilibrium state, The model gives a quantitative description
of the kinetics of the recovery process.

The proposed theoretical model relates the changes in
the microstructure, as a result of annealing of pre-strained
specimens, Lto the annihilation of EGRDs. The kinetics of the
annihilation of EGBDs has been calculated and the results
obtained have been found to he in agreement with the

experimental observations.

4.2.1. DEVELOPMENT OF THE MODEL FOR THE ANNIHILATION OF EGBDs

The phenomenon of annihilation of EGBDs can be envisaged
to be composed of two stages. In stage 1 the experimentally
observed widening of the image of EGBDs on random grain
boundaries and its eventual disappearance occurs. In this
stage some relaxation of the elastic stresses occurs., The
process {discussed in detail in section 2.2) is described
either by spreading of the EGBDs core (Pumphrey and Gleiter

1974} or by dissociation of EGBDs (Johannesson and Tholen

1972) into a number of dislocations with small Burgers
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vectors. However, as discussed earlier, such 3 process can
only explain the digappearance of the EGBD contrast in the
TEM image but does not explain the complete annihilation of
EGBDg which would require the value of the total Burgers
vector Lo go to zero. Thus, on the completion of stage 1
grain boundaries are still in a non-equilibrium state having
residual stresses agsociated with partially relaxed EGBDs.

In stage II, the annihilation of EGBDs is proposed to
occur by climb, under the influence of their interacting
stress fields, towards the triple points. For the c¢limb of
EGBDs, the required flow of vacancies to the end of the extra
half planes involves diffusion through the lattice as well as
the grain boundary. Since the diffusion through the lattice
is the slower process, it would be rate controlling.

Figure (4.11la) Shows a schematic of EGBDs at a sgrain
boundary. It may be noted that the configuration of EGBDs
shown in this figure resembles that of a tilt grain boundary.
From this figure it can be seen that an outward flow of
vacancies from triple point A will result in the climb of the
lead dislocation towards the triple point, while the reverse
is true for the triple point B.

The mechanism of annihilation of EGBDs at the triple
peints is believed to occur as a result of reacltiong with
other EGBDs climbing to the triple point on adjacent grain

boundaries. Illowever, the details of the dislocation reactions
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which lead to the eventual annihilation of EGBDs are notl

relevant to the development of the model which describes the
kinetics of transformation of non-equilibrium grain
boundaries to eguilibrium grain boundaries.

In order to gquantitabtively describe the transformation
kinetics, first the stress field and the vacancy
concentration gradient will be calculated around the triple
points. Then assuming a steady state, the flux of vacancies to
or from the triple points will be determined. Finally, the
vacancy [llux will be related to the dislecabion c¢limb rate
and the annihilation rate of EGBDs. The equations have been
rigorously derived for a meaningful comparison beltween the

theoretical and the experimental results.

4,2.1.1. STRESS FIELD AT THE TRIPLE POINTS

Figure (4.11a) shows a certain density of EGBDs lying on
a grain boundary of length L. The boundary plane is parallel
to the yz plane and the dislocation lines are parallel to the
z—-axis. The Burgers vector is perpendicular to the boundary
piane, i.e., parallel to the x-axis.

The stress field of the EGBDs can be calculated by

t 1is

adding the individual stress field of each dislocation. T
evident from figure (4.1ila) that o is the only stress
HH

component which will proauce a o limb force on the
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dislocations. o is given by the following relationship
XK

{Hirth and Lothe 1982):

G,V I )’Il,(?uf)v) 4 N ; H > +
%X 2 A X2 4 (y + 102
2 2 )
1 x5 4+ Ay + L -
o ﬁn( ({y ,I) ) (4.2)
2 2 2
b + ¥y

where G is the shear modulus, v is the Poisson ratio and p is

the density of EGBDs. By applyving the transformation: x =

r sing and y = v cosf, the climb stress at a distance v from
the triple point A can be wrilten as:

. i 2 ..z
Gbp sin‘e - r" g8in"6 N

xx  Zali-0) g >
an( v) ri + L? + 2rL cosB

2 2
ro+ L7+
&n[
r

% {4.3a)

2rl. cos®d J
2

Similarly, the climb stress at a distance r from the triple
point B is given by:
; 2 r” sin®e
o SR Ll - sin" g - : +

XX 2n(l-v 2 2 .
( ) r + L7 4+ 2rL cosO

2 2
% ﬁn( r° + LT 4+ 2rL cos® J (1.3Db)

2
¥

102



A closer examination of equations (4.3a) and {4.3b)

reveals the following:

1. Triple point A is subjected to a compressive stress,
while triple point B dis subjected Lo a8 tLensile
stress. Therefore, there will be a flux of vacancies
from the grain interior into the triple point A and a
flux of wvacancies from the triple point B into the

grain interior.
2. The climb stress 1is dependent not only on the
dislocation density but also on the length of the

grain boundary.
4.2.1.2, VACANCY CONCENTRATION PROFILE AT THE TRIPLE POINTS

If VvV is the atomic wvolume, then the energy loslt or
gained when an atomic length of dislocation line c¢limbs one
atomic distance is given by o V. The vacancy concentration
can now be determined by equating this energy to the chemical

,

potential of the vacancies. ‘the chemical potential of

. . . . C .
vacancies is equal to kT ﬁn[é y where k is the Boltzmann

O

congtant, C is the actual number of vacancies per unit volume

and C is the equilibrium concentration of wvacancies. Thus,
[e]

the local equilibrium concentration of vacancics at a triple

point can be written as (Hirth and Lothe 1882):
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Co= O exp| Sl (4.4}
Q ’ kT
It o V o« kT (which dis a reasonable assumption), then

HX

equation {4.4} can be re-writiten as follows:

Asgsuming that the long range stress field (due Lo the
interacting stress fields of other non-equilibrium grain
boundaries) can be neglected; the vacancy concentration away

from the triple point (at r = R , in the grain interior) is
[e]

C , while near the +tvriple point {(at r = v } is C{r ,8).
O O (o]

Substituting the expressions for o from equations {(4.3a)
XX

and (4.3b) in equation (4.5), the vacancy concentration near

the triple point A is given by

2 .7
r sin @

7
o o 4 K T+ LT+ 2r L cos@
o o
) - ri + L%+ 2r L cosf
5 xhn( X ] (4.6a)

Q

and the vacancy concentration near friple point B is given by

104




[ r? gin‘@
{_(I“;G) = C L jﬁ%‘?ﬂ}?‘g{;ﬁ ain 8 - P {; : +
Y ° s ) T.”:l + L £ ZI'(L cosé
1 rz + L2 + ZrOL cosf i
7 fn{ 2 - J (4.6b}
X P
[¢]
The average concentralion, ﬁ(r_) at the two triple points A
and B c¢an be obtained by integralbting equations {(4.86a) and
{4.6b):
] N |
G(r ) = :;j C(r ,0) do (4.7)
[¢] n o
0
Using equaltions (4.6a), (4.6b) and (4.7), the average vacancy

concentration C{r ) at triple points A and B is given by the
Q

} (4.8a)

equations:

GhbVp

Co{ L T ' s oAn T

Clr ) = Th(T=p kT

and
F o . GbVp . o ‘
Clr,) = ¢, TT-oyEr | P72 ﬂn( T } (4.8b)

respectively. See appendix B for the details of the solution

of the integral in equation (4.7}).

. L . &C )
Assuming steady state conditions,i.e., 5 ° 0, Fick’'s

second law of diffusion can be written as {(Shewmon 1963):



§w§ + l-ég = 0 (4.9)
or )

with the following bhoundary conditions:
C=C at r = R (grain interior),
o

a
C = C(r ) at » = r (near a triple point; the concentration
O O
is given by equations 4.8a and 4.8b), and
BE »r .
[e] O
Using equations (4.8a) and (4.8b), the solution to
equation (4.9) which satisfies the above boundary conditiong

gives the wvacancy concentration profile around the triple

point A and is given below:

R
. £n( e J
- v s vap . o .
L{ ry = b(} 1 &Wﬁxjﬁ‘ 1 2 '{),1'1 ( ”“i:' J“’*““‘""‘"ﬁ‘“‘“‘“" ( 4, 10&}
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The vacancy concentration profile around the triple point B

ig given by
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Figure (4.11b) shows the schematic plots of the vacancy
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concentration profiles obtained from egquations {4.10a) and
{4.10b). ¥From the figure 1t can be seen that the vacancy
concentration at triple point A ig lower than in Tthe grain
interior, while the reverse igs true at triple point B. Thus,
it is obvious that the climb of dislocations will occur by
vacancy annihilation at triple point A and vacancy emission
at triple point B, With the knowledge of +©the vacancy
concentration profile, the c¢limb rate and the annihilation

rate of LEGEBDs can now be derived.

4.2.1.,3. ANNIHILATION RATE OF EGBDs

Vacancy flux at a triple point is given by

G
]

{4.11)

<
o
[

where D 1s the diffugion coefficient for wvacancies. The net
v

vacancy flow per unit length of the +triple edge {in

3-dimension)} is given by

I = - 2mr D 98 (4.12)
v 6:.’
dx

Therefore, the climb rate, of the BEGBDs can be written as
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where b is the Burgers vector of the dislocations.

in time At o] 20 numbexr of disiocations are
annihilated, where Ax is the climb distance al each tripie
point. If Ap is the density of dislocations annihilated, then
one can rvelate the climb rate to the annihilation rate in the

following manner:

bp o opo2de o dp o 2p dx (4.14)
At T L AT o dt 7 L dt e

From equations {4.10) and {(4.12) - {4.14), the

annihilation rate is given by

r V r
GVAC D { 1 -2 £n[ 2 J } p©
L5 I TS L

dp y £
at - 7 (4.15)
L{l-v)}kT Kn( — J

T

[&]
The term {(VC 1 ) in equation (4.15) is the atomic

[+ v
self-diffusion coefficient I, where D = D exp(— %%J, D is
s s o o

the frequency factor, and AR is the activation energy for
lattice self-diffusion. Thus, the annihilation rate of FGBDs

becomes

L= - _ (4.16)
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On integration, equation {4.16) vields the following

relationship between the density of EGBDs and the annealing

temperature and time:

T .
GVD [ 1 - 2 ,(in[ i J }
l & JJ

= . t (4.17)
© L{1l-p)kT &n( ;3 ]

O

where p is the instantaneous density of EGBDs and P, ig the
initial density of EGBDs.

On examining equations (4.16) and {(4.17), the following
important conclusions can be drawn:

1. The rate of annihilation, of BEGBDs is dependent

dp

at’
on the annealing temperature T, the grain size or the
grain boundary length L and the instantaneous densitly
p, of EGBDs. The annihilation rate increases as the
square of the density of EGBDs. Thig is expected,
gsince higher dislocation density implies a higher
climb stress at the triple points.

2. The density of EGBDs for a given annealing time and
temperature and for a given grain size, is a funchtion
of the initial density, P of EGBDs. Higher the
initial density of BGRDs , a larger time or
temperature would be required for the equilibration
of non-equilibrium grain boundaries.

3. The relation between grain size and the annihilation




rate of KGBDs appears to be more complicated. From

equations (4.16) and (4.17), it can be shown that for
a constant initial density of EGBDs, a larger grain
size results in a decreascd annihilation rate,
thereby increasing the annealing time and temperature
for the equilibration process. A more detailled

discussion on this grain size effect is deferred +to

section (4.3.7).
4.2.2,. CALCULATIONS

Equation {(4.17) was employed to calculate the wvariation

of the ratio [ EB } of the instantaneous density of EGBDs {p)

(o3
toe the initial density of EGBDs (po} as a fTunction of the
annealing temperature and time for 3161 stainless steel. The
values of the material parameters of equation {(4.17) are
given in Table (4.5).

The value of r is taken to be equal to the value of the
Burgers vector b. RO is the distance from the triple point
where the vacancy concentration is € = CO. BSince some triple
points emit vacancies and some absorb vacancies, a reasonable
value of RD is half the distance between the triple points.
From equations (4.16} and (4.17) it can be easily shown that

the annihilation rate of EGBDs is insensitive to the precisc

value of R . The initial density p was directly measured
[¢] O
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TABLE 4.5

Values of material parameters for

316L stainless steel.

Parametlerr Value Reference
k 1,18 x 10777 gt Weast 1972
G 8.43 x 10" N.m™? Boyer and Gall 1985
v 8.38 x 107°% p¥
{calculated from
atomic size)
D .74 x 107" m%.g”" | smith and Gibbs 1969
AR 68 kecal.mol Smith and Gibbs 1969
b 2.52 x 101"
I3 10% m™!
N {calculated from
clectron
micrographs)
L 2.28 mpm & 12.0 um
for grain sizes of
3.4 pym & 18.0 um
{experimentally
measurced}
v 0.283 Bover and Gall 1985

1.995 cal.mol 1.k}

Weast 1972
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from the electron micrographs for the gpecimens of grain size
3.4 pum. For the coarse grained specimens (grain size: 18.0
gn}, p was assumed to be the same as that for the {fine

Q

grained specimens.

4,2.3. COMPARISON OF THE PREDICTED RESULTS WITH EXPERIMENTAL
OBSERVATIONS

Using equation (4.17), figures {(4.12a) and (4.12b) show
the calculated plots (broken lines) of the ratio &fﬂ versusg

Q

-

annealing temperature at a constant annealing time of 5
minutes for 316L stainless steel with grain sizes of 3.4 pm
and 18.0 pm respectively. Figures (4.13a) and (4.13b) show

. . . ' ‘ . J
the calculated wvariation (broken lines} of the ratio [Ja

O

with annealing time at constant anncaling temperatures of
B00°C and 750°C respectively for 316L stainless steel of
grain size 3.4 pm. TFor the purpose of comparison the yield
stress variation {solid lines) with annealing temperature and
time shown in figures (4.1) and (4.8) are reproduced in
figures (4.12) and {(4.13) respectively.

Comparing the predicted and the experimental results
from figures (4.12) and (4.13), the following important
observations may be deduced.

1. The general trend of the predicted wvariation of the

dengity of EGBPg with annealing temperature or
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annealing time ig very similar to the experimentally
observed variation of the yield stress with anncaling
temperature or annealing time.

The predicted temperature al which the density of
EGBDs 1s obhsgserved to drop iz close to the critical
temperature TC beyond which the vield stress is
observed to drop {see Table 4.2). The predicted and
the experimental critical temperature are
approximately equal (T =~ 680°C and 750°C for 316L
stainless steel with grain sizes of 3.4 m and 18.0
pum respectively).

From figures {(4.312a) and (4.12b), it can be seen that
the stabilization of the vyield stress at high
temperatures is in agreement with the very low
density (less than 10% of the initial density) of
EGBDs predicted by equation {(4.17).

Figures (4.13a) and {(4.13b) show the wvariation of
the density of EGBDs as a funcltion of annealing time
for constant annealing temperatures of 800°C and
750°C respectively. From the figures it can be seen
that the density of EGBDs drops continuously with
annealing time until it reaches low values (less than
10%) at annealing times of =~ 5 minutes (figure 4.13a)
and = 30 minutes (figure 4.13b) for annealing

temperatures of 800°C and 750°C respectively. The

i



yvield stress curves also show a similar trend, i.e.,

the vield siress drops conitinuocusly with annealing
time until iif reaches the yield stress of the
as-annealed material in approximately 5 minutes
(figure 4.13a) and approximately 30 minutes (figure
4,13b) for annealing temperatures of 800°C and 750°C
respectively.

5, As discussed in section (4.2.1.3}), the model predicts
a decreased annihilation rate, thereby increasing the
annealing time and temperature for the annihilation
of EGBDs with increasing sgrain size. Such a behavior
can be seen in the predicted curves of figures
(4.12a) and (4.12b). This observaltion is corroborated
by the experimental regults obtained on 316L
stainless steel with grain sizes of 3.4 pm and 18.0
pum  respectively. Coarse grained gspecimens (figure
4.12b) had to be annealed at higher temperatures
(1000°C) than the fine grained specimens (figure
4.12a) for the recovery of yield stress.

The results of the calculations discussed above and the
changes in the geometry of the grain boundary network
(discussed in section 4.1.1.2) leads to the conclusion that
the procesg of annihilation of LEGBDs occurs together with
grain boundary migration. This is not unexpected in view of

the in-situ TEM observations (Pumphrey and Gleiter 1974, and
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Varin, Lojkowski and Valiev 1981} which show that spreading
of LGBDs occurs simultaneously with grain boundary migration.
Since the phenomenon of spreading involves climb of partial
dislocations (see section 2.2), it wmay be concluded that
climb of grain boundary dislocations results in grain
boundary migration. Such a mechanism has aisc been proposed
by Smith and King {1981} which shows that c¢limb of
dislocations must result in the migration of grain
boundaries. The metallographic measurements made in section
(4.1.1.2) confirm that grain boundary migration takes place
on annealing of pre-strained specimens. However, 1t is
difficult to obtain from the data a guantitative relationship
between the distance of migration and the climb distance of
EGBDs (the climb distance can be related to the number of
EGBDs annihilated). Therefore, only a qualitative analysis is
possible., It is seen ©Lhat the onset of the changes 1in the
grain boundary geometry (see Table 4.3) correspond to the
onset of annihilation of EGBDs (see figure 4.12a) for 318L
stainless steel of grain size 3.4 pn. For example, the
observed decrease in the standard deviation of dihedral
‘angles (see Table 4.3) suggests that grain boundary migration
occurs at an annealing temperature of 600°C. This observalion
appears to be in agreement with the onset of annihilation of
EGBDs  (see figure 4.12a) predicted at 680°C., The above

resulis provide considerable support to the validity of the

119




theoretical mode L developed for the kinetics of the
annihilation of RGBDs.

Even though only & gualiiative comparison was possible
hetween the predichted variation of the density of EGBDs and
the experimental variation of the yield stress and the
changes in the microsgstructure with annealing treatment, the
model developed here 1is able to explain the experimental
resulis. The model also emphasises ©Lhe fact that the
structure of grain boundaries plays an important role in the
mechanical properties of polycrystals. In the next section a
more detailed analysis has been carried out on the role of
grain boundary structure on the flow stress of polycrystals

over a wider range of grain sizes.

4.3, THE ROLE OF GRAIN BOUNDARIES 1IN THE GRAIN S1IZE
DEPENDENCE OF FLOW STRESS IN POLYCRYSTALS

The flow stress ale) of polyecrystals follows a
Hall-Petch type of relationship which is reproduced below
from equation {2.10):

ole) = ao(g) + K(e)ﬁ'i/z {(4.18)

where £ is the mean grain size and oo(e) and K{e) are
constants at a given strain e.

As discussed in section 2.3, several models {(Hall 1951,

Peteh 1953, Conrad 1963, Ashby 1970, and Thompson et al 1573)



have been proposed to rationalize the linear dependence of
o{e)] on £°1/2 in equation (4.18). However, the models are
unable to prediect uniguely the strain dependence of the
Hall~Peftch parameters GO{E) and K{e)., This may be attributed
to the fact, common to all the models, that changes in the
properties of grain boundaries during plastic deformation are
neglected.

it was shown in sections (4.1} and (4.2) that exbirinsic
grain boundary dislocations (EGBDs) have & significant
influence on the yield stress of polycrystals. It has been
suggested by Murr {(1974,1675 and 1981) and shown
theoretically by Varin et al (1987) that EGBDs act as stress
concentrators thereby reducing the stress required to
generate dislocations at and in the vicinity of grain
boundaries {(discussed in section 2.3.2),

In this section the influence of EGBDs on the grain size
dependence of flow stress in 318L stainless steel has been
examined. The wvariation of the Hall-Petch parameters oo(a}
and K(e¢) have been discussed in terms of the microstructural

changes at the grain boundaries and in the grain interior.

4.3.1. EXPERIMENTAL RESULTS

Experiments were performed on 316L stainless steel

specimens of grain sizes varying from 3.4 mm to 22.4 T
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Table (3.2) lists the individual values of grain sizes
produced at different annealing femperatures.

The specimens were strained to 2% and 5% under tension
at room tenmperature. The 2Z% pre-strained specimens were then
annealed at temperatures in the range of 550°C to 800°C for
annealing times varying from 1 to 30 minutes. The
pre-gtrained and annealed sgpecimens were again tested in

tension at room temperature.

4,3.1.1. SLIP LINE OBSERVATIONS

Figures {4.14a) and (4.14b) show typical optical
micrographs of slip lines obsgerved on +the surface of the
specimens after 2% and 5% pilastic deformation respectltively.
From the {figures it can be seen that the slip lines are
straight indicating that the dislocations in this material
are confined to their slip planes and as such cross-slip is
not prevalent. Since 316L stainless steel is a low stacking
fault energy material (5FE), no cross—slip is expected at
such sgmall strains at room temperature. Another important
observation that can be made from figure (4.14) is that all
the slip lines appear to cross twin boundaries. Therefore, it
may be inferred that the twin boundaries are not a barrvier to
slip at small strains. In view of this observation, twin

boundaries were ignored in the grain gize size measurements



(b)

Figure 4.14: Optical micreographs of slip lines after {a} 2%
and (b) 5% plastic deformation in 316L stainless steel
specimens of grain size 22.4 um. ‘
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{see section 3.4).
4,3.1.2, TENSION TEST RESULTS
4.,3.1.2.1. AS-ANNEALED SPECIMENS

Figure (4.15) shows the stress—-strain curves for the
as~annealed specimens of varying grain sizes deformed up to
2% strain. This figure shows that the stress—-strain curves
exhibit a linear hardening characteristic bevond 0.2% plastic
strain. It may be noted that a few specimens were gtrained to
0% (not shown in figure 4.15) and their stress-—-strain curves
also exhibited linear hardening. Therefore, the flow stress,
g{¢} in the range of 0.2% to 5% strain can be related to the
plastic strain {(¢) by the Ludwik’s eguation {(Ludwik 1909) in
which the strain exponent is unity:

ole) = A + Be {4.19)
where A and B are constants. B in equation {(4.19) represents

. . do i
the work-hardening rate (a? . The wvalues of A and B were

~

calculated by fitting a least square line on the data shown
in figure (4.15).The individual wvalues of A and B for
different grain size specimens are listed in Table {4.6). Th
table shows that the work-hardening rate increases with
increasing grain gize. The constant A decreases with

increasing grain size.

124

]




'S

9_375-

>

o

N%)

L]

MSDO"

!.__

)

L

-

¥ 225

l_.

| i |

0.5 1.0 1.5
PLASTIC STRAIN O
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TABLE 4.6

Values of the constants A and B in equation (4.19) for
specimens of different grain sizes.

2% pre-strained and annealed for
30 minutes at temperatures of

As-annealed 550°C 800°C
£ (um) A(MPa) | B(MPa) A(MPa) | B(MPa) A(MPa)| B{(MPa)

3.4 360.0 24,9 395.0 24,9 332.0 32,0
5.6 337.0 31.2 357.0 31.2 257,3 44,3
8.9 270,7 37.9 225.,0 42,0
11.2 262,3 36.6
21.0 232.3 40,3 240,0 10,3

22.4 231.3 37,6 175.,9 47.0




in order to determine the effect of grain size on the
flow stress, the Hall-Petch relationship given by equation
(4.18) was cmploved. Plots of ¢ versus 3"?/2 are shown in
figure (4.16). Using the least-square fit, the Hall-Petch
parameters oo(g) and K{g) were determined at different
strains. Figure (4.17) shows the variation of oo(e) and K{g)
as a function of plastic strain ¢ in the range of 0 to 2%.
From the figure it can be seen that OO{E) increases linearly
with strain. K(e) shows an initial increase in  the
micro-strain region (& < 0.2 %), going through a peak at
about 0.2% strain and then lineariy decreases wilth strain.
The slopes of the curves ao(g) and K(e) versus € are 4431 MPa

1/2

and ~3052 MPa.({pum) respectively.

4.3.,1.2.2. PRE-STRAINED AND ANNEALED (AT 550°C) SPECIMENS

The 2% pre-strained specimens with different grain sizes
were annealed at 550°C for 30 minutes. The annealing
temperature of 550°C is sufficient (Varin and Tangri 1982,
Kurzydiowski et al 1985) for the delocalization of the core
of EGBDs on the majority of grain boundaries +to such an
extent that their image is no longer visible in TEM,

Figure (4.18a) shows the stress strain curves for tLhe

[ ]

specimens annealed at 550°¢ {solid line) and for the

as-annealed specimens (broken line). From the figure it can
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Figure 4.18: Stress-strain curves for +the as-annealed
specimens (broken line), and 2% pre-strained specimens

subsequently annealed for 30 minutes (solid 1line) at
temperatures of (a) 550°C and (b) 800°C. Note: origin for the
solid line lies at 2% while for the broken line it is at 0%,
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he seen that the flow stress is higher for the specimens
anncaled at 550°C than that for the as-annealed specimens.
The difference in the flow stress 1is small but consistent.
The flow stress difference does not have any systematic
variation with grain size. The values of the constants A and

B in equation (4.19) which describes the stress-strain

curves are listed in Table (4.6}.

4,3.1.2.3. PRE-STRAINED AND ANNEALED (AT 800°C) SPECIMENS

Figure (4.18b) shows the stress-strain curves for the
specimens annealed at 800°C {solid 1line) and for the
ags-annealed gpecimens {broken line). The stregss-strain curves
{(solid line) for the specimens annealed at 800°C also exhibit
linear hardening and therefore they can be represented by the
constitutive relation given by eqguation (4.19). The flow
stress is lower than that observed for the as-annealed
specimens., The difference in the flow stress decreases with
increasing strain. Annealing at 800°C results in a higher
work-hardening rate than that obtained in the case of the
as—-annealed specimens. The wvariation in the work-hardening
rate with grain size is similar to that observed in the as-
annealed specimens, i.e., B increases with grain size. Table
{4.6) gives the values of the constants A and B as a function

of grain size. 1L can also be seen Lhalt for all the grain




sizes investigated, the constant A decreases and the
work-~hardening rate B increases as a result of 2% pre-strain

. - ~ Oy o -y .
and subsequent anncaling at B00°C for 30 minutes.

4,3.2, VARIATION OF o (¢) WITH STRAIN

The observed linear increase in Oﬁ(c) with increaging ¢
{figure 4.17) 1is in agreement with the lincar increase in
q}c) obgserved 1in o - brasses (figure 2.15} which like 316L
gtainless steel 1s also a low S8SFE material. The Jinear
increase in oa(g) with increasing strain has been correlated
{Armstrong et al 1962) with the linear stage I hardening
observed in mono-crystals. The linear hardening in stage I1I
igs related to dislocation interactions in Lthe absence of any
recovery processes f{(e.g., cross-slip). Since no recovery
processes are expected to operate in the range of strain
under investigation in 316L stainless steel, the dislocation
processes in the grain interior would be similar to those
observed in stage 11 of mono-crystals. The slope dv/dy of
stage II hardening of many fcc mono-crystals has been found

to be G/300 (Hirsch 1875) where G 1is the shear modulus.

do (&)
Therefore, using equation {(2.14}), the expected slope wwﬁ?m~

for fco polyverystals can be expressed as:

ff.o._(:,)._ ngﬁ = “12. G (4.20)
de 7 dy &= 300 e
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where m is the Taylor orientation factor which in feco

materials has a mean value of 3.1. Eguation (4.20) gives the

do {e)
- i - o . . a a
slope, mwé?m~ equal to 2700 MPa which is considerably lower

than the experimental value of 4431 MPa. This difference ag
shown in the ftollowing section, can be explained in terms of

the stress filield created by the EGBDs.

4.3.3. THE EFFECT OF EGBDs

Figure (4.19%a) shows schematically an array of EGBRDs at
a grain boundary. The stress field from such an array ot
dislocations is usually computed by assuming the array toe be
of an infinite length. In polycrystals EGBDs form an array of
finite length L (. is the grain boundary length}. The stress
field ny of such an array can be calculated by summing up
the stresses from the individual dislocations. The stress
field of an edge dislocation is given by the following

relation (Hirth and Lothe 1982):

2 2

%) = D.x '»“}'“{“j‘*:-‘“y-';"; (4-21)
b 2 2y 2
Y (x" + v7)

where D = ?%%%rET' If there are N LGBDs on a grain boundary

of length L in figure {4.19a), then the total stress o' is
v

given by summing up equation (4.21) over N dislocations:
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Figure 4.19: (&) A schematic of an array of EGBDs of a finite
length L at a grain boundary; the variation _in o
¥

x

{(calculated from equation 4.22) for varying density, p of
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o - %‘2 - ro=- v)°
R S, > by sy ﬂf)z S (4.22)
VX - ¥ ot (=" + (y -~ 1 4ay)")°

i=1 1=

P , . . . . . ;
where o is the stress exerted by the 1 dislocation in fthe
¥ X

th
dislocation array of figure (2.19a), and Ay = %u is  tLthe

average distance between diglocations. Equation (4.22) was
used to compute the stress field of the array of EGBDs {shown
in figure 4.19a} for various densities of ERGBDs at varying
distances from the grain boundary. The results of Lhe
calculations are shown in figures 4.19b, ¢, d, e and f.

Figures (4.19b) and (4.19¢c) show the nature of the long
range stress field far from the grain boundary (X = 0.5L and
0.3L respectively}. 1t can be seen that the stresses are
characterized by a peak stress which occurs along the centre
of the grain boundary at Y = 0.5L. The peaks become broader
with decreasing distance from the grain boundary up to a
distance of 0.005L. A detailed analysis shows that the pealk
stress increases linearly with increasing density of EGBDs as
shown in figure {4.198f). An average stress was calculated as
a function of the density of EGBDs for a given distance from
the grain boundary. The results plotted in figure (4.197)
show that the average stress also increases Tinearly with
increasing density of EGBDs.

A dislocation moving towards a grain boundary containing

EGBDs has Lo overcome not only the friction stress of the
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grain interior bult also the repulsive stress created by the

EGRDs . Therefore, o (&) can be expressed as a superposition
(o3

EGRDs .
43 (£) and the work-hardening

of the long range stresscs
Q

s

in the grain interior Gsi(ﬁ} {which as discussed in  the
previous section is related to the stage II Lype of linear
hardening observed in mono-crystals):

o (e) = o°(e) + o %P () (4.23)

Q O O
TEM observalions (Varin and Tangri 1982 and Murr and Wang
1982) show that in the range of small strains the density of
EGBDs increases linearly with strain”. The contribution of
the long range stress field to 00(6} would on an average {(see
figure 4.19f) increase linearly with strain. Thus, both the
contributions Lo 60(8) increase linearly with strain and
equation (4.23) ©predicts that oo(e) would also increase
linearly with strain in the small strain regime of 0 to 2% .
This is in agreement with the experimental observation shown
in figure (4.17).

in the close vicinity (X < 0.05L} of the grain boundary,

the nature of the stress field is very different. Tt is

*A simple geometrical consideration also shows that to a
first approximation the density of EGBDs increases linearly
with strain and is independent of grain size: if V is the

4
grain volume, A ; is the area of the G.B. plane, and p 1is
iab n
the density of mobile dislocations then density of KEGBDs,

o = p .V /A 3 since p = ¢/bd, V o« £, and A x 4
wog  gb

o 0 g b
gives a linear relation between density and strain: p « &/b.
O
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characterized by distinct pealks as shown in figure (4.19d)
and (4.19e). With decreasing distance from the grain
boundary, the number of peaks increases until it becomes
egqual to the number of EGBDs at X = 0.0051 {figure 4.19%e).
The magnitude of +the peak stress 1is independent of the
density of EGBDs for X < 0,005L. The peak stress at a given
distance X is equal to the stress exerted by a single EGRBD,.
Thus, sites of high stress concentration are created near the
individual EGBDs. The implication of this observation, viz,
the Hall-Petch parameter K(g) is discussed in the next

secltion.

4.3.4. VARIATION OF K(&) WITH STRAIN

A decreage in K(g) with strain has been usually found to
be a characteristic of high SFE materials {see seclion 2.3},
where i1 is attributed to the development of substructure
{e.g., cells or sub-grains). It may be pointed out that the
formation of substructure implies that the initial grain size
£ can no longer be used in the Hall-Peteh relationship,
Therefore, the observed decrease in K{e) with strain has no
physical significance in reference +fo equation (4.18).

However, the observed decrease in K{e) in low SFE materials,

as in the present case (figure 4.17) cannot be explained on

the basis of substruclure formation because in the absence of
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recovery processes substruciure igs nobt expected to develop
during TGOm temperature deformation. The abgence of
substructure is confirmed by the TEM observations made in
section (4.1.1.3)., It is proposed that the observed decrease
in K(g) with strain can be explained in terms of the
iniluence of EGBDs on the conditions for the generation of
lattice dislocations at grain boundaries.

As mentioned carlicr, the EGBDs act as stregss
concentbrators (Murr 1974,1975 and 1881, Varin et al 1987)
leading to a significant decrease in the stress required to
generate dislocations in the grain boundary region. It was
formally shown in secition 4.3.3 (figure 4.18e)} that the
density of the stress concentration sites is equal to the
density of EGBDs. Since the density of EGBDs increases with
increasing plastic strain, the density of potential sites
where dislocations can be generated also increases witlh
increasing plastic strain. Thus, K(e&) which is a function of
the stress required to generate dislocations would decrease
with increasing plastic strain.

No attempt was made to explain the initial increase in
K(eg) in the micro-strain regime (figure 4.17) because the
experimental data showed a large scatter in the flow stress

and therefore no analysis was possible.
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4.3.5. GRAIN SIZE DEPENDENCE OF THE WORK-HARDENING RATE

Using the Hall-Petch relation given by eguation {4.18)

the work-hardening rate B in ecgquation (4.19) can be related

to the parameters o {g) and K(eg) by
o]

R L R A A (15)

de de “de

{(4.24)

In the absence of any recovery mechanism in the range of

small strains employed here, g (e} must increase
O

monotonically with strain as a result of dislocation

accumulation in the grain interior and at grain boundaries,
do {(e)

o N . \ , , .

Thus, the term ( ~7§TMJ in equation (4.24) is positive. If
the parameter K{e¢) decreases with strain, then the term

~-1/2 dK . ., . . L .

£ ao] in equation {4.24) is negative but 1its absolute
value decreagses with increasing grain size. Therefore, the
work-hardening rate would increase with increasing grain
size., This isg in agreement with the observed increase in the

value of parameter B with increasing grain size as shown in

Table {(4.6). From cquation {(4.24), it can be seen that Lhe

work-hardening rate B is a function of both the
do {¢)

work-hardening in the matrix ( ~M§Eww) and the change in the

. G o p 15 T ot o b o " . dK{«g) )

conditions for dislocation generation {reflected by B at
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{,-1/2 dK)

grain boundaries. The grain size dependent fterm bﬁ &?j
will hecome amall for large grain sizes and the

work—-hardening rate will be esszentially determined by the
accumulation of dislocations inside Lthe grains.

8]

4.,3.6. EFFECT OF PRE~STRAIN AND ANNEALING AT 550 C

The results of tensile tests on specimens which were
pre-strained to 2% and subsequently annealed at 550°C for 30
minutes showed a small i1ncrease in the flow stress as
compared with the as-annealed specimens (see figure 4.18a).
In-gitu THEM chgervations {Varin and Tangri 1982 and
Kurzydiowski et al 1985) show that annealing at 550°C results
in the spreading and the evenitual disappearance of the image
contrast of EGBDs on the majorilty of grain boundaries in
austenitic stainless steel. However, it was shown in seclions
{4.1) and (4.2) that the non-vigibility of EGBDs in the TEM
image does not imply their complete annihilation.
Computations of the stress field of these partially spread
out EGBDs (calculations are carried out in the same manner as
in section 4.3.3) show that the magnitude of the long rangce
stresses is uwnaffected by the spreading process. TEM
observations made in section 4.1 also indicalte that as a
result of the above heat treatment there is no change in the

density of dislocations in the vicinity of grain boundaries



or in the grain interior. Ag such, ho change in the flow

s . . a » . oo oy O
stress is to be expected as a result of annealing at 550 °C

for 30 minutes. Thus, it is concluded that the observed

r

increase in the f{low stress is the result of strain ageing
which 18 known to occur in 3161 stainless steel (Kashyap,

McTaggart and Tangri 1988).

4.3.7. EFFECT OF PRE-STRAIN AND ANNEALING AT 800°C

Annealing at 800°C for 30 wminutes results in the
decrease of flow stress as compared with the as-~annealed
specimens (see figure 4.18b). This 800°C anneal also results
in a decrease in the wvalue of the constant A and in an
increase in the value of the constant B {(i.e., the
work-hardening rate) as shown in Table {(4.6). It can also be
seen Lthat the decrease in flow stress 1s larger for the fine
grain size gpecimens than for the «coarse grain size
specimens. This grain size dependence can be rationalized in
terms of the changes in the microgstructure and their affect
on the Hall-Petch parameters 60{8) and K(g).

Annealing of pre-strained specimens at 800°C results in
the annihilation of EGBDs accompanied with a decrease in the
density of dislocations in the grain boundary region (section
4.1). It was proposed in the carlier sections that the

decrease in the density of dislocations occurs as a result of



their incorporation and subseguent annihilation in migrating
grain boundaries during annealing. The kinetics of
annihilation of EGBDs can be estimated by cquations {4.16)
and (4.17).

The percentage of EGBDs annihilated (denoted by Ap/aﬁ
where Ap is the density of EGBDs annihilated and P i the
initial density of EGBDs)} at a given annealing temperature
and time was calculated from equation (4.17) as a function of
grain size. The regults of the calculations are listed in
Table (4.7). It may be noted that the extent of annihilation
{i.e., density of EGBDs annihilated) decreases with
increasing grain size.

The annihilation of EGBDs results in the decrease in the
long range stress field and also a decrease in the stress
concentration in the vicinity of grain boundaries. This would
result in a decrease in 00(6) (which is a function of both
the density of EGBDs and the density of dislocations inside
the grains) and an increase in K{e¢) (which is a function of
the stress required to generate dislocations at grain
boundaries}. The decrease in oo(e) being larger than the
increase in K{g) leads to an overall decrease in the flow
stress.

in view of the above we can now compare the
work-hardening behaviour of fine and coarse grained specimens

annealed at 800°C., In the case of fine grainced specimens
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TABLLE 4.7

Estimated percentage annihilation of EGBDs ( éﬁ} as  a
p()

function grain size (4£) as a result of annealing at 2%
pre-strained specimens at 800°C for 30 minutes.

£ (pm) gf )
3.4 100.0
5.6 88.0
8.9 51.0
22.4 16.0
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{grain size of J.4pum) annealing at 800 € leads to a complete
annihilation of disleocations at and in the vicinity of grain
houndaries as shown 1in the TEM micrographs of figure (4.10).

As a consequence the value of ¢ (g) decreases and the value
[+

of K{&g} 1increases to that observed in the as-annealed
specimens. In the coarse grained material, however, anncaling
at 800°C results only in an incomplete annihilation of
dislocations at and in the vicinity of grain boundaries. For
example, in grain sizes beyond 8.%um the maximuws annihilation
of dislocations i1s approximately 50% (see Table 4.7). As a
result only small changes in the values of cz(e) and K{g)
pccur lteading to a smaller change 1n the {low stress (sce
figure 4.,18b and Table 4.6).

in both the fine and coarse grained specimens, annealing
at 800°C results in an increased work-hardening rate B (Table
4.6) as compared with the as-annealed specimens; This higher
work-hardening rate 1is attributed to the fact that the
pre-gstrained and annealed gpecimens contain a higher initial
density of dislocations in the grain interior +than the

as—-annealed specimens. Thus further straining leads to highervr

work-hardening rate in the grain interior.
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CHAPTER &

CONCLUSIONS

The following important conclusions can be drawn from
this study which relate the changes in the structure of grain
boundaries as a result of pre-straining and annealing {Lo the
room temperature deformatbtion behavior of 316L austenitftic

stainless steel.

1. Significant structural changes take place at and in

the wvicinity of grain boundaries. TEM observations
show that the annihilation of dislocations occurs at
and in the vicinity of grain boundaries as a result
of annealing of 2% pre-strained specimens of 316L
stainless steel. The observations also indicate no
significant changes in the grain interior.

2, The recovery of yvield stress as a result of annealing
of pre-strained specimens is associated not only with
the annihilation of dislocations in the grain
boundaries and its immediate environs but is also
associated with an increase in the grain boundary
lepgth, and a decrease in the standard deviation of
dihedral angles. In other words the recovery of yvield
siregs and the annihilation of dislocations are

accompanied by grain boundary migration.

3. The observed drop in yield stress after annealing of



pre-strained specimens is attributed to the effect of
the transformation of non-equilibrium grain
poundaries to equilibrium grain boundaries and the
annihilation of dislocations in their vicinity.

The theoretical model developed to describe the the
kinetics of the transformation of non-eqguilibrium
grain boundaries to their equilibrium state involves
the annihilation of extrinsic grain boundary
dislocations (EGBDs) via climb along the grain
boundary plane.

The model predicts that the rate of annihilation of
EGBDs 1s dependent on the annealing temperature,
grain size and the dengity of EGBDs. The rate of
annihilation is higher at higher Lemperatures,
smaller grain sizes and higher instantancous density
of EGBDs.

The experimental variation of vield stress with
annealing time and temperature is in agreement with
the predicted variation of the density of EGBDs in
316L stainless steel.

The onset of the changes in the geometry of the grain
boundary nelwork correspond to the onset of the
annihilation of EGBDs as predicted by the model.

The Hall~-Petch analysis used on 318L stainless steel

g

Svdum to 22.4 um shows

i

in the grain gize range o
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9.

11.

that in the range of small strains (0 to 5B%) the
Hall-Petch parameter 00(&) increases linearly with
strain and the paramcler Klg¢) decreases linearly with
atrain.

The linear increase in OO(E) with strain has been
assocliated with the work-hardening wprocesses in the
grain interior and the long range stress field of
EGBDs.,

The decrease in Kleg) with strain occurs as a result
of the increased stress concentration created by the
increase in the density of HEGBDs.

The drop in the flow stress as a result of annealing
at 800°C of pre-strained specimens has been related

o the annihilation of dislocations at and in the

vicinity ot grain boundaries. The rate of
annihilation of dislocations decreases with

increasing grain size and therefore the extent of the
drop in [low stress also decreases with increasing

grain size.
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APPENDIX A

IMPLEMENTATION OF METALLOGRAPHIC TECHNIQUES ON AN
IMAGE ANALYSIS BSYSTEM

The computer program developed for the measurement of

intercept lengths is described schematically by the §flow

.

oo 5

chart given 1in figure {A.l1}. The technique involves tLhe

generaltion of an image of a grid of parallel lines which is

superimposed in three differenl orientations 120° apart on

the image of grain boundaries. The individual intercepts are

obtained by loegical combinations of the image of grain
)

boundaries with the image of the grid (sece figure A.2). The

intercepts are then measured by counting the number of pixels

on each interceplt. However, such a procedure can lead to

large ervors if the apecimen image consists of
] X (3

polishing/cetching artifacts (e.g., etch pits) within the

grains. In the case of fine grain size specimens, tLhe
intercepts generated will be very small in size. Since the
individual pixels on each intercept have a [inile size,
gsmailer the intercept larger would be the error in estimating
its length.

The polishing/efching artifacts can be eliminated by a
suitable image procegsing procedure. For example, Lhe
artifacts wvisible in the image of fisure {(A.3a) have been

completely removed, as can be scen in figure (A.3b). The
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START

GENERATION OF A GRID OF .
L PARALLEL SECANT LINES
—HORALLEL SALARL RS

STORE IMAGE IN MEMORY A

Y
PROCESS LIVE IMAGE 0OF GRAIN
BOUNDARIES AND STORE IN MEMORY B

Y
LOGICAL COMBINATION
OF IMAGES A AND B

(AN B & C
RESULTS IN THE INTERCEPT IMAGE ?

REMOVE INTERCEPTS WHICH
DO NOT END ON A BOUNDARY

[ COMPUTATION OF INTERCEPT
LENGTHS BY PIXEL COUNTING

NO

THIRD
GRID GENERATED
YES

STATISTICAL ANALYSIS
STOP)

Figure A,1: Flow chart of the program developed for intercept
length measurements.
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(b) (c) (d)

(e) (f) (g)

Figure A.2: The logical combinations of the grain boundary
image shown in {a} with the images of the grid of parallel
lines in three different orientations 120° apart, shown 1in
{b), (e} and {d) proeduce the images of the individual
intercepts shown in (e}, (£} and (g) respectively.

162




(a)

Fisure A.3: Grain  boundary image: {a) consisting of
polishing/etching artifacts, (b) the artifacts have been
removed after image processing, and {c) thick grain
boundaries have been thinned,.
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ine grain size

=

=t
ey

measurement ervor introduced in the case of
specimens can be rveduced by choosing a higher magnification.

it in a diffused

However, toce high & magnification re
contrast (for example, broadening of grain boundaries) which
can again lead to a decreage in the precision of
measurements. The program minitmises this errvor by employving a
thinning procedure which thing thiclk grain boundariecs as
shown in Tigure {A.3¢). Purther precision in the measuremecnts
was obitained by eliminating the intercepls which do not end
on & grain boundary. The program thus developed produces
results with a high degree of reproducibility.

Figure (A.4) illustrates the program developed for the
measurements of dihedral angles, grain boundary length and
grain  boundary curvature. This program reguires operator
interaction for determining Uhe positions of the friple
points on an image of grain boundaries displayed on tLhe
screen, The selection of the curved grain boundaries is also
dependent on operator Judgment . The details of the
measuremnent procedure of the above metallographic parameters
have been described earlier {(secltion 3.4, figure 3.4}). Since
this program requires operator Jjudgment, the precision of the
measurenents depends on operator bias. However, the program
allows for correction of the selected positions of the triple
peoints. Since a large number of measurements can be made

easily, a high measurement precision can be obtained,
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in equation {B.1) can be rewrit

N »
ain G dt R
e {B.5
a + b ocos@

. 2 - . - . . .
where a = 7 + L7 and b = Zr L. Making the gubstitution, x
a + b cos@, the above integral becomes:

a-b

A, 4 dx

(B.6)

N . - B ; 2 & . 7 ~ - o
where X = A + Bx + Cx™, A = b” - & B = Za, and C = -1. The
solutions to 1t} equation (B.6) is  given
below (Speilgel 19685

- = (B.7)
Vo |x|va

a-n
i . ~1[ 2Cx + B J o1 e ~1[ Bx + 2A J
i e 5100 Bl 4 4~ win
- ’ a+h

where g = B° - 4AC. Substituting the wvalues of A, B and C in
integral (B.7), the final solution of the integral (B.4) can
he written as

Sinzé ad

5 - e - {R.8)
] v 4+ LT 4+ Zr L cos@ LT " "
0 "o o

for » « L.



Yt

z a4 . :
P2 L ocost

o1 + LI
o J G (B.9)

in equation (B.1) can be simplified as

i
j In{a + b.cosd) dB (B.10)
0

integral

L7 .
. - jJ x Z Ii 53] . o
where & = 1 + 3 and h = i The solution of
T 0
O

(B.10) is as follows {(Speigel 1868):

Ta + (a” - po)E :
7t Xk}( - 25 J {B.11}

Substituting the wvalues of a and b in equation {B.11), the
solution te the integral {(B.9) is given by

Jt S R 2r L cog8 T
] de = ~ 2 ﬁn(w%J (B.12)

' T + L
J En[ 2 - “
2
0 r
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Substituting equabions (B.2), (B.3), (B.8) and {B.12) in
intion (B.Ll}, the average vacancy concentration near the

Cous

triple point A is given by the following equatlon:

S [E ) Gbvp [, (Fg PR Vit
Cleg) = Cb " TCiprEr R e U

i
" s o] L - . . }
Since i « 1, eguation {B.13}) is reduced fto equation {(4.8a,
which gives the average vacancy concentration near triple

point A:

e " r
é{ru) = Co{l - Eﬁf%?§€ET { 1 - 2 ﬁn( e }]} (4.8a)

Similarly, using equations (4.6b}) and (4.7) the average
vacancy concentration near triple point B (figure 4.11a) can

also be derived:

. X s
ol . b oo lbVe 2 pal -2 (4.8
C{rD} £ CO 14 TROT=p) BT [ 1 2 &n[ i J} {4.8b)
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